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0.1 Abstract

Metal halide perovskites (MHPs) make up a class of materials that have the
potential to revolutionize thin film industry. MHPs for perovskite solar cells
(PSCs) such as MAPbI3, FAPbI3 or CsPbI3 have high absorptivity due to direct
band gaps in the visible region, exhibit high charge carrier mobilities and high
defect tolerance. However, research on PSCs strongly focuses on solution-based
techniques. Even though thermal evaporation has demonstrated high efficien-
cies and up-scaling potential it is largely disregarded. Accordingly, a knowledge
gap exists between solution-based preparation and properties of perovskite thin
films prepared by these techniques and their counterparts prepared via thermal
evaporation. For example, the fundamentals of the interplay between variable
preparation conditions and processing schemes during thermal evaporation and
their impact on film properties have hardly been explored, yet.

Thus, this thesis contributes four peer-reviewed publications on thermal evap-
oration of MHPs unraveling fundamental insight into the limiting boundaries and
prospects of this deposition approach. The use of an in situ X-ray diffraction
(XRD) setup enables the analysis of the crystal phase evolution during evapo-
ration and annealing processes. This way, the initial nucleation, the evolution
of secondary phases and the stoichiometry- and diffusion-limited boundaries for
single-phase perovskite growth are explored for the first time and correlated to
film properties and device performance.

In [H1], the impact of varying process schemes and conditions on the film
formation of MAPbI3 absorbers and the performance of the resulting PSCs is
investigated. Flux variations are used to produce seed layers and stoichiometry
variations in the perovskite bulk for PSCs in the standard n-i-p structure. With
the in situ XRD, we are able to evaluate the initial nucleation and the develop-
ment of secondary phases such as PbI2 and relate these to improvements in device
performance.

As a follow-up work, [H2] aims to transfer the results obtained in [H1] to the
requirements of PSCs in the inverted p-i-n architecture. The comparison between
n-i-p and p-i-n devices can be utilized to separate the influence of varying pro-
cessing conditions on the initial film formation and bulk growth from interfacial
effects occurring at the interfaces to the charge contact layers. In [H2], the impact
of different novel dynamic processing schemes applying pre/post-deposition steps
of MAI and PbI2 precursor layers is investigated. Two plausible hypotheses of the
working principle behind the device improvement based on electronic models are
given. By employing novel dynamic evaporation schemes to both standard n-i-p
and inverted p-i-n structures, an optimized, dynamic growth path is presented
for the first time, that allows for improved charge extraction and performance in
PSCs.

Due to their advantageous properties compared to MAPbI3, PSCs based on
FAPbI3 find higher recognition for future PSC applications. Since FAPbI3 is prone
to grow in and/or transition to its undesired, photo-inactive δ phase necessitating
an annealing step in common processing schemes, special interest lies in suppress-
ing the δ phase in favor of the α phase at low energy input. In [H3], absorbers
based on FAPbI3 are co-evaporated with varying precursor ratios. With the in
situ XRD, the phases in the growing film are analyzed, aiming at the suppres-
sion of secondary phases and the stabilization of single-phase FAPbI3 perovskite.
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The growth behaviour at room temperature as influenced by bulk stoichiometric
variations (FAI/PbI2 ratio) and compositional variations (introduction of com-
ponents CsI, PbBr2) is studied and detailed boundaries are determined to enable
single-phase α FAPbI3 formation.

Finally, in [H4] the limits of dynamic processing and the kinetics of the dif-
fusion and reaction of the precursor stacks for perovskites based on FAPbI3 are
studied in the context of sequential evaporation schemes. For this purpose, the
phase evolution of different precursor layer stacks is analyzed by in situ XRD
during deposition and subsequent annealing. Astonishingly, the same precursor
layers with constant individual thicknesses react differently when evaporated in
one stacking sequence compared to another. The reaction is dominated by the dif-
fusion of one specific species. The detailed phase analysis via in situ XRD allows
for the proposal of several processing schemes to optimize the diffusion/conversion
of perovskite absorbers based on FAPbI3 in sequential evaporation approaches.

The results presented in this thesis unveil the unexplored potential of dynamic,
non-stationary co-evaporation schemes for MHP thin films, give fundamental in-
sights into the phase evolution during growth and derive important recommenda-
tions for the future application of optimized growth schemes for perovskite solar
cell absorbers.
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1 Introduction

Perovskites were first defined through the discovery of CaTiO3 by Gustav Rose
in 1839 [1]. Lead halide perovskites, or more generally metal halide perovskites
(MHPs) are a subgroup of the perovskite material group defined by its ternary
formula ABX3. In MHPs, A and B represent monovalent (e.g. methylammonium
MA+) and divalent (Pb2+) cations, respectively, and X is a monovalent anion
(I–). MHPs such as MAPbI3 are highly interesting for solar cell use due to their
band gap energy in the visible region, their ambipolar behavior and high ab-
sorptivity due to a direct band-to-band transition enabling their use in thin film
solar cells. Additionally, perovskite solar cells (PSCs) promise to be cheap, be-
cause their components are abundant and they can be prepared at relatively low
temperatures requiring low energy usage.

To-date, the solar cell market is dominated by Si. However, the efficiencies
of solar cells based on Si are ever so close to their theoretical efficiency limit,
plateauing at just below 27 % for the last 6 years [2]. For further innovative
progress, this stagnation demands for new materials such as MHPs. PSCs have
almost caught up in efficiency with SCs based on Si. Following the first publi-
cation on PSCs by Kojima et al. in 2009 [3], their power conversion efficiencies
have sky-rocketed reaching 26 % by mid 2023 [2]. To-date the greatest beneficiary
of the steep development of PSCs is the monolithic MHP/Si tandem solar cell,
increasing its efficiency from 23 % to 33.9 % from 2017 to 2023 [2].

An environmental issue concerning PSCs is the usage of Pb, which is highly
toxic due to its harmful effect on the human body functions [4]. Pb-free PSCs are
in development by replacing Pb with Sn [5], but their efficiencies and stability lag
behind when Pb is completely omitted [6]. Even though multifaceted encapsula-
tion techniques are being investigated to prevent the leakage of the water-soluble
Pb [7], the final disposal of the modules needs to be thought through and recy-
cling must be promoted in parallel to the high development of high efficiencies [8].
Furthermore, the greatest challenge for PSCs is their stability, because they suffer
from several intrinsic degradation mechanisms that are accelerated under envi-
ronmental conditions such as heat, moisture and light [9, 10]. However, great
improvements have been made from the complete degradation of a PSC within
a few hours [11] to a preservation of 100 % of the inital ∼15 % efficiency after 10
months of continuous outdoor testing under operation [12].

Due to their immense potential and fast evolution, it seems that PSCs are
on the verge of commercialization - with companies such as Oxford PV, Meyer
Burger and QCells heavily investing into their research. At this point the deci-
sive factor determining the most feasible preparation technique is its ability to be
upscaled for production. Most groups apply easy to handle solution-based spin-
coating techniques which provide many advantages on the lab-scale, but cannot
be transferred to larger scale production. On the other hand, MHPs prepared
via evaporation have an upscaling potential which is comparable to other estab-
lished inorganic photovoltaic technologies [13]. However, works focusing on the
evaporation of MHPs make up less than 1 % of their publications [14].

Therefore, one of the main goals of this thesis is to improve the knowledge
on the preparation of MHPs by evaporation and to optimize the process conduct
for MHP absorbers for the use in solar cell devices. MHP layers in this work are
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prepared via thermal evaporation in a vacuum chamber which has the intrinsic
advantage of allowing for scalability. The flagship of our experimental setup is
an in situ X-ray diffraction (XRD) measurement directly attached to the vacuum
chamber. Since layer growth is slower during evaporation compared to solution-
based techniques, this allows for real-time display of crystallization and phase
evolution during growth which is a unique analysis method for evaporated MHPs.

The herein drafted publications take advantage of the evaporation technique
by deliberately varying the individual precursor impingement rates to identify
the most advantageous stoichiometric conditions. This allows for the optimiza-
tion of bulk and interfacial growth by controlling the nucleation conditions and
allocating stoichiometric regimes for single-phase growth. The first two publica-
tions [H1,H2] focus on the quirks of MAPbI3 deposition via co-evaporation of two
materials: lead iodide (PbI2) and methylammonium iodide (MAI). The growth
of MAPbI3 can be hard to control due to the dissociation of MAI during evap-
oration, rendering a high chamber pressure. Consequently, the MAI impinges
the sample as several subproducts, which strongly influences adsorption behav-
ior. In [H1], we use this behavior to control the MAI flux by monitoring the
chamber pressure closely. This way, we find an optimum MAI/PbI2 ratio for bulk
growth in terms of PSC efficiency. Via in situ XRD, we observe the growth of
PbI2 before MAPbI3 crystallization. Therefore, in a second series, we employ
a PbI2 precursor and vary the MAI evaporation onset time. We find optimized
conditions for the MHP absorber and achieve up to 14 % efficiency in an n-i-p
structure. In [H2], we apply these results to a p-i-n structure and find the same
process conduct to be detrimental for this PSC. Instead, an MAI precursor and
a PbI2 post-deposition step yield the best results. On the basis of these results
two thought models are developed to explain this optoelectronic behavior.

[H3] investigates the thermal evaporation of FAPbI3. By replacing MA+ with
formamidinium (FA+), the intrinsic and thermal stability of the material can be
improved, since the FA+ component is less volatile than MA+. However, due to
the greater size of FA+ compared to MA+, the perovskite lattice is dilated. Thus,
FAPbI3 exhibits competing cubic (Eg∼1.45 eV) and hexagonal (Eg>2 eV) phases
at room temperature. For solar cell applications, the cubic phase needs to be
incentivized. In [H3], we investigate the influence of stoichiometry in FAPbI3,
(Cs,FA)PbI3 and (Cs,FA)Pb(I,Br)3 on the preferentially grown phases and iden-
tify stoichiometric regimes in which phase segregation and/or single-phase growth
are promoted.

The subsequent publication [H4] analyzes sequential evaporation schemes of
FAPbI3, (Cs,FA)PbI3 and (Cs,FA)Pb(I,Br)3. Sequential evaporation promises
high control due to consecutive precursor deposition and reduced energy expen-
diture due to low annealing temperatures. In [H4] the interfacial reaction and
diffusion behaviors of the precursor layers CsI, FAI, PbI2 and PbBr2 are exam-
ined when deposited in different orders and the results suggest clearly dominant
diffusion paths and resulting boundaries for sequential evaporation.

This thesis begins with an introduction to the properties of the herein studied
MHPs in section 2 Perovskites for Photovoltaics. The properties of MAPbI3
and FAPbI3 as well as the issue of degradation are discussed in detail and a sum-
mary of the literature on perovskite deposition via evaporation is given. Section
3 Experimental Methodology introduces the theory on film formation from

2



the vapor phase and gives an overview of the experimental setup and methods
used. In 4 Results and Discussion the main publications are presented and
contextualized by respective opening remarks and closing discussions. Additional
results of [H5,H6] are briefly discussed. The last section 5 Summary concludes
this thesis.
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2 Perovskites for Photovoltaics

The efficiency of perovskite solar cells (PSCs) has greatly improved over the
last decade. A brief look at the national renewable energy laboratory (NREL)
efficiency chart [2] shows that PSC efficiencies have quickly made up ground
compared to Silicon-based SCs. This is greatly due to the possibilities of modern
engineering - which did not exist when Si SCs were first researched. However,
the PSCs’ fast development is also promoted by the metal halide perovskites’
(MHP) chemical versatility, which enables component substitution and mixing to
improve their band gap and enhance stability as well as defect tolerance.

The publications within this thesis presented in section 4 Results and Dis-
cussion focus on the evaporation of two fundamental MHP materials: methylam-
monium lead iodide (CH3NH3PbI3 or MAPbI3) and formamidinium lead iodide
(CH(NH2)2PbI3 or FAPbI3). In the following section, a brief general introduction
is given on MHPs. Then, a literature overview of the properties of MAPbI3 and
FAPbI3 is established, as well as a summary of their status quo in research. At
last, the vacuum evaporation of perovskites and their components are discussed
with respect to the literature.

2.1 Introduction to Halide Perovskites

Organic-inorganic metal halide perovskites can be described by the sum formula
ABX3. A and B are monovalent and divalent cations, respectively, and X is a
halide anion as given in table 2.1. The perovskite crystal structure is built from
a network of corner-sharing BX6 octahedra, in which the cuboctahedral centers
are each occupied by an A-cation. The simplest crystal structure that can be
built from this octahedral network is cubic. By exchanging components A, B
and/or X, the lattice can experience a dilation or stress, resulting in tilting of
the BX6 octahedra. The octahedral tilting induces a change in lattice structure:
At room temperature MAPbBr3 [15], FAPbI3 and FAPbBr3 favor a cubic struc-
ture and MAPbI3 takes on a tetragonal structure and CsPbBr3 [16], CsPbI3 [17]
an orthorhombic lattice, to name only a few. However, ABX3 compounds can
also assume non-perovskite low-dimensional (2D) structures e.g. for overly large
organic molecular cations such as dimethylammonium or guanidinium [18, 19].
Additionally, double or quartenary perovskites ABB’X6 such as CsAgBiBr6 are
being investigated [H6] [20], but to-date, they are not as relevant for PSCs since
their efficiencies have been far below the devices based on ternary ABX3 ab-
sorbers [H6].

To determine the capability of an ABX3 (or ABB’X6) compound to crystallize
in a 3D perovskite structure, the Goldschmidt tolerance factor τ in eq. 2.1 can be
used. It was originally used for oxide perovskites and expresses the stability and
distortion of the respective crystal structure depending on the ionic radii rion of
its components [21].

τ =
rA + rX√
2(rB + rX)

(2.1)

For about 0.8 < τ < 1, a perovskite structure is likely to be stable [28, 29]. rion
of the components employed in this thesis are given in table 2.2. However, for

5



A+ B2+ X–

CH2(NH2)2 (FA) Sn I
CH3NH3 (MA) Pb Br

Cs Cl

Table 2.1: Components for perovskite absorber compositions sorted by their ionic
roles of monovalent A-cation, divalent B-cation and monovalent X-anion in the
ABX3 compound. In theory, all combinations are interchangeable, e.g. FASnI3
[22] can be synthesized as well as CsPbI3 [23] or MASnCl3 [24].

Ion rion
MA+ 2.16 Å
FA+ 2.53 Å
Cs+ 1.74 Å
I− 2.2 Å

Br− 1.96 Å
Cl− 1.85 Å

Pb2+ 0.98-1.03 Å

Table 2.2: Ionic radii rion of perovskite components within the perovskite crystal
structure [25–27].

ABX3 compounds in which X is a halide, τ predicts the ability of the compound
to form a perovskite structure with a precision of only about 50 % [28].

An auxiliary value to predict the formation of a perovskite structure is the
octahedral factor µ. It predicts the ability of B and X to form BX6 octahedra
via the relation µ = rB/rX . For 0.41 < µ < 0.73 octahedra formation is
anticipated and, thus, a perovskite structure is expected [28,29]. This leads to a
maximum prediction accuracy for compounds forming (non-)perovskite structures
of ∼80 % [30] to ∼85 % [28] depending on the approach.

Bartel et al. introduced an improved tolerance factor τBa, which incorporates
the octahedral factor and includes the oxidation state nA of the A-cation as given
in eq. (2.2) [28]. This improved the prediction accuracy to ∼92 %.

τBa =
rX
rB

− nA

(
nA − rA/rB

ln(rA/rB)

)
(2.2)

From the theoretical investigations of τ the formation of 100.000 perovskite com-
pounds was predicted [30], while from τBa 20.000 new ABB’X6 compounds were
anticipated [28]. These numbers indicate an enormous phase space of new com-
pounds to be investigated experimentally.

The investigated viable ABX3 compositions for PSCs have individual proper-
ties including band gap energies Eg that shift with the exchange of single compo-
nents. Eg is strongly determined by the B-X-B bond angle, which mainly depends
on the steric properties and bond lengths of the B and X components [31]. Ac-
cordingly, the Eg for the materials mentioned in tab. 2.1 can shift from 1.45 eV
for large A, B and X in FASnI3 [32] to 3.06 eV for CsPbCl3 [33].

In MAPbI3 and similar compounds, the valence band maximum is provided by
I5p and Pb6s orbitals, whereas the conduction band minimum consists of Pb6p
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orbitals [31]. Even though A-cations do not directly contribute to photoexcitation
of electrons, they influence Eg by inducing different octahedral tilt angles (see
section 2.2.1) and therefore B-X-B bond angles [34].

Owing to their similar nature, in modern PSCs A-cations and halides are
often mixed to form compounds such as (Cs.05FA.8MA.15)Pb(I.8Br.2)3 to increase
their stability and alter the absorber properties. This property can be used
to optimize their Eg to obtain efficiencies closer to the Shockley-Queisser limit
for single-junction PSCs [35]. Shifting Eg is especially interesting for tandem
solar cells with Si, since the sub-cells need to be current-matched. Si/Perovskite
tandem cells have reached a record efficiency of 33.2 % in 2023 [2].

Vegard’s law in eq. 2.3 can be used to describe the change of lattice parameters
a during mixing of two components V and W with a composition of V1−xWx.

a = (1 − z)aV + z · aW (2.3)

Noh et al. adapted Vegard’s law to calculate Eg with the addition of the bowing
parameter b in the quadratic expression in eq. 2.4 and determined the values
given in eq. 2.5 [36].

Eg[MAPb(I1−xBrx)3] = Eg[MAPbI3] + (Eg[MAPbBr3] − Eg[MAPbI3] − b)x + bx2

(2.4)

Eg(x) = 1.57 + 0.39x + 0.33x2 (2.5)

Componential mixing and doping can not only be used to optimize Eg, but also
to enhance structural and optical properties of the absorber. Local stoichiometric
variations in the layer can have a strong effect on the absorber and PSC char-
acteristics, passivating defects or enhancing charge extraction [37, 38]. However,
the features of the fundamental metal-halide perovskites MAPbI3 and FAPbI3
have first to be understood. Therefore, the following section focuses on these two
compositions.

2.2 Organic-Inorganic Perovskite Absorber Properties

The first perovskite solar cell (PSC) was produced in 2009 by Kojima et al., who
used the design of a dye-sensitized solar cell [3]. MAPbI3 and MAPbBr3 nanopar-
ticles were deposited in an 8-12µm thick mesoporous TiO2 structure via spin-
coating and reached a short-term maximum efficiency of 3.81 %, which decayed
rapidly. Since then, the device architecture has evolved substantially and the total
active device thickness of a single-junction PSC is commonly <1µm [39] [H1,H2].

MAPbI3 was the first absorber used in a PSC and its properties are best
researched. It is a good candidate for PSC devices [40, 41] and principal investi-
gations on perovskites [42, 43]. Modern perovskite photovoltaics are dominated
by absorbers based largely on the organic molecule formamidinium (CH(NH2)

+
2 ,

FA) - mostly in an optimized triple-cation configuration [44]. Among other prop-
erties, FAPbI3 offers an intrinsically more stable compound against heat [45] and
light [46], while having a lower bandgap and exhibiting absorption [47] and dif-
fusion [46] properties comparable to MAPbI3.

Therefore, this section describes the features of MAPbI3 in terms of (1) struc-
tural properties (2) optoelectronic properties and (3) stability under various con-
ditions and gives a comparison to the qualities of FAPbI3 in each of these these
domains.
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Figure 2.1: Schematic presentation of the tetragonal MAPbI3 crystal structure
in a- (left) and c-directions (right). The displayed perovskite structure consists
of lead (grey), iodide (violet), carbon (brown), nitrogen (lightblue) and hydrogen
(white) atoms. The octahedral rotation around the c-axis can be seen in the right
image. Created using Vesta [57] from structural parameters in [58].

2.2.1 Structural properties

MAPbI3

Temp. [K] Structure Space Group Constants [Å] Angles [◦]
0-150 Orthorhombic Pnma a=8.91, b=12.68, c=8.66 α=90

150-313 Tetragonal I4cm a=8.86, c=12.65 α=90
>333 Cubic Pm3̄m a=6.31 α=90

Table 2.3: MAPbI3 crystal structures and lattice parameters for orthorhom-
bic [48], tetragonal [49] and cubic [50, 51] phases at 150 K, 298 K and 373 K,
respectively.

MAPbI3 crystallizes in a tetragonal structure at room temperature [52] and
exhibits a phase transition at 310 K-330 K to its cubic phase [50] and at 120-
150 K to its low-temperature orthorhombic phase [53]. The respective lattice
parameteres of all three phases are listed in table 2.3.

All MAPbI3 lattice structures can be described as a combination of two build-
ing blocks: the inorganic PbI 4–

6 octahedron and the organic MA+ ion. The tetrag-
onal structure is displayed in fig. 2.1. The MA+ is positioned within a cuboc-
tahedral cage consisting of corner-sharing PbI 4–

6 . The octahedra are sometimes
termed PbI3 to underline their local charge and corner-sharing feature [54, 55].
This term defines the same geometrical construct as PbI 4–

6 . Here, the octahedra
are termed PbI 4–

6 to emphasize their geometrical construct keeping the fact in
mind that each I– is part of two octahedra.

MA+ exhibits a strong dipole moment with the positive charge concentrated
at the -NH3 site [56]. The differences between the temperature-dependent lattice
structures of MAPbI3 mainly arise from the increasing thermal motion of the MA+

with higher temperatures resulting in different tilt angles between the inorganic
octahedra [59]. In the tetragonal and orthorhombic structures, the inorganic oc-
tahedra are tilted (Pb-I-Pb angles below 180◦) allowing a dilation of the lattice.
This ilation is caused by H-I bonds producing three I-sites closer to the -NH3 side
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of MA+ and three I-sites further away on the -CH3 side [59,60]. Therefore, in the
orthorhombic structure the MA+ is localized off the cuboctahedral center and its
orientation is fixed due to the strong H-I bonds on the -NH3side. In the tetrag-
onal structure, the H-I bonds are weakened due to increasing thermal motion of
MA+. The MA+ is displaced slightly off-center and restricted to eight different
orientations around the c-axis and free rotation around the C-N bond [60,61]. In
the tetragonal phase, the only positional irregularity of the PbI 4–

6 octahedra is a
rotation around the c-axis [62].

Since solar cell operating temperatures range from 0 to 85◦C [63, 64], the
most interesting transition for electronic devices based on MAPbI3 is from the
tetragonal to the cubic phase. This transition is continuous, resulting from the
dilation and increase of Pb-I bond lengths along a- and b-axes relative to the
c-axis of the tetragonal unit cell [59]. At the same time the MA+ shifts towards
the cuboctahedral center and assumes one of eight identical positions (x,y,z) to
satisfy symmetry [48]. In contrast to the lower temperature phases, the cubic
phase allows for quasi-free rotation of MA+ on the picosecond time scale [56, 61]
and octahedral tilting is revoked [50].

As mentioned in section 2.1 the octahedral tilting determines the Pb-I-Pb
bond angle. An increase in the angles causes a reduction in Eg and a decrease in
the angle increases Eg [31]. Consistent with the dependence of Eg on the tilt angle,
experiments have shown Eg is higher in the MAPbI3 orthorhombic (∼1.69 eV)
than in the tetragonal structure (∼1.58 eV) [65]. However, this correlation is more
complicated for the tetragonal-cubic phase transition and the thermal change of
Eg within one lattice structure.

When increasing the temperature while remaining within the borders of a
structural transition, the change of Eg can be described by eq. (2.6) [66].(

dEg

dT

)
p

=

(
dEg

dT

)
V

+

(
dEg

d ln(V )

)
T

(
d ln(V )

dT

)
p

(2.6)

The first term represents electron-phonon coupling due to lattice deformations
resulting in a decrease in Eg with increasing temperature. The second term ac-
counts for lattice dilation which causes an increase in Eg. For most inorganic
semiconductors the electron-phonon coupling dominates, leading to a decrease of
Eg for increasing T . However, the volume expansion coefficient in the tetrago-
nal phase of MAPbI3 is estimated at 3.83 × 10−4 K−1, which is 50 times higher
than for Si (3 × 10−6 K−1) [65]), which leads to an increasing Eg with tempera-
ture [52, 67] compared to other semiconductors, in which the Eg decreases with
higher temperatures [68]. From 20◦C to 80◦C, the bandgap of MAPbI3 rises from
1.595 eV to 1.605 eV [52] by lowering of the valence band maximum.

FAPbI3

FAPbI3, similar to MAPbI3, exhibits a cuboctahedral corner-sharing PbI 4–
6 struc-

ture determined by octahedral tilting. The structure encompasses the large or-
ganic cation FA+ [69]. It has four polymorphs, of which β (below 151 K) and
γ (below 91 K) represent the low-temperature orthorhombic and tetragonal struc-
tures, respectively. At temperatures above 151 K, FAPbI3 can crystallize in α and
δ phases. Both crystal structures are displayed in fig. 2.2. The cubic (earlier
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Figure 2.2: Schematic presentation of FAPbI3 cubic α (left) and hexagonal
δ (right) crystal structures. The displayed atoms are lead (grey), iodide (vio-
let), carbon (brown), nitrogen (lightblue) and hydrogen (white). Created using
Vesta [57] from structural parameters in [70] and [71] for α and δ phases, respec-
tively.

reports referenced the phase as trigonal [71]) α phase is needed for solar cell op-
eration [72], but suffers from a phase transition to the less favorable δphase due
to the large tolerance factor of t =1.04 (see eq. (2.1)). A structural summary of
all phases can be found in table 2.4.

When reducing the temperature from 300 K to 250 K in the stabilized α phase,
the lattice shrinks and Eg is reduced by about 0.017 eV [73]. As in MAPbI3, the
transition to the lower temperature tetragonal phase of FAPbI3 decreases its Pb-
I-Pb bond angle below 180◦ and increase the bandgap due to weaker orbital
overlap.

In the cubic α phase the FA+ agitates around an equilibrium position in which
-NH2 groups point at opposite faces of the octahedral cube [74]. Other than MA+

which exhibits a strong dipole moment, FA+ interacts weakly with the inorganic
sublattice forming weak FA-I bonds [46]. The weak dipole moment of FA+ is
due to its homogeneously distributed electron density along the N-C-N bond
and its resonance stabilization [75,76]. Consequently, the FA+ orientation is not

Temp. [K] Phase Structure Space Group Constants [Å] Angles [◦]
<140 γ tetragonal P4/mbm a=8.87, c=6.28 α=90

140-285 β tetragonal P4/mbm a=8.90, c=6.31 α=90
285-423 δ hexagonal P63mc a=8.66, c=7.90 α=90, γ=120
>285 α cubic Pm3̄m a=6.36 α=90

Table 2.4: Temperature-dependent lattice structure parameters of FAPbI3 [71,77].
The cubic α phase exists at room temperature, but intrinsically transforms to the
δ phase, if not artificially stabilized [69]. The α phase is intrinsically stable above
Ttrans=423 K=150◦C.

stable, but still limited to certain orientations. It transitions rapidly along these
orientations, performing 90◦ flips on a picosecond time scale [74]. The cubic phase
in basal FAPbI3 at ambient conditions is only stable above Ttrans=150◦C [78]. It
undergoes a transition to the thermodynamically more stable δ phase below Ttrans
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and in a humid environment, if not artificially stabilized [77]. This is mainly due
to lattice stress in the (111) direction in the α phase, which is reduced by the
phase transformation [27].

The FAPbI3 δ phase is a non-perovskite phase since it exhibits a face-sharing
octahedral structure [79]. It has a high Eg along with low absorption and con-
ductivity, rendering it unfavorable for PSCs. During solar cell operation, the
absorber qualities suffer strongly from α→δ transition (see section 2.2.3), which
is why many works report on the stabilization of the FAPbI3 α phase [79–83]. To
combat the unwanted phase transformation, fabrication methodologies termed
composition engineering [84] [H3], dimensionality engineering [85], strain engi-
neering [H3] [27] and crystallization modulation [86] are used.

A general approach to suppress the transformation to the δ phase is to lower
the Goldschmidt tolerance factor of FAPbI3 by alloying with MA, Cs or others.
MA and Cs occupy the same lattice sites as FA and due to their smaller sizes
the effective ion radius is reduced. Therefore, the overall tolerance factor of the
mixed-cation perovskite drops to the range of 0.8-1. Additionally, the stronger
dipole moment of MA+ increases structural stability. Thus, Ttrans is reduced to
125◦C and the transformation barrier to the FAPbI3 δ phase is greatly increased
even below the Ttrans [87].

2.2.2 Optoelectronic properties

Strong absorption, high conductivity and defect tolerance are only some of the
optoelectronic properties that make organic-inorganic perovskites special and at-
tractive for solar cell applications. Here, their charge carrier dynamics are ex-
plained in terms of carrier creation via absorption, subsequent recombination
dynamics, the influence of self-doping on the charge carrier characteristics as well
as the occurring hysteresis phenomenon.

MAPbI3

The absorption of photons in MAPbI3 is based on a direct bandgap provided by
I 5p - Pb 6s antibonding orbitals for the valence band maximum (VBM) and by
the Pb 6p orbital for the conduction band minimum (CBM) [31]. The organic
cation has an indirect influence on Eg by its steric properties and is essentially
decoupled from free charge carrier transport which occurs in the inorganic sub-
lattice [88]. Halide substitution with Br can be employed to steadily increase the
Eg in a mixed-halide absorber MAPb(I,Br)3 according to eq. (2.5). Compared to
MAPbI3, the valence band is lowered in MAPb(I,Br)3. In the Br-rich absorber
MAPbBr3 the conduction band is lifted compared to MAPb(I,Br)3 [89] increasing
the bandgap to a maximum value of 2.3 eV [90].

MAPbI3 exhibits a steep absorption onset with an Urbach Energy of 14 meV
[91,92] at its bandgap energy (Eg) of 1.6 eV [93]. The absorption coefficient rises
from 1× 104 at Eg to 1× 105 cm−1 at photon energies ≥2.5 eV. The Eg is 0.4 eV
larger than the optimum according to Shockley-Queisser, but is still in a good
position for single-junction solar cells, allowing for a theoretical solar cell efficiency
above 30 % (compared to 34 % for the absolute theoretical maximum) [35].
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FAPbI3

Many advantageous properties of MAPbI3 can also be found in FAPbI3. Along
with a low Urbach energy of 15 meV (or even 13 meV, if prepared in a specific
way [94]), slightly stronger absorption than MAPbI3 in the visible region from
1×104 cm−1 to 1×105 cm−1 [95], absorption edge at 870 nm [96], greater diffusion
lengths [47, 78, 97], FAPbI3 has a direct bandgap with an Eg of 1.45 eV, more
suitable for single-junction solar cells.

Similar to MAPbI3, valence band maximum (VBM) and conduction band
minimum (CBM) consist of I(5p)/Pb(6s) and Pb(6p) orbitals, respectively [31,
98]. However, the density of states in FAPbI3 is higher at the VBM due to extra
contribution from the I(5s) orbitals.

The low Eg of FAPbI3 could be one of its greatest advantages. When alloying
with Sn to produce a mixed FAPb0.5Sn0.5I3 perovskite, its Eg can be reduced
even further to 1.2-1.28 eV [99,100]. This so-called band gap bowing occurs, even
though the pure FASnI3 as well as FAPbI3 have a higher Eg than the mixture.
For the mixture of two compounds at a proportion of x, Eg is described by
eq. 2.7 [101]. Herein, the bowing parameter b describes the deviation from the
linear relationship as given by Vegard’s law in eq. (2.3). For FA(Pb1–xSnx)I3 b is
0.73 eV [102]. For a mixed absorber (MA0.24FA0.65Cs0 · 15)(Pb0.35Sn0.65)I3) a low
Eg of 1.23 eV was obtained [103].

Eg = (1 − x) · Eg(FAPbI3)+x · Eg(FASnI3) + bx · (x− 1) (2.7)

This can make FA-based cells interesting as bottom cells for perovskite-perovskite
tandem applications as well [99, 104, 105]. A-cation substitution increases not
only structural stability, but also electronic properties. FAPbI3 has been doped
with 15 % MA+ to suppress α→δ phase transition from 25 to 250◦C [76, 106].
No lattice shrinkage or change in Eg was observed, but the free charge carrier
lifetime increased from ns to several μs, possibly by decreasing the number of
grain boundaries. The benign property of MA+ was attributed to its dipole
moment which is ten times larger than that of FA+, stabilizing the octahedral
structure due to stronger I-H hydrogen bonds [76].

Recombination Characteristics

MAPbI3

Optoelectronic devices find their limitations in the recombination of free charge
carriers. Polycrystalline thin films exhibit a large number of grain boundaries at
which defects may accumulate forming carrier trapping/recombination centers.
Recombination processes can be distinguished in terms of radiative and non-
radiative paths, of which the non-radiative processes mainly limit free charge car-
rier transport as their life times are lowest. Non-radiative recombination processes
include Auger recombination, defect-assisted recombination (Shockley-Read-Hall
(SRH)), electron-phonon interactions and carrier-carrier-scattering. SRH recom-
bination occurs via defects that are located ”deep” in (close to the center of)
the band gap, meaning that electrons and holes have to overcome similar energy
differences in order to recombine at such a defect. The charge carriers reach the
deep defect via a string of phonon interactions, strongly facilitating non-radiative
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recombination. The rate of SRH recombination depends on the concentration of
deep defects in the band gap and their capture cross sections as well as electron
and hole concentrations. During Auger recombination, the excess energy dur-
ing a non-radiative band-to-band transition results in a kinetic excitation of an
electron within the conduction band (or hole within the valence band), which sub-
sequently dissipates its excess energy by interacting with the atoms in the lattice.
SRH recombination is the dominant mechanism at lower carrier concentrations,
Auger recombination dominates for higher concentrations, because three charge
carriers participate during Auger recombination and its rate therefore depends on
the multiplied concentration of these three charge carriers (electron-electron-hole
or electron-hole-hole) [107]. Si solar cells are doped to reduce SRH recombina-
tion, which in turn increases Auger recombination. This limits their maximum
PCE to ∼29 % compared to their SQ-limit of ∼33 % [108]. In contrast, MAPbI3
exhibits greatly reduced Auger-recombination at operating conditions, enabling
low losses compared to the SQ-limit and a high fill factor of ∼90.4 % [108].

The external luminescence efficiency (Lext) indicates the probability of a re-
combination event to be radiative [108, 109]. Lext can be expressed in depen-
dence of radiative, SRH and Auger recombination via eq. 2.8, where Bint is
the internal radiative coefficient estimated for MAPbI3 at 1.34 × 10−10 cm3s−1

(for Si Bint,Si=3 × 10−15 cm3s−1 [107]), Pesc is the probability of escape of an
internally emitted photon, n is the excess carrier density, ASRH=τ−1

SRH is the
SRH constant, Ppar accounts for parasitic absorption and CAuger, estimated at
1.1 × 10−28 cm6s−1 [110] (CAuger,Si=1 × 10−30 cm6s−1 [107]), is the Auger coeffi-
cient.

Lext =
BintPescn

2

ASRHn + Bint(Pesc + Ppar)n2 + CAugern3
(2.8)

Of the different types of recombination paths radiative and Auger recombination
are intrinsic, enabling an assessment for the potential of a material to qualify
as a viable solar cell absorber. Pazos-Outón et al. assumed radiative and Auger
recombination (Auger limit) in their simulations of a PSC and found that the
maximum efficiency was barely affected compared to the case when assuming
only radiative recombination (radiative limit), showcasing the intrinsic potential
of MAPbI3 [108]. This is enabled by the fast decrease in Auger recombination
proportional to n3 from VOC towards the operating voltage. Radiative recombina-
tion decreases more slowly due to its n2 dependence. Even though VOC decreases
from radiative limit to Auger limit, the operating voltage can be closer to VOC

in the Auger limit compared to the radiative limit. This leads to an increased
fill factor (FF) and an almost equivalent theoretical efficiency of 30.45 % in the
Auger limit compared to 30.5 % in the radiative limit. For this effect the ratio of
radiative to Auger recombination in MAPbI3 is the deciding factor - Bint being
relatively large for MAPbI3.

However, in the presence of SRH recombination the operating voltage falls
more rapidly than VOC . Life times τSRH of ∼100µs are necessary to maintain
maximum efficiency [108]. Such life times have been realized for MAPbI3 single
crystals [111], but they remain one order of magnitude lower for real solar cells
and the FF remains below 0.85 [40, 112]. Nonetheless, Yin et al. have found
that intrinsic deep defects enabling SRH recombination in MAPbI3 have high
formation energies [113]. This enables long theoretical carrier life times. Deep
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defects include antisites IPb (I at a lattice site normally occupied by Pb), IMA and
PbI as well as the interstitial defect Pbi, all of which exhibit formation energies
above 3 eV according to Yin et al.

In general, solar cells absorbers can be doped to decrease SRH recombination.
However, this in turn increases Auger recombination [114]. The doping density
can be optimized so that overall recombination is minimized. For perovskite solar
cells the optimum doping density is low due to the large Auger coefficient, so the
potential reduction of the overall recombination by reduction of SRH recombina-
tion through doping is limited [108]. MAPbI3 exhibits several intrinsic shallow
defects that lead to self-doping [115]. In the following, the self-doping effect by
intrinsic defect types in MAPbI3 are discussed.

Self-Doping of MAPbI3

MAPbI3 is often assumed to be an intrinsic semiconductor, accordingly the junc-
tion for standard (inverted) PSCs is written as n-i-p (p-i-n) [116, 117]. How-
ever, MAPbI3 can exhibit strong n- and p-doping depending on its composition,
i.e. MAI/PbI2 ratio. This ratio is strongly influenced by film formation methods,
precursor composition and process conditions. Wang et al. grew a film from
a stoichiometric precursor solution and observed strong n-type doping with an
electron concentration of 1.28× 1017 cm−3, while a ratio of PbI2/MAI of 0.93 was
measured in the final layer - accompanied by p-doping of 4.0 × 10−16 cm−3 [115].
A later study by Hellmann et al. confirmed that MAPbI3 layers deposited via co-
evaporation exhibited n-type doping, independent of the substrate (p-type NiO or
n-type SnO2 [118]. This results in an n-p-heterojunction at the perovskite/HTL
interface, which is responsible for the VOC in the device [118]. Accordingly, the
main potential drop can be found at the perovskite-ETL junction in an MAI-rich
sample with p-type doping [119]. Thus, PSCs should be treated as n-n-p and
p-n-n devices instead of n-i-p and p-i-n, respectively [118].

Several types of defects are prone to appear that lead to doping, including va-
cancies, interstitials and antisites of all three components MA, Pb and I. During
PbI2 excess the three main defect types are: I– vacancy (VI, n-type), Pb intersti-
tial (Pbi, n-type), and MA+ vacancy (VMA, p-type) [113]. Due to relatively high
formation energies of Pbi and VMA the n-type doping in films with PbI2 excess is
ascribed to the VI vacancies caused by MAI insufficiency. The electron mobility
increases proportionally to the PbI2 excess due to an n-type doping [115, 120].
Upon strong MAI excess three defects dominate: Pb +

2 vacancy (VPb, p-type) due
to PbI2 insufficiency, MA+ interstitial (MAi, n-type) due to MAI excess and I–

vacancy (VI, n-type) due to I insufficiency [113]. Of these, VPb forms with the
highest probability and therefore the occurring p-type doping in MAI rich films
is attributed to this defect [115].

FAPbI3

In FAPbI3, spin-orbit coupling reduces Eg, induces band-splitting and enables
long carrier life times [121]. Reported experimental electron-hole life times range
from 700 to 1400 ps [122] and calculations found recombination to occur within
one ns [123]. Low trap densities of 1.13 × 1010 cm−3 and large hole carrier
mobilities of 35 cm2V−1s−1 were reported for FAPbI3 single crystals [124] and
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27 cm2V−1s−1 for polycrystalline films [125]. Diffusion lengths of 3.1µm [125]
and 25µm [126] were reported in polycrystalline films enabling free charge car-
riers to reach the electric contract layers and enable current extraction. Upon
mixing with Br the charge recombination rate constants can be further increased
according to calculations [125]. Yang et al. have significantly prolonged the life
time to 1105 ns by encorporating excess I ions which increased the crystallite size,
reducing the amount of grain boundaries and therefore the trap density [127].

FAPbI3 is prone to several defect types including vacancies, interstitials and
antisites of all components FA, Pb and I. Only the antisite defects FAI (FA at
an I lattice site), IFA, IPb and PbI as well as the interstitial Pbi cause deep defect
levels in the bandgap [128].

All defects implying Pb displacements have very high formation energies in
Pb-rich, I-rich and stoichiometric conditions, which makes their contribution to
recombination rates unlikely [128]. The FAI antisite defect (in Pb-rich conditions)
and the IFA antisite defect (in I-rich conditions) have much lower formation ener-
gies than MAI and IMA in MAPbI3 under given conditions. FAI and IFA antisites
create deep defect levels in the bandgap which are most likely attributed to the
weak van der Waals interactions between FA+ and PbI 4–

6 octahedra. Therefore,
they can easily act as recombination centers for SRH recombination and decrease
carrier life times in FAPbI3.

In order to suppress the formation of the most influential defect FAI, theoret-
ical observations point towards an I-rich and n-doped absorber [128]. In I-rich
conditions, Pb +

2 vacancies have the lowest formation energies in FAPbI3 [128].
Reduction of deep-level defects by additional supply of I was also shown exper-
imentally [127]. Pb +

2 vacancies were found to increase electron-hole recombina-
tion time to tens of ns [123]. This results from the mitigation of atomic motion
and non-adiabatic electron-phonon coupling, which was identified as the main
contributor to electron-hole recombination. Additionally, Pb +

2 vacancies create
shallow defects (traps) from which the trapped electrons can thermally escape
without recombining, leaving Eg unaffected. It was observed that shallow de-
fects can strongly regulate recombination, therefore enabling a high open-circuit
voltage [129].

By A-site alloying (e.g. (MAFA)PbI3) the defect formation energies can be
greatly increased, reducing their problematic influence [128]. Cs+ and Rb+ have
been shown to reduce SRH recombination and promote the extraction of free
charge carriers by suppressing interfacial defects and offering a reduced resistance
to holes at the perovskite/HTL interface and a low series resistance in general
[130].

Hysteresis/ Ion Movement

MAPbI3

If not prepared and/or treated in the right way, PSCs suffer from a significant
hysteresis in their current-voltage curves, resulting in higher efficiencies in the
reverse (VOC to jSC) compared to the forward direction (jSC to VOC). This hys-
teresis is caused by the charging of a parasitic capacitance, causing a temporary
current-ramp induced by ion movement [131]. Hysteresis can cause structural
instability the layer [132].
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The severity of hysteresis in a PSC can be described by the hysteresis index
(HI) in eq. (2.9) [133]. The HI states

HI =

∫ OC

SC
Jrev(V ) − Jforw(V )dV∫
SC

OCJrev(V )dV
(2.9)

the relative integrated J-V curve loss in forward (forw) direction compared to
reverse (rev) direction.

Experiments by Li et al. suggested that I– migration through the grain bound-
aries towards the positive electrode was responsible for the hysteresis [134]. This
is fairly likely, since VI are the most mobile species in MAPbI3 [135] exhibiting a
diffusion coefficient of 10 × 10−8 to 10 × 10−9 cm2s−1 [136]. Son et al. suggested
the cause of hysteresis was not only ion migration, but also the formation of I–

Frenkel defects near the cathode during illumination [137]. To prevent the forma-
tion of Frenkel defects KI was incorporated in small amounts. K+ energetically
favors the interstitial defect site and occupies it, blocking the I– defect. The for-
mation energy of the K+ interstitial defect was further decreased for mixed-cation
perovskites, rendering the KI treatment even more effective. Incorporation of Li
(Cs) did not result in reduction of hysteresis due to their smaller (larger) ionic
radii making it unlikely for them to passivate the Frenkel defect. Another study
showed that the addition of extrinisic mobile ions such as small alkali metals Li
and Na can even enhance hysteresis [138].

However, ion migration should not be the sole factor causing hysteresis. A
combination of simulation and experiment was employed to observe ion migration
in both standard and inverted PSC devices, but found hysteresis in the standard
device structure (n-i-p) would only occur in the presence of strong interfacial
recombination [139,140]. Accordingly, modification of interfaces and contact lay-
ers was successful in averting hysteresis by reducing defect concentration at the
interfaces [141–145].

Resulting from the above mentioned studies, hysteresis is a considerable issue
in PSCs, but can be combatted successfully by chosing the correct transport
layers, interfacial layers and perovskite dopants.

FAPbI3

The hysteresis phenomenon in FAPbI3 is mostly mentioned as a by-product of
hysteresis in MAPbI3-based PSCs and even recent reviews do not address distinct
hysteresis phenomena separately for the two absorber types [133, 146, 147]. This
makes sense, since j-V hysteresis is largely ascribed to halide (vacancy) migration,
as discussed above and not to the behavior of the organic MA+ ions. This concept
remains true for the FA+ molecule.

FA+ performs two types of movements in the PbI 4–
6 cage: (i) motions around

the center (time constant 470 fs) (ii) 90◦ flips with reorientation of the FA+ N-C-
N axis between two cuboctahedral faces (time constant 2.8 ps) [74]. Therefore,
formatino of long-lived (anti)ferroelectric domains in FAPbI3 can be ruled out
and hysteresis can be ascribed to ion migration and interfacial recombination as
in MAPbI3.
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2.2.3 Degradation Mechanisms

The intrinsic stability of MAPbI3 is limited due to several overlapping effects
and might be the decisive property restricting its competitiveness with FAPbI3-
based compounds. As for many other materials, the exposure of MAPbI3 to
O2 and humidity can drive processes decomposing the perovskite. Additionally,
the MA cation is volatile leading to an intrinsic instability of the perovskite
compound [148].

On the other hand, FAPbI3 is chemically non-inert which results in photo-
and moisture instability of the FAPbI3 structure [46]. Furthermore, the pristine
cubic α phase exhibits anisotropic lattice strain, incentivizing a transition to the
δ phase [27]. FAPbI3 is thermodynamically more stable than MAPbI3, but needs
temperatures as high as 150◦C to crystallize in its α phase [77]. In 2.2.1 the
problematic of the α→δ phase transition was pointed out. This section focuses
in more detail on the origins of instability in both perovskite absorber types.

Humidity Induced Degradation

Solar cells suffer from constant exposure to humidity during their lifetime. There-
fore, degradation processes resulting from their reaction with the omnipresent
humidity have to be understood and combatted. The use of vacuum evaporation
chambers and gloveboxes for preparation and storage during this thesis mini-
mizes the degradation effects caused by exposure to humidity. Nonetheless, the
humidity within the in situ glovebox (see section 3.2) could not be reduced to
0. Additionally, the exposure of samples to oxygen can occur during transfer to
measurement setups (other than the in situ XRD) and measurement at air (see
section 3.4). Therefore, humidity-induced degradation needs to be considered for
the samples within this thesis.

MAPbI3

An early suggestion as to the degradation pathway of MAPbI3 caused by humidity
is in the chemical eq. 2.10. Therein, outgassing of N and I were assumed to
be responsible for the degradation [149]. Another proposed degradation path
involved the loss of MAI by aqueous dissolution via the chemical eq. 2.11 [150].

MAPbI3 → (−CH2−) + NH3(g) + HI(g) + PbI2(s) (2.10)

MAPbI3 → CH3NH3I(aq) + PbI2(s) (2.11)

However, several groups [151–153] agree upon a two-step degradation mechanism
proposed by Leguy et al. [154]: (i) Reversible formation of the monohydrate
MAPbI3·H2O in chemical eq. 2.12 (ii) Irreversible formation of the dihydrate
MA4PbI6·2H2O in chemical eq. 2.13

4MAPbI3 + 4H2O ⇌ 4 [MAPbI3 · H2O] (2.12)

⇌ MA4PbI6 · 2H2O + 3PbI2 + 2H2O (2.13)

MA4PbI6 · 2H2O(s) → 4MAI(aq) + PbI2(s) + 2H2O(l) (2.14)

The formation of the dihydrate is expected to lead to phase separation under
excess water as given in reaction 2.14. This reaction is expected to be irreversible
due to dissolution of MA+ [154].
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To combat degradation via water infiltration, the choice of the top transport
layer (TL) is decisive. The TL either allows permeation of H2O molecules -
exposing the perovskite layer to hydration - or provides a hydration barrier [155].
Hygroscopic dopants such as LiTFSI or 4-tert-Butylpyridine in hole TL such as
Spiro-MeOTAD strongly enhance degradation [156]. Therefore, non-hygroscopic
TLs are crucial for perovskite stability.

FAPbI3

Even though FA is less volatile than MA, FAPbI3 is prone to degradation reac-
tions with the surrounding atmosphere, especially H2O [157], which can trigger
the formation of the impurity phase NH4PbI3·2H2O [71]. The main degrada-
tion mechanism induced by the reaction of FAPbI3 with H2O is the dissolution
of the α phase at grain surfaces and interfaces and subsequent formation of the
δ phase [79]. Accordingly, the grain and subgrain surface area should be reduced
to mitigate a strong surface reaction. Therefore, larger grains are preferred to
suppress the α→δ phase transition.

The δ phase formation is likely to occur along the strained (111) direction
(see section 2.2.1) of the α phase [27]. Since the α (111) and δ (0001) planes
exhibit the same atomic arrangement (close-packing planes of FA and Pb), the
strain in (111) direction helps to nucleate the δ phase formation. This opens an
energetically favorable path to the moisture-enhanced α→δ phase transformation.

According to density functional theory (DFT) calculations, upon exposure of
FAPbI3 to humidity the H2O molecule binds to the hydrogen atoms of the N moi-
ety of FA+ [158]. This hydrogen bond forms since the theoretical distance between
O and H-N (1.7-2.0 Å) is lower than the sum of their van der Waals radii (2.6 Å).
The H atoms in H2O then orient towards I, stably hydrating the perovskite. Lat-
tice calculations were done for an H2O mole fraction of x=1/8, 1/4, 1/2 and 7/8
in FAPbI3, unveiling a minimum in unit cell volume and α→δ transformation en-
ergy at 1/4 due to the hydrogen bonds with the host structure FAPbI3 [158]. For
higher H2O contents the α→δ transformation energy increases again. Simultane-
ously, H2O intercalates into the perovskite structure and causes further volume
expansion. This makes the remaining α phase domains less stable. However, the
layered δ phase is not as sensitive to volume expansion and remains stable upon
H2O intercalation. In summary, exposure of FAPbI3 to high humidity will lead
to the absorption and diffusion of H2O into the lattice until a molar fraction of
1/4 is reached. Then, the α→δ transformation is energetically most favorable and
occurs before further water intercalates into the monohydrate δ-FAPbI3·H2O and
stabilizes the δ phase with respect to the α phase.

In an opposite approach, Wang et al. included a large amount of water into
the crystal structure of FAPbI3 to try to stabilize it against transition to the
δ phase [159]. Three different hydrated phases of FAPbI3 were observed for
different molar ratios of H2O/FAPbI3: ε >(1:1), θ (2:1) and μ (3:1). The PCE
stability was increased from 2 to 25 days by employing an ε phase absorber
based PSC, but the initial PCE was reduced from 19 % to 0.25 %, showcasing the
possibilities and complications with this idea [159].

Countless investigations have been run to improve the stability of FAPbI3
during exposure to humidity. When a part of the I share was substituted with Br
[160] and/or part of FA with MA [27] the lattice strain was released and resistance
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to the humidity-induced phase transformation was enhanced. Substitution of FA
with smaller cations such as Cs and MA and the smaller halide Br reduces the
cuboctahedral volume, which strengthens the FA-I as well as the Pb-I interactions
and can increase the grain size [46].

The choice of the HTL as a substrate layer in p-i-n solar cells was found to
significantly influence the stability of the α phase against the α→δ phase transition
during exposure to H2O [37,80]. In a wet-chemical experiment, the HTL [2-(3,6-
Dimethoxy-9H-carbazol-9-yl)ethyl] phosphonic Acid (MeO-2PACz) was found to
stabilize the α phase under exposure to high relative humidity [37]. In this regard
MeO-2-PACz outperformed other commonly used HTLs, such as PTAA, NiO
and PEDOT:PSS. The positive effect of MeO-2PACz was attributed to its free
phosphate groups. In a co-evaporated experiment, MeO-2PACz was employed
in combination with excess FAI [80]. Here, the free phosphate groups were said
to efficiently bind to the FAI via hydrogen bonds [161], thereby increasing the
structural stability of FAPbI3 by enabling an increased incorporation of FAI into
the layer [80].

However, humidity can also be exploited to improve device performance. Lin
et al. exposed sequentially vapor deposited thin films to humidity directly after
preparation (before annealing) [158]. Films exposed to high humidity exhibited
a faster and more homogeneous transformation to the α phase while also show-
ing substantially higher solar cell efficiencies of 20 % compared to 13 % for film
exposed to low humidity conditions. The beneficial effect of high humidity expo-
sition directly after preparation was attributed to the lower δ→α phase transition
energy at certain molar ratios of H2O in the structure.

Oxygen Induced Degradation

Another critical degradation mechanism originates from the reaction of oxygen
with excited electrons in the perovskite. Therefore, this reaction is especially
severe during exposure to light or under forward bias due to a higher concentration
of excited electrons [11]. Similar to humidity-induced degradation, the sample
exposure to oxygen within this thesis is minimized due to the use of a high-
vacuum chamber and gloveboxes. However, the oxygen content within the in situ
glovebox (see section 3.2) could not be reduced to 0. Further, the samples can
react with oxygen during transfers and measurements at air (see section 3.4).
Therefore, oxygen-induced degradation needs to considered.

MAPbI3

When comparing degradation of MAPbI3 imposed by humidity and oxygen, the
reaction with oxygen was found to be the dominant mechanism [11]. When O2

is introduced to the perovskite, the excited electrons cause the formation of the
superoxide O –

2 , which can deprotonate the organic cation via eq. 2.15 [162].

MAPbI3 + O –
2 → CH3NH2 + PbI2 +

1

2
I2 + H2O (2.15)

This leads to a fast degradation of the MAPbI3 surface, but further degradation
in the bulk is hindered due to the formation of a solid oxidation product (PbO)
at the surface [163].
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To combat oxygen induced degradation, the formation of the superoxide can
be hindered by employing encapsulation layers or charge transport layers that also
function to block O2 infiltration [7]. Intrinsically, the formation of the superoxide
can be suppressed by improving charge extraction, so the excited electrons are
not likely to contribute to the formation of O –

2 [11, 162,164].

FAPbI3

A publication investigating the effects of isolated O2-exposure for the pure FAPbI3
compound was not found. However, Guo et al. studied Cs/Rb-doped FAPbI3
surface structures and compares H2O and O2 exposure [165]. They found the
surface bonds formed by O2 and the respective surface group (Pb, I, Cs or Rb)
to be much weaker than the bonds formed with the O in H2O. According to
Guo et al. O2 can easily diffuse along the surface due to its weak bonds. Still,
both adsorbed species O2 and H2O lead to a similar shift in absorption in the
surface structure, greatly diminishing absorption in the visible region and shifting
the band gap onset by 0.2 eV compared to the bulk [165]. In another work,
the oxygen-induced instability of MAPbI3 is greatly alleviated by replacing 20 %
of MA with FA [166]. This positive effect is ascribed to the energetically less
favorable deprotonation of FA compared to MA and to a lower ion conductivity
in the FA-based perovskite, reducing the degradation transport rate from the
surface towards the bulk.

Degradation in Vacuum

Degradation in vacuum is significantly slower compared to degradation in air.
The transformation of MAPbI3 during 1 month under 10 × 10−3 mbar is com-
parable to 24h in humid air [167]. Nonetheless, since vacuum preparation and
characterization techniques play a central role in perovskite research, degradation
mechanisms under vacuum have to be considered.

MAPbI3

MAPbI3 decomposition effects in vacuum or during exposure to air and humidity
can both originate from the loss of MAI components [167]. At low pressures,
MAPbI3 can suffer from outgassing of organic components, such as CH3NH2, HI,
CH3I, NH3 and I2 [168], which leads to the formation of PbI2. The loss of volatile
organic components originates at extended defect sites or discontinuities such as
grain boundaries [167]. The removal of I via outgassing of CH3I and I2 enables the
reorientation of the PbI 4–

6 octahedra to the 2D PbI2 structure, therefore enabling
phase separation.

However, the volatilization of organic components under illumination in vac-
uum is partially reversible as described in eq. (2.16) [168].

MAPbI3 ⇌ PbI2(s) + Pb 0
(s) + CH3NH2(g) + HI(g) (2.16)

Eventually, further loss of MAI enables the decomposition of residual PbI2 to Pb0

and mobile I –
2 ions, which significantly accelerate the self-degradation of MAPbI3

by deprotonation of MA+ [169].
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Br-rich perovskite MAPb(I,Br)3 can be far less susceptible to I –
2 induced

degradation due to the stronger Pb-Br bond and larger electronegativity of Br,
but poses other limitations due to the structural differences of the respective
single-halide perovskite [170].

FAPbI3

Degradation under vacuum is not as well explored for FAPbI3. Since FAI dis-
sociates upon evaporation [171], it can be assumed that FAI - similar to MAI -
exhibits an intrinsic volatility, albeit lower than MAI.

A singular experiment for thermal evaporation of the mixed-cation mixed-
halide PSCs based on (MAPbBr3)0.17(FAPbI3)0.83 has been conducted by Guo et
al. [172]. During operation under 1 × 10−3 mbar, they observed a shrinking of
the lattice and separation into FAPbI3 and (MAPbBr3)0.17+x(FAPbI3)0.83–x. Ac-
cording to their DFT calculations, the mixed-perovskite has a negative activation
energy for phase separation during operation under vacuum, whereas it is found
to be positive in a nitrogen atmosphere at ambient pressure.

Light-Induced Degradation/Halide Migration

PCSs under illumination in absence of other factors have been shown to pass
device stability tests exceeding 1000 h in terms of PCE [173–175]. This high
stability can be enabled by good encapsulation or storage in an inert atmosphere.
However, as soon as one of heat [168], humidity [157], oxygen [155] or reverse
bias [176] are involved, illumination becomes a driving force for degradation.

MAPbI3

MAPbI3 solar cells can suffer fast degradation upon exposure to light [162]. The
effects of light-induced degradation are strongest when combined with the pres-
ence of O2. Then, the chemical deprotonation reaction 2.15 can be severe [162].
When isolating the effects of illumination on MAPbI3 halide migration occurs
away from the illuminated area [177]. This leads to an increase in photolumines-
cence intensity in the illuminated area, likely due to the formation of point defects
such as halide vacancies caused by the migration. However, halide vacancies can
serve as non-radiative recombination centers, impeding charge transport [178].

By (partially) substituting I with Br in the compound MAPb(I1–xBrx)3, the
bandgap can be increased and adjusted to e.g. tandem solar cell use. Problemat-
ically, MAPb(I1–xBrx)3 suffers from halide phase segregation under illumination,
resulting in I-rich and Br-rich domains [179]. The light-induced segregation be-
gins above a threshold excitation intensity and the segregation speed is enhanced
with increasing intensity [89]. The low-bandgap I-rich phases will effectively
act as carrier traps, since all photoluminescence originates from the lower en-
ergy state provided in the I-rich phase compared to the Br-rich phase due to
the halide-induced shift in valence band minimum and conduction band maxi-
mum [10]. Astonishingly, as long as no further degradation occurs demixed halide
perovskites slowly remix in the dark and so halide segregation is not viewed as a
long-term stability problem by some [10].
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Separated I-rich and Br-rich phases are estimated to correspond to x=0.2 for
the I-rich majority phase and x=0.7 for the Br-rich minority phase [93]. The
phase separation can take its reverse reaction by entropic mixing under darkness,
even though this inverse process is slower than the original segregation [89,180].

The combination of charge carriers with long life times, electron-phonon cou-
pling and mobile halides was found to drive the formation of I-rich clusters in
MAPb(I,Br)3 [181]. The cluster size is 8 to 10 nm of diameter, whereas the stoi-
chiometry of the remaining bulk would not change.

In a theoretical study by Yun et al. using first-principal calculations, the initial
halide segregation process is explained by the lower surface potential of grain
boundaries compared to the bulk [182]. This leads to upward bending of the
bands towards the grain boundaries [182]. The band-bending induces a positive
space charge causing I migration towards and along the grain boundaries. The
strongly bound Br is less mobile and therefore less likely to migrate, leading to
segregation of I-rich and Br-rich phases.

In a DFT-based study a reduction of the charge carrier diffusion length as well
as lower excitation intensities were predicted to suppress halide segregation [89].
At 100 mWcm−1 electron/hole diffusion lengths below 13 nm are necessary to
mitigate halide segregation. This can be realized for mesoporous PSCs, but not
in a planar architecture.

An experimental approach by Yoon et al. showed that strong halide deficiency
(excess) leads to slower (faster) halide segregation in the layer [183]. However,
the recovery kinetics are effected in the same way, enabling faster recovery from
segregation in the dark for layers with halide excess. The faster segregation
in films with halide excess goes against the idea that halide migration occurs
via halide vacancy transport. However, it is explained by the I’s (Br’s) shorter
diffusion distance to an I-rich (Br-rich) domain.

A greatly improved structural stability with a large Br/I ratio of 2/3 can be
realized by modifying the lattice by partially replacing MA with 10 % Cs [184].
This allows for stable solar cell operation for above 60 min. Finally, a mixture of
MA, Cs and FA allows for a stable and widely tunable mixed-halide perovskite
absorber finding its application in the most successful PSCs [44, 185, 186]. In
general, the predominant use of FA instead of MA can adopt many of the positive
assets of MAPbI3 while combatting the intrinsic instability of the MA component.

FAPbI3

Within the work of this thesis, single-halide FAPbI3 and double-halide FAPb(I,Br)3
as well as double-cation (Cs,FA)PbI3 absorbers were prepared in [H3,H4] and their
optic properties studied in [H3]. In the prospect of the applicatin of FAPbI3-based
absorbers as solar cells, the importance of their light-induced degradation mech-
anisms should be understood in order to consider the correct counter-measures
during prepartion.

he C-N bonds of FA+ exhibit a resonance characteristic theoretically stabiliz-
ing it against HI release under illumination [22]. This renders FAPbI3 more stable
in light than MAPbI3 [187,188]. Still, FAPbI3 slowly degrades under illumination,
even in vacuum [189]. The decomposition speed of FAPbI3 is dependent on the
wavelength of the incoming light [189]. Specifically, photo-degradation is occurs
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only for photon energies above the band gap energy (Eg) of the metal halide [190]
.

As in MAPbI3, illumination leads to the formation of iodine vacancies VI

whose concentration increases with stronger illumination, enhancing non-radiative
recombination [178]. The formation of VI triggers further degradation effects.
The VI react with their charge-balanced defect VFA, which triggers PbI2 nu-
cleation [189]. This subsequently leads to irreversible formation of Pb(0) and
outgassing of I2.

When exposing FAPbI3 to blue-light in vacuum, the decomposition can there-
fore be explained via a two-step process: (i) segregation of PbI2 due to evapora-
tion of FAI components (eq. 2.17) and (ii) subsequent formation of metallic Pb(0)
during evaporation of I2 (reaction (2.18)) [189]:

FAPbI3 → PbI2 + co-products (2.17)

PbI2 → Pb(0) + co-products (2.18)

Strong excess use of FAI or I2 leads to the formation of I –
3 via the redox-reaction

(2.19). This triggers an additional path for photo-assisted

I2 + I– → I –
3 (2.19)

perovskite degradation. Through reaction with the photocatalyst I –
3 and photons

hν, FAI and PbI2 are separated via the chemical reaction (2.20) again leaving the
PbI2 to decompose to Pb(0) via the reaction (2.21).

3FAPbI3 + hν + I –
3 → 3I –

3 + 3FA+ + 3PbI2 + 2e– (2.20)

PbI2 + hν → I2 + Pb(0) (2.21)

Additionally, under llumination the formation energy of the interstitialIi is in-
creased, which leads to strong formation of I2 and I –

3 in absorbers with high I
excess, recursively accelerating degradation as discussed via chemical reactions
(2.20) and (2.21 [189]).

Similar to other degradation effects, photodegradation can be combatted by
cation mixing. Substituting 10 % of FA with Cs leads to an extended stability
determined via absorbance [46]. Under 1 sun illumination in 50 % relative humid-
ity, 50 % of the initial absorption was maintained for 16 h for (Cs,FA)PbI3 instead
of 12 h for FAPbI3. Deng et al. improved the photostability of (Cs,FA)PbI3 by
adding 0.25 % excessive FAI, while maintaining the initial PCE (without degrada-
tion) of 20.2 % [178]. This treatment passivates iodine vacancies and mitigates ion
migration and the generation of defects during illumination, leading to a ten-fold
increased stability compared to CsI/FAI deficient devices.

Some groups observed slow cation migration and demixing in mixed-cation
absorbers under illumination in the time scale of several hours [191–193]. How-
ever, others did not make this observation, but instead observed a rise in efficiency
during the first hours of operation [10, 194, 195]. This was ascribed to reduction
of recombination due to lattice expansion and strain reduction at the interfaces.

23



2.3 Evaporating Perovskites

A plethora of preparation techniques for perovskite thin films have been studied,
of which several reviews give a detailed overview [196–199]. Herein, the focus
will be set on establishing technical and physical knowledge of the preparation of
perovskite absorbers by evaporation in view of the methods used in [H1–H6].

Evaporation techniques are considered to be easily up-scalable in compari-
son to solution-based deposition techniques and evaporation is applicable to any
given substrate morphology, which is important when e.g. considering deposition
onto a structured Si substrate for tandem solar cells [80]. Within the field of
perovskite thin film evaporation one needs to differentiate between several tech-
niques. During chemical vapor deposition (CVD) the evaporated components are
transported in an inert-gas atmosphere at pressures of 0.01 to 10×103 mbar [200]
and perovskite growth rates of 60 nm min−1 can be achieved [201]. However,
perovskite solar cells (PSCs) prepared by CVD lag behind in efficiency [202].
Chambers used for physical vapor deposition (PVD) are usually operated un-
der high vacuum from 10 × 10−5 to 10 × 10−6 mbar. In consequence, PVD is
expected to provide high-purity layers. This shows in high efficiencies of above
24 % [39] almost on par with the record efficiency for PSCs of 26.1 % prepared by
a solution-based technique [2].

During PVD of perovskites, the binary halide salts AX (MAI, MACl, FAI,
CsI...) and BX2 (PbI2, PbBr2, PbCl2...) and others are usually evaporated from
individual sources. The components then react on the substrate during evapora-
tion and post-annealing to form the perovskite phase. Since the components are
evaporated individually, a variety of process conducts for multi-step and dynamic
approaches are possible.

PVD has been employed in metal halide perovskite thin film preparation as
early as 2013 [203]. The focus was laid on simple co-evaporation depositing PbCl2
and MAI on the substrate simultaneously [203]. The optimal ratio of PbCl2:MAI
was found to be 1:4, resulting in a strong excess of MAI in the pre-annealed film.
During annealing (and MAPb(I1–xClx)3 perovskite formation), loss of mass and
thickness indicated the volatilization of the organic component. Further, the X-
ray diffraction (XRD) measurements showed no inclusion of Cl in the final film,
indicating loss of Cl during annealing and the formation of pure MAPbI3. In other
works, the Cl content in such layers was estimated to be below 5 %, if any [204].
Here, the excess of MAI ensured a strong reaction of the organic and inorganic
components, which dictates the success of perovskite formation and eventually
PSC efficiency.

In 2014, sequential PVD of (1) PbCl2 and (2) MAI was used for the first time
to fabricate MAPb(I1–xClx)3 [205]. It was observed that at room temperature
only a 25 nm thick PbCl2 layer can be fully reacted by MAI vapor. Increasing
the temperature to an optimum of 75◦C enabled the transformation of a 150 nm
thick PbCl2 layer to the perovskite phase, finding the sweet spot between suffi-
cient MAI adsorption and diffusion reaction. At 65◦C the reaction kinetics were
too weak leaving behind residual PbCl2. At 85 C, which was also the MAI cru-
cible temperature, the reaction of the MAI on the hot sample surface resulted in
impurities in the final layer. By this, the in situ substrate temperature was al-
ready highlighted as an important factor in perovskite film formation, especially
when MAI is used.
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In the following year, Teuscher et al. made two further vital observations
during co-evaporation of PbI2 and MAI [206]. They recognized that MAI evap-
orates nearly omnidirectionally, necessitating additional parameters apart from
the crucible temperature to ensure reproducible deposition. A consequence of
omnidirectional evaporation is a high partial pressure of MAI in the chamber.
Teuscher et al. assumed that the chamber pressure consisted mainly of the MAI
partial pressure. The chamber pressure was kept constant during evaporation by
coupling it to the MAI crucible temperature in an attempt to control the MAI
evaporation rate via the chamber pressure. Finally, the optimum PbI2/MAI ratio
was measured at 1:0.96 yielding an efficiency of 12 % [206]. With this, the idea
to dynamically vary the stoichiometry within the film via pressure-controlled flux
control was introduced.

The role of the MAI partial pressure was extensively studied in 2018 by Baekbo
et al. who observed that the MAI had a low sticking coefficient on the sample and
chamber walls and would constantly re-desorb, maintaining high partial pressure
[207]. The sticking coefficient on the sample was improved by providing a PbCl2
precursor layer for the MAI to react with. The thickness of the PbCl2 layer
determined the amount of MAI that would be able to condense. With the help of
a mass spectrometer attached to the vacuum chamber, a partial decomposition
of the MAI precursor during evaporation was observed. The main products of
this decomposition were CH3NH2 and HI and smaller amounts of the MAI-dimer
(CH3NH3I)2 via chemical reactions (2.22) and 2.23.

2CH3NH3I ↔ (CH3NH3I)2(g) (2.22)

CH3NH3I ↔ CH3NH2(g) + HI(g) (2.23)

The formation of several decomposition products explains the high partial pres-
sure during evaporation of MAI and leads to another conclusion confirming ear-
lier works: since the decomposition products have to react on the surface to
form MAI, high impingement rates and therefore high partial pressures (higher
than usual PVD chamber pressures) are needed to ensure transformation to the
perovskite phase.

Initial growth behavior of perovskite thin films with MAI is strongly deter-
mined by the sticking factor of MAI. However, results on the nucleation of MAI-
based perovskites differ. Borchert et al. showed that material impurities, which
vary from one MAI batch to the next, increase MAI sticking and are an influential
factor in terms of MAI condensation [208]. Two studies employed X-ray photo-
electron spectroscopy (XPS) and ultraviolet photoelectron spectroscopy (UPS)
and XRD and detected a thin PbI2 layer prior to perovskite growth due to low
MAI sticking-factor on the substrate [209, 210] . In another report by Olthof et
al. crystallization during co-evaporation was observed to depend strongly on the
substrate type [211]. They found no unreacted PbI2 to be present during the first
stages of the process and organic precursor layers enabled a faster crystallization
of the perovskite phase than metal oxides. On metal oxide precursor layers (ITO
and MoO3), perovskite growth was slowed down due to re-volatilization of the
deposited materials because the metal oxide precursors acted as catalysts [211].
Thus, a passivation layer had to be deposited prior to the commencement of
perovskite growth. Organic precursors (polyethylenimine ethoxylate, PEIE and
Poly(3,4-ethylenedioxythiophene)-poly(styrenesulfonate), PEDOT:PSS) enabled
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faster condensation of both MAI and PbI2 causing perovskite growth from the
beginning.

Cojocaru et al. co-evaporated MAPbI3 on TiO2 and weak charge extraction in
the PSC, presumably due to a high concentration of interfacial traps located at the
TiO2/MAPbI3 interface [212]. An organic phenyl-C61-butyric acid methyl ester
(PCBM) interlayer was used to enhance charge extraction and greatly increase
the efficiency of the cell.

During co-evaporation of MAI and PbI2 in an experiment by Parrott et al. the
perovskite exhibited Volmer-Weber type island growth (see section 3.1) up to a
thickness of 8 nm, fully covering the quartz substrate starting from 10 nm [213].
In this publication, the island growth was made out as the root cause for low
crystallite sizes in co-evaporated layers. Furthermore, the substrate was pre-
dicted to strongly influence the crystallization process and the choice of optimal
substrate was suggested to largely improve the film quality in terms of grain size.
A lattice matched substrate could enable epitaxial growth and incentivize Frank-
van der Merwe type layer-by-layer growth (see section 3.1), drastically increasing
crystallite sizes and therefore efficiency and stability.

The MAPbI3 crystallite size can also be controlled by the substrate tem-
perature [214]. The colder the substrate, the greater the MAI adsorption and
MAI/PbI2 ratio in the final film and the larger the perovskite crystallites were
determined to be. However, large (∼1µm crystallites grown by improved MAI
adsorption proved detrimental for PSC performance. Presumably the large share
of organic components causes high trap densities within the grains hindering
charge transport. Instead, a PbI2 excess obtained by a process at relatively high
substrate temperature (room temperature) was the most successful in terms of de-
vice performance. A benign PbI2 excess is a commonly observed property in PSC
and is assigned to a trap passivating effect of the PbI2 at grain boundaries [215].
The effect of greater MAI incorporation on the layer properties was exploited
in a dynamic co-evaporation approach [40]. Depending on the PSC structure,
the MAI/PbI2 ratio was gradually reduced (p-i-n structure) or increased (n-i-p)
throughout the course of the evaporation by gradually decreasing/increasing the
MAI partial pressure in the chamber. This induced Fermi-level grading in the
absorber and led to ¿20 % efficiency consistently [40].

Using TEM imaging Rothmann et al. observed the interplay of PbI2 and
perovskite (MAPbI3 and FAPbI3) growth during evaporation [216]. Specifically,
PbI2 was shown to intergrow with the perovskite without the formation of grain
boundaries between the two phases. PbI2 adapted to the perovskite lattice by
assuming a distorted phase, deviating from its usual hexagonal structure and
PbI2 domains interweaved with perovskite domains on all sides. The perovskite
domains exhibited a shift of half a unit cell across the PbI2. From this it was
presumed, that the PbI2 is not a result of degradation a posteriori, but acts as a
seed to perovskite growth.

As elaborated in section 2.2, modern PSCs have shifted from the use of
MAPbI3 to FAPbI3, since the latter offers several advantages such as a lower
bandgap and higher stability against heat due to FAI being less volatile as
MAI (see section 2.2.3). Nonetheless, stable evaporation of FAI requires spe-
cial caution, because can also dissociate upon evaporation, forming formamidine
(CHNHNH2) and I2, but also triazine (C3H3N3) and cyanide (HCN) [171]. There-
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fore, the chamber pressure can increase during evaporation of FAI and has to
be considered as an important process parameter. The evaporation temperature
must be chosen carefully, since the local pressure at the evaporation source ori-
fice can increase faster than in the rest of the chamber, yielding a low mean free
path and therefore low FAI impingement and deposition rates on the sample. At
∼200◦C, FAI degrades completely, but sufficiently high deposition rates can be
reached at lower temperatures with low influence on the pressure. Consequently,
FAI evaporation is easier to control than MAI evaporation, but careful process
gauging has to be done.

When preparing the MAPbI3 tetragonal perovskite phase via co-evaporation,
no post-annealing is necessary, since the tetragonal phase is stable at room tem-
perature [214]. This is different for FAPbI3 because the hexagonal δ FAPbI3 phase
is energetically more favorable than the cubic α perovskite phase at room tem-
perature (see section 2.2.3). To obtain the α phase via co-evaporation, Borchert
et al. needed a short post-annealing step at 170◦C [72]. Still, they were able
to achieve FAPbI3 co-evaporation with homogeneous coverage on large-area sub-
strates and reduce the root mean square roughness compared to other deposition
methods.

The post-annealing temperature in a co-evaporation process can be reduced
to 135◦C by partial substitution of FA with Cs and I with Br [217]. The choice
of poly(triaryl amine) (PTAA) as the HTL and precursor layer yielded larger
crystallites and α phase crystallization was possible at 5 % excess PbI2 in this
configuration. The crystallization of the α phase was enabled at room tem-
perature, when [2(3,6-dimethoxy-9H-carbazol-9-yl)ethyl]phosphonic acid (MeO-
2PACz) was used as hole transport and seed layer in a p-i-n structure and an
FAI excess was deposited [80]. The free phosphonic acid groups of MeO-2PACz
can interact strongly with FAI, forming hydrogen bonds [161]. This could enable
an increased incorporation of FAI into the layer, which stabilizes the α phase and
yields efficiencies up to 24.6 % [80].

Sequential evaporation of FAPbI3 can enable easier process control and be
done in less complicated setups using only one quartz crystal monitor [218]. When
evaporating FAI on top of a PbI2 precursor layer, Yan et al. found the reaction
during annealing was limited by the diffusion of FAI and organic species were
not observed throughout the final layer, leaving large amounts of unreacted PbI2
after 30 min of annealing [219]. The reaction of PbI2 and FAI was enhanced by
depositing CsBr as a third and final layer before post-annealing. The triple-layer
stack reacted faster allowed perovskite formation within 5 min of annealing. A
similar feat was achieved by Feng et al. by evaporating CsI after successive PbI2
and FAI evaporation [220]. This approach allowed low-temperature annealing at
60◦C and high efficiency of 21 %. Li et al. have performed a very successful
sequential process conduct resulting in 24 % efficiency [39]. Their approach con-
sists of a first step in which the inorganic precursors PbI2, PbCl2 and CsI are
co-evaporated and a second step during which FAI is deposited. This is followed
by annealing at 170◦C to drive the reaction and interdiffusion.

27





3 Experimental Methodology

This section explains the theoretical background of thin film growth in a vacuum
chamber and the characterization techniques employed within this thesis. First,
vacuum thin film growth is theoretically elaborated including the steps of phase
transition, vapor transport and nucleation. For a practical literature review on
perovskite evaporation refer to section 2.3. Subsequently, the actual prepara-
tion setup including the vacuum chamber and device characterization via in situ
XRD is presented. Finally, complementary measurement techniques including GI-
WAXS (grazing incidence wide angle X-ray scattering), SEM (scanning elctron
microscopy), EDX (electron dispersive X-ray spectroscopy), j-V (current density
- voltage) analysis, PL (photoluminescence) and time resolved photoluminescence
(TRPL) are briefly discussed.

3.1 Film Formation from the Vapor Phase

This thesis is centered around the preparation of thin films by physical vapor
deposition (PVD), i.e. via thermal evaporation of source material in a vacuum
chamber. In this subchapter, a review on the fundamentals of thin film evapo-
ration is given along the lines of Maissel and Glang [221]1 as well as Frey and
Khan [222]. According to Maissel and Glang, the deposition via PVD can be
split into three steps which are considered individually in the order:

1. Phase transition from condensed (solid or liquid) to a gaseous state (subli-
mation or evaporation)

2. Vapor transport from source to sample
3. Particle impingement on the substrate, re-condensation on its surface and

nucleation

The above-mentioned steps are used as a structure for the the following theoret-
ical explanations. Step 3 is discussed in terms of impingement and nucleation
separately.

3.1.1 Sublimation and/or Evaporation

When a material is evaporated, the rate of its phase transition from solid/liquid
(condensed phase) to the vapor phase depends on the applied source tempera-
ture Teva. Accordingly, Teva also determines the amount of material present in
the vapor phase in the vacuum chamber, i.e. its partial pressure. The materi-
als saturation vapor pressure (or equilibrium pressure) pv is reached when both
condensed and vapor phases exist in equilibrium. Then, an equal number of par-
ticles undergo the transition from the condensed to the vapor phase as in the
opposite direction. pv scales non-linearly with the temperature and a high pv
corresponds to a high volatility of the material. pv can be calculated by means
of the Clausius-Clapeyron equation 3.1 [221, p. 1-9].

dpv
dT

=
∆Heva

T (Vv − Vs)
(3.1)

1The page number in ”Handbook of Thin Film Technology” by Maissel and Glang is reset
with the beginning of each chapter. Therefore, the page number 2-11 corresponds to page 11
of chapter 2.
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∆Heva is the standard free enthalpy of evaporation, i.e. the heat necessary to
vaporize the condensed material. ∆Heva corresponds to the difference between
Hv and Hcond, the enthalpies of vapor and condensed phases, respectively. Vv (Vc)
are the molar volumes of vapor (condensed phase).

The saturation vapor pressure pv,AB in mbar of a compound material AB
that does not dissociate upon transition to the vapor phase can be calculated
using its standard Gibb’s free energy of evaporation ∆evaG

◦(T ) at the specific
temperature T via eq. 3.2 [221, p. 1-11]. ∆evaG

◦(T ) is given by the difference of
the material’s chemical potentials µv(T ) and µcond(T ) at the temperature T and
standard pressure in the vapor and condensed phases, respectively.

log(pv,AB) = −∆evaG
◦(T )

RT
log(e) · 103 (3.2)

For a compound AB that dissociates into the vapor components A and B2 via
AB → A+ 1

2
B2, the evaporation involves diffusion of A and B surface atoms with

recombination to B2 molecules prior to entering the gas phase. In this case, the
equilibrium between condensed and vapor phases is given when the product of
partial pressures pA and pB2 equals a temperature-dependent pseudo-saturation

vapor pressure constant Kpv(T )=pAp
1/2
B2 given by eq. 3.3 [221, p. 1-69].

log(Kpv(T )) = −∆evaG(T )

RT
log(e) (3.3)

In the following, the evaporation of a single, non-dissociating material is con-
sidered. The material’s vapor pressure pv dictates the amount of material that
can be present in the vapor phase. Therefore, it also defines the evaporation
rate of the material through the evaporation source orifice. Hertz determined the
evaporation rate to be proportional to the difference between pv at the surface
temperature of an evaporating liquid (∼ Teva) and the partial pressure pp,s acting
on its surface [223]. The number of particles dN evaporating during dt from a
surface area A can be calculated via eq. 3.4. The negative term pp,s accounts
for the pressure exerted on the evaporation surface by a backstream of particles
to said surface. Hertz concluded that a liquid cannot exceed a given maximum
evaporation rate Rmax at a constant temperature and Rmax would require parti-
cles to leave the surface in the same number as would be necessary to apply pv on
the surface of the evaporating liquid. Additionally, none of the leaving particles
would be allowed to return, rendering pp,s = 0.

dN

Adt
= (2πmkBT )−

1
2 (pv − pp,s) (3.4)

dN

Adt
= ξ(2πmkBT )−

1
2 (pv − pp,s) (3.5)

The backstreaming particles undergo a phase transition back to the liquid phase
and do not contribute to pp,s anymore. However, a fraction (1 − ξ) of parti-
cles is reflected from the evaporating surface, stays in the vapor phase and still
contributes to the partial pressure of the evaporated material. The evaporation
coefficient ξ can be determined by the ratio of observed vacuum evaporation rate
(via measurement) and theoretically possible value (via eq. 3.4). Eq. 3.4 then
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becomes the Hertz-Knudsen equation 3.5 [224]. Knudsen found the maximum

evaporation rate for a perfectly clean surface of Hg to be (2πmkBT )−
1
2pv [224].

The Hertz-Knudsen equation was initially established for evaporation from the
liquid phase. Langmuir showed that it can also be applied to evaporation from
free solid surfaces (no shear stress parallel to the surface) [225]. The total mass
evaporation rate Πeva of the solid can be determined by multiplying the Hertz-
Knudsen equation with the molecular mass m as given in eq. 3.6. The total
evaporated mass Meva can then be determined by the double integral in eq. 3.7.
This type of evaporation from free solid surfaces is termed free evaporation or
Langmuir evaporation [225].

Πeva = m
dN

Adt
=

(
m

2πkBT

) 1
2

(pv − ps) (3.6)

Meva =

∫
t

∫
A

Πeva dAdt (3.7)

To further understand the phase transition step, an idealized isothermal spherical
evaporation source which maintains pv is assumed (Knudsen source). The mate-
rial’s evaporation surface is large compared to the small orifice [221, p. 1-27]. The
Knudsen source assumes infintesimally thin walls which do not allow scattering
or absorption of gaseous material travelling through the orifice, hence ξ = 1, since
all particles that pass the orifice leave the source. Langmuir determined that if
the diameter of the orifice with area Ao is less than 0.1 of the vapor particles’
mean free path length λ̄ (see next section and eq. 3.8), the particle flux per second

through Ao is Ao(2πmkBT )−
1
2 (pv − pp,s) [225].

The theory of evaporation for crystalline solids is more complicated than for
liquids due to the binding forces holding the atoms within the lattice. Surface
atoms or cornering atoms are weaker bound than bulk atoms due to their lower
number of neighbours and therefore their removal from the lattice for evaporation
is easier. Volmer described that an atom would free itself from most of its nearest
neighbours before diffusing along the surface in a semi-bound state and finally
evaporating [226]. The evaporation of crystalline solids can therefore be described
as the reverse of their growth process due to the process of enacting or counter-
acting of binding energies defining their state.

Polycrystalline metals with monatomic vapors such as Ag, Cu or Be can yield
evaporation coefficients ξ of 1 when their surface is clean, but when the surface
of Be is subjected to oxygen its ξ was reduced to 0.02 due to chemisorption of
O and resulting surface impurities [221]. Polycrystalline solids that evaporate
as polyatomic molecules (Se, Te, P, C) and compounds that dissociate upon
evaporation (NH4Cl, Al2O2) are subject to more complicated processes and their
ξ varies from ≈1 for Te2 vapor to ≈10 × 10−7 for P2 and P4.

3.1.2 Vapor Transport

The mean energy in eV of vapor particles leaving the evaporation source amounts
to mv2/2 = 3

2
kBT=1.29T [222] with the particle mass m, its velocity v and

temperature T . Thus, vapor particles travel at high speeds, but are slowed and
redirected by collisions with other particles along their path. The average path
a particle travels between two collisions is given by the mean free path λ̄. For
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an approximation of λ̄ it is assumed that only the considered particle is moving
at a speed of c̄ while all other particles are at rest. All particles are assumed to
have the same diameter σ so that the moving particle collides with those particles
whose centers lie within a cross-sectional area of πσ2 in its path. It follows that
collisions will only occur in a volume πσc̄dt. Multiplication with the particle
volume density N

V
yields the collision frequency N

V
πσc̄dt, from which λ̄ is derived

in eq.3.8 [221, p. 1-22]. When the relative motion of all other particles is

λ̄ ≈
(
N

V
πσ2

)−1

(3.8)

λ̄ ≈ kBT

pπσ2
√

2
(3.9)

considered and the gas pressure p substituted for N
V

as for an ideal gas, the
expression becomes eq. 3.9.

The actual free path length x of a single particle is based on a statistical dis-
tribution by eq. 3.10. The fraction N/N0 corresponds to the fraction of molecules
that have not collided after travelling a collision-free distance of x.

N

N0

= exp

(
−x

λ̄

)
(3.10)

Further corrections to λ̄ need to be made when considering that particles do
not scatter like solid spheres but exert attractive and repulsive forces upon each
other. Therefore, effective collision cross sections should be considered which
vary with the type of experiment. For calculation of the latter refer to ref. [227].
For N2 molecules, the effective diameter lies at ∼3.74 Å [227], which yields an

effective cross-section of 43 Å
2
. Using the above information, λ̄ of PbI2 in a

N2 background atmosphere at 2.5 × 10−5 mbar can be approximated. Since no
measurable pressure change occurs upon evaporation of PbI2 in our chamber the
vapor particle density of PbI2 is neglected. Using the ideal gas law the particle
density of N2 becomes nN2 = p/(kBT )=6.08× 1017 m−3 at 298 K. The ionic radii
rion of Pb2+ and I– in a PbI2 vapor molecule are 1 Å and 1.6 Å, respectively.
The effective radius of PbI2 is approximated at σPbI2 = rPb2+ + 2rI− which gives
σPbI2= 4.2 Å and a cross-sectional area πσ2

PbI2
=55.4 Å. It follows using eq. 3.9

that λ̄PbI2 =2.1 m in the given low pressure N2 atmosphere.

Upon co-evaporation of other materials such as MAI the λ̄PbI2 can be reduced,
since the chamber pressure is increased by the partial pressures of the other
materials. This effect is specifically strong for co-evaporation with MAI, since
MAI dissociates into multiple products upon evaporation [207], each increasing
the chamber pressure via their partial pressure.

3.1.3 Particle Impingement

Following the evaporation of particles that leave the source through its orifice
and their transport through high vacuum, a statistical share of the particles
according to eq. 3.10 impinge on the sample surface. Similar to the evaporation
rate in eq. 3.4, the impingement rate dN

Ar dt
of particles with individual mass m on
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a receiving substrate area Ar can be expressed with the materials partial pressure
pp,sub at the substrate surface via eq. 3.11 [221, p. 1-21].

dN

Ar dt
= (2πmkBT )−

1
2pp,sub (3.11)

Assuming a Knudsen evaporation source (section 3.1.1) and an area at shortest
distance l to the source orifice, the received mass dMr on the sample per unit
area dAr can be described via the cosine-law in eq. 3.12 [221, p. 1-34].

dMr

dAr

=
Meva

πl2
cos(ϕ)cos(θ) (3.12)

Meva is the total evaporated mass according to eq. 3.7 in section 3.1.1. ϕ gives the
particle emission angle with respect to the normal of the source orifice whereas θ
denotes the incidence angle of particles with respect to the surface normal of the
unit area dAr they impinge.

Usually, the evaporation source orifice is disk-shaped and the substrate is
plane-parallel to the orifice. For this case, the thickness of a condensed mass Mr

in a volume dAr d on the substrate can be calculated via eq. 3.13 [221, p. 1-55]
with the density ρ of the growing material.

d =
1

ρ

dMr

dAr

(3.13)

Then, the distribution of d on the sample is centrosymmetrical around the pro-
jection of the orifice. This means d at a certain location on the sample can be
described by its distance y to the center of the projection of the orifice. A frac-
tion of a ring element dAo of the disk orifice can be expressed as dAo = r dα dr
with the ring radius r pointing towards dAo from the center of the orifice and
the angle α between y and the projection of r onto the sample. Specifically, α is
in-plane with the sample. Transferring this geometry to the cosine-law it follows
cos ϕ = cos θ = h/l with the shortest distance l between dAo and dAr and the
distance h between the parallel planes of substrate and orifice, respectively. Fi-
nally, the thickness d at dAr becomes the triple integral across α, r and the time
t in eq. 3.14 [221, p. 1-57] with Πeva as defined in eq. (3.6).

d =

∫
t

∫
r

∫
α

Πeva dα dr

π ρ

h2

l4
dt (3.14)

Via approximation by a series development the thickness distribution along the
sample with d0 at l = 0 then becomes eq. 3.15 [221, p. 1-59]

d

d0
≈ 1 + (r/h)2

[1 + (y/h)2]2 + [1 − (y/h)2](r/h)2
(3.15)

For this approximation of the thickness gradient it was assumed that all imping-
ing particles condensate. However, condensation is a more complex process as
discussed in the following.
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3.1.4 Adsorption, Nucleation and Condensation

In the previous sections a material’s phase transition, vapor transport and im-
pingement onto a sample were considered. Actual condensation, nucleation and
growth into a thin film are determined by further conditions that are discussed
in the following.

The equilibrium impingement rate on a substrate is determined by a mate-
rial’s pv at their respective source temperature TS as given by eq. 3.11. The
condensation on the substrate depends on the respective partial pressure pp,sub
at the substrate. Considering source and sample with evaporation characteristics
according to the cosine-law (eq. 3.12), a mass evaporation rate from the source
as given in eq. 3.6 and an impingement rate on the sample in terms of eq. 3.11,
pp,sub can be expressed via eq. 3.16 [221, p. 1-89].

pp,sub =
Ao cos(ϕ)cos(θ)

πl2
pv(Teva) (3.16)

Condensation on the surface of a substrate from the vapor phase occurs when the
material’s pp,sub is equal to or higher than its pv at the substrate surface temper-
ature Tsub, i.e. when the vapor is supersaturated with respect to the temperature
of the substrate surface. The relationship between condensing vapor particles to
impinging particles is given by the condensation coefficient χ with 0 < χ ≤ 1.
Since Tsub is usually low compared to Teva, the vapor is commonly supersatu-
rated with respect to the substrate surface leading to a high χ. A higher Tsub

decreases the number of condensing particles, i.e. decreases χ until the critical
temperature Tc is reached at which all particles are reflected from the substrate
surface. Tc can be raised by increasing the impingement rate. Materials with
lower evaporation temperatures in general exhibit a lower χ at a constant Tsub.
This is well known for e.g. MAI and referred to as a low ”sticking factor” in many
works [207, 214] [H1]. χ can be improved by using a seed layer - in the case of
MAI it has been shown that PbI2 can be employed [H1].

Condensation is considered as the process of a phase transition from the vapor
to a condensed phase. This phase transition occurs via adsorption at a surface,
nucleation and the formation of large agglomerates that become stable at a critical
size. In order to examine condensation more closely, the intermediate steps are
considered.

Adsorption

Vapor particles emitted from an evaporation source have a mean kinetic energy of
1.29Teva eV with the source temperature Teva. In order for adsorption to occur,
the particle needs to equilibrate with the substrate rapidly. The probability for
equilibration with the surface is given in eq. 3.17 [221, p. 8-5] by the thermal-
accommodation coefficient αT with 0 < αT ≤ 1.

αT =
Ei,kin − Edes

Ei,kin − Edes,eq

=
Ti,kin − Tdes

Ti,kin − Tdes,eq

(3.17)

Ei,kin, Edes and Edes,eq correspond to the incidental kinetic energy and to the
energy of a desorbed (i.e. reflected) atom before and after equilibration with the
substrate, respectively. The given temperatures are defined accordingly. It was
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shown that incoming vapor particles can lose all their Ei,kin unless they are very
light or have extremely high Ei,kin (corresponding to 6000 K) [221]. The high
likeliness of their energy loss can be explained by the short time scale during
which it occurs: 2/ν - with the frequency of substrate phonons ν. χ = 1 as
assumed in the previous section is therefore not unlikely for many materials.

Assuming no stable condensation of vapor particles, an equilibrium between
impinging and re-evaporating particles is reached. The substrate coverage by
adsorbed molecules nad is then determined by the impingement rate R via eq. 3.18
[221, p. 8-7]. ∆Gdes and νdes are the Gibb’s free activation energy required for a
desorption process and the desorption frequency, respectively.

nad =
R

νdes
exp

(
∆Gdes

kBT

)
(3.18)

The adsorbed vapor particles travel along the surface until they desorb or reach
a fixed position by forming a stronger bond with the surface atoms. This is most
likely to occur at defects due to the larger amount of unterminated bonds. Since
the binding energy between a vapor particle and the substrate is usually lower
than the binding energy between two vapor particles, most particles diffuse until
they find another and subsequently remain in a fixed position. If R → 0 so that
the likelihood of two adsorbed particles meeting can be neglected, the substrate
coverage by adsorbed atoms is nullified. The mean time an adsorbed molecule
resides on the substrate surface is τad and can then be given in eq. 3.19 [221, p.
8-7].

τad =
1

νdes
exp

(
∆Gdes

kBT

)
(3.19)

Consequently, most condensation theories postulate an equilibrium of the density
of adsorbed particles and define a critical size, at which agglomerates become
more likely to grow further than to dissociate and desorb.

Agglomerate Formation and Nucleation - The Capillarity Model

In order for adsorbed vapor particles to agglomerate, the particles’ residence
time τad (eq. 3.19) on the sample needs to be high enough so that two adsorbed
particles can find each other, since their interaction with each other is usually
stronger than with the substrate and can render their state on the surface more
stable. Put differently, the impingement rate R of particles on the sample has to
be high enough, so that at any given point there are always adsorbed particles
within their surface-traveling distance of each other in their adsorbed state. For
this condition to be satisfied, a supersaturation greater than 1 at Tsub is necessary
to allow for the adsorption to be greater than desorption. Only then, the adsorbed
particles can agglomerate and eventually - if the agglomerates reach a stable size -
nucleate. A nucleated agglomerate (nucleus) has reached a stable condensed state
and does not dissociate, but it accumulates more particles and grows further, as
long as supersaturation is given.

The capillarity model uses the Gibb’s free energies G of the agglomerate’s
respective surfaces, interfaces and volume to define its stability. The model gives
the difference ∆G between the agglomerate’s adsorbed/nucleated state and its
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fully dissociated state in the vapor phase depending on its average linear dimen-
sion r in eq. 3.20 [221, p. 8-8]. Accordingly, an agglomerate with positive ∆G
is unstable and likely to dissociate and an agglomerate with negative ∆G has
reached a stable, nucleated state. The capillarity model postulates that, in order
for an agglomerate to nucleate, a maximum in ∆G - a critical ∆Gc has to be
overcome, before negative ∆G can be acquired.

∆G = a1r
2σagg−vac + a2r

2σagg−sub − a2r
2σsub−vac + a3r

3∆Gcond (3.20)

∆G in eq. 3.20 consists of 4 terms. The surface (between agglomerate and vac-
uum) term a1r

2σagg−vac uses the agglomerate’s surface area a1r
2 (an are constants

that take into account the agglomerate’s shape) and the surface’s Gibb’s free en-
ergy σagg−vac to account for the increase of ∆G during growth of the agglomerate’s
surface. The summand a2r

2σagg−sub defines the interfacial (between agglomerate
and substrate) G analogously with the interfacial area a2r

2 and the energy term
σagg−sub. The third surface area term a2r

2σsub−vac contributes the loss of G of the
substrate surface area that is covered up during formation and development of
the agglomerate. It is considered negatively, since the substrate’s surface G is re-
duced by the agglomerate’s coverage. Finally, the term a3r

3∆Gcond incorporates
the agglomerate’s volume (a3r

3) contribution. ∆Gcond is the difference between
G of a condensed particle in the bulk and the same particle’s G in its vapor state
as a monomer. ∆Gcond is defined by the film material’s volume V of a single
particle (monomer), the impingement rate R of particles on the substrate and
the re-evaporation rate Rbulk of bulk particles in eq. 3.21 [221, p. 8-8]. R/Rbulk

is the supersaturation ratio with R > Rbulk.

∆Gcond = −kBT

V
ln

R

Rbulk

(3.21)

Small agglomerates with high surface-to-volume ratios have high surface energies
which can make them unstable. When an agglomerate grows, the dissociation
probability increases at first due to an increase in surface area and, accordingly,
∆G grows due to the surface terms. The maximum ∆G is reached when the
agglomerate reaches a critical size (it is then called critical nucleus). The corre-
sponding r = r∗ is determined by eq. 3.22 via differentiation of eq. 3.20 [221, p.
8-8].

r∗ =
−2(a1σagg−vac + a2σagg−sub − a2σsub−vac)

3a3∆Gcond

(3.22)

A critical nucleus has the most unstable agglomerate size - i.e. highest Gibb’s free
energy ∆G with respect to its complete dissociation and evaporation - due to its
large surface-to-volume ratio and corresponding high surface energy. Removing
an atom from a critical nucleus will make it more likely to dissociate. However,
adding an atom to a critical nucleus makes it more stable and increases its like-
lihood to grow in size and form a permanently condensed deposit (nucleus). For
r > r∗ the r3 term in eq. 3.20 dominates and the agglomerate’s stability increases
rapidly due to the binding force between agglomerated particles exerted by the
condensation energy ∆Gcond in the bulk.

The capillarity model explains the principal necessity of an agglomerate to
reach a certain size in order to stabilize its condensed state sufficiently well.
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However, it applies bulk surface energies to small agglomerates, making calcula-
tions for small critical agglomerate sizes r∗ inaccurate. For small r∗, the Atomic
Small-cluster Model is more exact, because it defines a potential internal energy
EN giving the energy of dissociation of an agglomerate containing N atoms into
N desorbed monomers. More details can be found in ref. [221].

Film Growth Modes

Following the formation of critical nuclei the growth of a thin film is finally en-
abled. Pashley et al. have distinguished four stages of growth via in situ electron
microscopy [228]: i) nucleation and island growth ii) joining of islands iii) channel
and hole formation iv) growth of continuous film. Depending on the saturation
vapor pressure, impingement rate, source and substrate temperatures, adhesion
and cohesion energies and other parameters, the islands develop varying contact
angles to the substrate and grow smaller or larger before joining and forming a
continuous film.

Three distinct modes are usually considered: i) layer-by-layer (Frank-van
der Merwe) ii) island (Volmer-Weber) iii) layer-plus-island (Stranski-Krastanov)
growth [222]. A low specific surface free energy (SFE) of the agglomerate incen-
tivizes layer-plus-island growth. This mode requires similar lattice parameters
for substrate and deposit, which allows for initial epitaxial growth up to a crit-
ical thickness. Subsequently island formation releases strain caused by lattice
misftis between the substrate and deposit [229]. Higher SFEs first lead to island
growth and eventually, for very high SFE, to layer-by-layer growth in order to
minimize the surface-to-volume ratio. These two growth types are not limited
to lattice-matched deposits and substrates. Island growth is usually favored for
cases when the cohesion energy (between particles of the evaporated material) is
larger than the adhesion energy (between material and substrate). This causes
the material to agglomerate rather than spreading out homogeneously to form
a uniform layer [230]. Accordingly, layer-by-layer growth is favored when the
adhesion energy is greater than the cohesion energy.

Defects During Growth

During the early stages of nucleation, the small island-type grains will perform
single-crystal-like growth. Upon touching with other islands the formation of
grain boundaries can lead to defects.

Dislocations are the type of defect most frequently encountered in evaporated
films. Dislocations are linear defects that exhibit an abrupt change in the atomic
arrangement and will usually end in another defect or extend to the boundary of
the crystal. They can be the origin of lattice rotations or displacements between
the respective joining islands. They may also result from interfacial stress release
between substrate and film. Still, most dislocations develop while islands join
and channels/holes on the substrate surface are covered up.

Another natural origin of defect formation are grain boundaries that can also
form when islands join. In general, the higher Tsub during evaporation or an-
nealing, the larger the grains will become since the film will decrease its total
energy by reducing its grain boundary area. Lower Tsub will lead to smaller grain
sizes. R also influences grain formation. At high rates the adsorbed particles
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will not be able to diffuse before being buried under the next layer of imping-
ing vapor particles, potentially inhibiting diffusion and promoting lattice faults.
However, the rate needs to be above a certain threshold in order to dominate over
the temperature-induced effects. Below this threshold solely Tsub determines the
grain size. Above the threshold higher rates will decrease grain sizes.

Since higher Tsub also enhances diffusion, because of the higher mobility of the
involved particles and their enhanced ability to reach an ”ideal” position within
the lattice, lattice defaults in the bulk are reduced. Lower Tsub in turn increase
the surface area, possibly by allowing protruding peaks to shadow the substrate
surface and film area from impinging vapor particles.

3.2 Thin Film Preparation

3.2.1 Setup for Evaporation of Perovskite Absorbers

For deposition of perovskite absorbers a high vacuum chamber with a base pres-
sure of 2 × 10−5 mbar was used. The vacuum chamber is a self-made hollow
steel cuboid designed by our group (photograph in fig. 3.2). A turbo molecular
pump (TMP) and a fore-pump are firmly attached. The installation is fixed on
an aluminum setup and can be moved through the laboratory on wheels in order
to allow for the exchange of different vacuum chambers for different materials
(CuInGaSe, CuZnSnSe, InS) in the in situ XRD system (see chapter 3.3).

During this thesis, up to 5 evaporation sources were used in the chamber.
This included two Radak II [231], two CreaTec Dual Filament Cells (DFC) [232]
and one low temperature CreaPhys Organic Molecular Evaporator [233]. Each
evaporation source is fixed on a high-vacuum flange which is attached to the floor
of the vacuum chamber. Through the respective flanges, the source tempera-
tures are controlled by each respective power supply and monitored using type
C thermocouples. The respective materials are placed in so-called liners made of
pyrolytic boron nitride (PBN) or aluminum oxide. The liners can then be placed
inside the evaporation sources. Information on the materials and sources used in
this thesis can be found in table 3.1.

Up to six substrates can be placed on a molybdenum substrate holder during
deposition (see fig. 3.1. To allow for more homogeneous film coverage between
different substrates mostly up to four substrates were used per run. The central
substrate is situated 2 cm below the others on two ledges that allow the sample
to be hit by in situ lasers and X-ray. The X-ray enters and exits the chamber
through Kapton windows in the side walls of the chamber and is used to observe
the evolution of crystalline structures via XRD. Red and infrared lasers for laser
light scattering (LLS) enter and exit through flanges at the floor of the chamber.
LLS also responds to amorphous structures and is used as a secondary, qualitative
measure for deposition speed. It is very useful for this purpose, because, other
than the QCM, the measurement is performed directly on the central sample.
Thus, the information is directly comparable to the in situ XRD measurement.
However, it is not utilized for quantitative evaluation of our experiments since
error values are too large.

The deposition rate is measured via a quartz crystal monitor (QCM) with a
base frequency of 6 MHz. The QCM’s position is adjusted to the same height
as the substrate holder, as close as possible to the substrate, but in a way that
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Figure 3.1: Illustration of the substrate holder and evaporation sources from
above. The source numbers correspond to those given in table 3.1. Up to six
samples can be placed in the holder, but only four samples were used per evapo-
ration process. Two sample spots were not used, as indicated by the red crosses.
The X-ray beam hits the center sample from below, which is located lower than
the other samples on two ledges. This allows the sample illumination by the
X-ray beam on an area stretching from the left edge of the sample to the right
for low incident angles.

no substrate is shadowed by it. The change in mass ∆m is quantified via the
oscillation frequency change ∆f of the QCM via the Sauerbrey eq. 3.23. The
initial frequency of the QCM amounts to f0=5.98 MHz, its area A=1.53 cm2,
its density ρq=2.65 gcm−3 and the shear modulus µq=2.95 × 1011 gcm−1s−2. In
order to calculate the as-grown thickness ∆d=∆m/(ρmat · A) on the sample, the
Sauerbrey equation is modified by the grown material’s density ρmat via eq. 3.24.
The QCM area A is then omitted. The tooling factor Tf in eq. 3.24 accounts
for the difference in growth rate between QCM and sample due to their different
positions in the chamber.

Tf is determined via flux rate measurements. The thickness determined via
QCM during a flux rate measurement is compared to the thickness determined via
scanning electron microscope (see section 3.4.2) for every evaporation source and
material. Then, the live thickness measurement via QCM can be related to the
actual material thickness on the sample for future processes using Tf according
to eq. 3.24.

∆m = −
A
√
ρqµq

2f 2
0

∆f (3.23)

∆d = −
√
ρqµq

2f 2
0ρmat

· Tf (3.24)

The data in [H1] was collected while the evaporation setup was used without an
attached in situ glovebox , so that the samples were exposed to air when opening
the chamber. For later publications [H2–H4,H4] an in situ glovebox provided by
Sylatech GmbH (a different glovebox was used for transport layer preparation, see
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Figure 3.2: Photograph (left) and scheme (right) of the evaporation chamber.

section 3.2.2) was attached to the vacuum chamber. This enables the handling
of newly prepared samples under inert gas (N2) atmosphere in order to greatly
reduce degradation effects incentivized by O2 and H2O vapor (see chapter 2.2.3).
The samples could also be stored in the in situ glovebox’s N2 atmosphere for
better structural durability before being exposed to air for measurements. The
in situ glovebox reduced the O2 and H2O contents to values between 15 ppm to
70 ppm.

Source
No.

Type Materials
Temperature
Range [◦C]

1
CreaPhys
[233]

FAI 120-200

3
CreaTec
[232]

PbI2 280-320

5
CreaTec
[232]

CsI 390-420

7 Radak [231] PbBr2 390-420
8 Radak [231] C60 370

Table 3.1: Evaporation source types, their main materials and respective tem-
perature ranges.

3.2.2 Solar Cell Architectures

To complete the solar cell stacks, electron/hole transport layer (ETL/HTL) as
well as contact layers have to be deposited. Specific processing parameters are
provided in [H1, H2]. Essentially, in the n-i-p solar cell configuration in [H1], an
ITO substrate was used. As ETL, a nanoparticle SnO2 layer was spin-coated at
air and a C60 layer was deposited in the in situ vacuuum chamber, which was
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Figure 3.3: a: Shadow mask for evaporation of Ag/Au. It defines the area of
the sample that is covered with Ag/Au during evaporation. b: Shadow mask for
current density-voltage (j-V ) measurement defining the cell area of 0.1 cm2. c:
Schematic representation of the cell structure of the n-i-p solar cell in [H1] after Au
evaporation. For j-V measurement, the cells are illuminated from the bottom and
can be contacted individually via the rectangular-shaped back contacts. In [H2]
the same contacting architecture is used for evaporation of Ag onto the p-i-n solar
cell.

also used for perovskite deposition. After perovskite deposition, PTAA was spin-
coated in a glovebox provided by Sylatech GmbH as the HTL and the contact
layer Au was evaporated in a designated vacuum chamber. The O2 and H2O
concentrations in the glovebox were kept below 50 ppm, respectively, at all times.
In the p-i-n structure, NiO was deposited via electron beam evaporation on an
ITO substrate. After perovskite evaporation the buffer layer phenyl-C61-butyric
acid methyl ester (PCBM) and ETL ZnO were deposited via spin-coating in the
same glovebox used for HTL preparation in n-i-p structure. Finally, Ag was
evaporated as a contact layer in the respective designated chamber.

The Au and Ag evaporation patterns define the solar cell structure on the
sample. A shadow mask is used to cover the sample during Au and Ag evaporation
- apart from the predefined cell area and the respective contacting areas. The
shadow mask for evaporation is shown fig. 3.3 a. It allows the deposition of three
cells per sample. Fig. 3.3 b shows the shadow mask for current density-voltage
(j-V ) measurement. It defines a total area of 0.1 cm2 for the j-V measurement.
The scheme in fig. 3.3 c demonstrates the sample coverage after evaporation of
the contact layer. For j-V measurement, the sample illuminated from the bottom
through the ITO layer and is contacted at the long Au contact on the right side
and the respective cell’s rectangular contact on the left side.

3.3 (In Situ) X-Ray Diffraction

The evaporation setup used in this thesis is designed as to allow an in situ X-ray
diffraction (XRD) measurement. The uniqueness of the herein employed setup
lies within the observation of the crystallization and reaction during thin film
growth. In the following a brief introduction to XRD in general is given and the
in situ XRD setup and data evaluation are explained. For further details on XRD
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theory the reader can refer to other educational works [234,235].

3.3.1 Standard X-Ray Diffraction

When an X-ray photon with wavelength λ interacts with an electron, it can
scatter elastically. During elastic scattering, the electron is very briefly excited
from its ground state. During transition back to its ground state it re-emits a
photon with the same wavelength λ as the initial incoming photon. A crystal
structure comprises a large amount of atoms and their electrons in a periodical
structure. The atomic order can be described as families of equidistant identical
lattice planes, which are specified by their reciprocal axis intercepts - their Miller
indices h, k and l.

dhkl =
1√

h
a

2
+ k

b

2
+ l

c

2
(3.25)

A family of lattice planes is then referred to as (hkl) and the distance dhkl between
two adjacent planes is given by eq. 3.25 for lattice structures with orthogonal axes.

The wavelength of X-ray radiation is in the same range as the distances be-
tween lattice planes. Therefore, XRD offers the possibility to resolve these planes
via constructive/destructive interference by photons diffracted at the same (hkl)
family. As the photons penetrate the crystal, their wavelength λ and the consid-
ered lattice plane distance dhkl determine the diffraction angle θ at which con-
structive interference occurs. This is described by the Bragg condition in eq. 3.26
with the diffraction order n.

nλ = 2dhkl · sin(θ) (3.26)

(3.27)

Two X-ray photons with the same wavelength λ diffracted at the same angle θ
by two atomic shells on parallel lattice planes from the same family (hkl) will
constructively interfere, if the extra distance that one of the photons has to
cover is equal to a multiple of their wavelength λ. As the distance between to
adjacent lattice planes dhkl decreases the diffraction angle at which constructive
interference will occur increases, if λ is constant. A scheme of the Bragg condition
is depicted in fig. 3.4.

The intensity Idiff,hkl of the diffracted radiation is proportional to square of the
absolute value of the structure factor |F (hkl)|2 of the respective family of lattice
planes (hkl). Idiff,hkl therefore depends on the type of atoms and their electronic
structures [234]. The structure factor can be approximated via eq. 3.28 using
the atoms’ positions r⃗j = (xj, yj, zj) in the unit cell and the momentum transfer
r⃗∗ = (h, k, l), which describes the respective diffraction plane in reciprocal space.

F (hkl) =

nAtoms∑
j=1

fj(r⃗∗) · exp 2πi (r⃗∗·r⃗j) (3.28)

fj(r⃗∗) =

∫
V

ρj(r⃗ − r⃗j) d
3r⃗ (3.29)

The atomic form factor fj(r⃗∗) is the fourier-transformed electron density of the
respective atom type in its relaxed ground state, as given in eq. 3.29. Here, V is
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Figure 3.4: Schematic X-ray diffraction. X-rays with wavelength λ enter from the
top left and diffracted X-rays are detected at the top right corner. The incidence
angle of the X-rays is θ. The X-rays are diffracted at lattice plane family (hkl)
with interplanar spacing dhkl. Constructive interference occurs for specific λ, θ
and dhkl as given by the Bragg condition in eq. 3.26 and explained in the text.
Adapted from reference [236]. Copyright via Creative Commons.

defined as the volume in which the atom’s electron density distribution is different
from zero.

Constructive interference occurs for those (hkl) whose normal vectors are or-
thogonal to the surface of the thin film so that the lattice planes are aligned in
parallel with the surface. For an ideal polycrystalline film this condition is satis-
fied for all (hkl), since crystallites with all possible orientations exist. The crystal
structures observed within this thesis comprise several perovskite phases such as
the cubic (α) and hexagonal (δ) FAPbI3 and tetragonal MAPbI3 as well as their
individual components. The most prominent diffraction planes and respective 2θ
angles of all phases can be found in table 3.2. Their literature intensities are
usually expressed in relative intensities. For cubic FAPbI3 the most intense peak
is the (100) peak produced by diffraction at θ =13.9◦ [77]. The corresponding
d100 =6.359 Å is also the edge length of the cubic unit cell and corresponds to the
distance between two Pb atoms. The (100) family of planes is therefore the stack
of plains spanned by parallel linear series of Pb-Pb-Pb... atoms. Since the Pb
atoms have by far the highest electron density of all atoms in the lattice, their
diffraction intensity given by the F (hkl) and fj(r⃗∗) will yield the highest relative
intensity of all peaks, as experimentally verified [77]. The relative intensity I100
of the (100) peak is closely followed by I200 resulting from a family of planes with
half the distance d200 compared to d100. Therefore, the diffraction peak (200)
is the result of stacked parallel planes with in-plane series of Pb-I-Pb-I... and
I-V-I-V... with vacant virtual lattice points V at the center of the outer planes
of the cubic unit cell.

The next highest intensity I210 is a result of a series of I atoms at the centers
of the edges of the unit cell paired with a parallel sequence of Pb-I-Pb-I... atoms.
Full θ-θ scans of FAPbI3 and MAPbI3are shown in [H3] and [H1], respectively.

As discussed above, the intensity of a peak is determined by the structure
factor of the respective (hkl). However, the number of lattice planes (number
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and size of crystallites/domains with the same orientation) contributing to the
constructive interference also influence the intensity. Therefore, the influence of
a substrate lattice or a seed layer inducing orientational preferences [H1] can also
enhance or reduce specific (hkl) intensities. Additionally, conditions enabling
growth of larger crystallites/domains can also enhance peak intensities.

The domain size in a strain-free lattice structure can be approximated via an
average crystallite linear dimension D depending on the measured peak width
β via the Scherrer equation 3.30 . θ is the Bragg angle, λ is the wavelength of
the X-ray radiation and K is a crystal shape-related value usually set to 0.9.
β0 corresponds to the peak broadening caused intrinsically by the instrumental
setup, so β − β0 yield the physical peak width.

D =
K · λ

(β − β0) · cos θ
(3.30)

However, the peak width is normally influenced by the domain size and the
strain present in the material induced e.g. by epitactic growth or defects. The
peak width has different angular dependencies on domain size and strain, namely
1/cos θ and tan θ, respectively [244]. Therefore, the total peak broadening βt can
be described via eq. (3.31).

β2
t =

[
0.9 · λ

(β − β0) · cos θ

]2
+ (4ϵ · tan θ)2 + β2

0 (3.31)

In general, a peak broadened mainly by grain size can be approximated using
a Lorentzian profile [245] as given by L(x,Γ) in eq. (3.32) with the position
x0 of the peak maximum and the full width at half maximum (FWHM, Γ). If
interplanar strain is the main contribution to peak broadening, the peak profile is
best described by a Gaussian function in eq.( 3.33). A split pseudo-Voigt function
pV (x) combines and weighs both contributions of L(x,Γ) and G(x,Γ) to the peak
profile as given in eq. (3.34) and is therefore used within this thesis. The factor
η weighs the respective contributions. Since L(x,Γ) and G(x,Γ) are normed, the
maximum peak height is given by I. The fitting in this thesis is done via the
program PDXL version 2.8.1.1 by Rigaku inc.

L(x,Γ) =
1

π

Γ/2

(x− x0)2 + Γ/2)2
(3.32)

G(x,Γ) =
1

σ
√

2π
exp

(
−(x− x0)

2

2σ2

)
(3.33)

pV (x) = I · (ηG(x,Γ) + (1 − η)L(x,Γ)) (3.34)

The X-ray photons enter the chamber through a Kapton window (as described
in section 3.2) and hit the sample (scheme in fig. 3.2). After scattering by the
sample they exit through another Kapton window on the opposite side and are
then captured by the linear X-ray detection array. We employ a Cu X-ray tube
providing Cu-Kα radiation with a wavelength of 1.54 Å. The occuring Kβ intensity
is attenuated to 5 % of Kα by a Ni filter. The electron acceleration voltage for
creation of the X-ray radiation is set to 35 kV and the current to 40 mA which
results in a total power of 1.4 kW.
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The system applies a 1D linear detector consisting of three Mythen 1K de-
tector modules attached to the goniometer for the angular resolved detection
of the scattered X-rays. The detector setup enables the measurement of a 28◦

range of scattering angles every 60 s. For ex situ θ-θ scans the sample remains in
place while X-ray source and detector array move along the goniometer circle in
steps of 1◦, always matching incidence and exit angles θ of source∠sample and
sample∠detector-center, respectively. θ-θ scans are measured from 10◦ to 50◦.
At each θ, a 28◦ measurement is recorded and the central 1◦ recorded by the
detector-center is used for evaluation so that θ is maintained as the exit angle.
For this measurement type to be effective, multicrystalline samples are required,
since X-ray source and detector are static and will only detect planes with a nor-
mal vector splitting the 2θ angle in half. The measurement of a single crystal
could suffer from unfittingly oriented crystal planes, which might not be observed.

The film is illuminated by a divergent beam along its whole width. The center
part of the X-ray beam hits the sample at angle θ and reaches the detector at the
same angle with respect to the sample, satisfying the Bragg condition for some
(hkl). The divergent part of the beam hits the sample edges at angles of θ + ∆
and θ − ∆, respectively. The divergent beam parts are then diffracted towards
the detector at angles of θ−∆ and θ+∆, respectively, yielding a total diffraction
angle of 2θ and contributing to the measured peak intensity at this diffraction
angle. It follows that this correlation holds for the whole beam along the sample
width.

3.3.2 In situ Measurement

In situ XRD is ideally suited to analyze the initial thin film growth as well
as the film’s undergoing structural and crystallographic evolution during exter-
nal influences as elaborated in ref. [246]. It is well-established for growth during
solution-based processes [247–249] or temperature-dependent changes [48,59,191].
Even degradation mechanisms caused by humidity and elevated temperatures
have been investigated via in situ XRD [250,251] or in situ GIWAXS [252] (graz-
ing incident wide angle X-ray scattering, see section 3.4.1).

The distinctiveness of the in situ XRD setup employed in this thesis is that
it allows for real-time observation of developing phases during evaporation and
post-treatment, e.g. post evaporation or annealing. For better comprehension of
the in situ measurement, an illustration of the color-coded intensity plot (col-
orplot) is given in fig. 3.5. For this measurement, incidence and exit angles
were set to θ =11◦. The detector-center is then at 22◦ and the detector lim-
its are at 8◦ and 36◦, respectively. In Step 1 a 60 s long measurement is plot-
ted - shown on the left. The rectangular peaks at 17.2◦ and 26.7◦ are arte-
facts caused by the gaps between the three detector modules. During Step 2
the measurement plot is converted to a line. The original x-axis θ values re-
main the same, but the intensity (originally y-axis) is color-coded. Finally,
in Step 3 the string of color-coded single measurements results in an in situ
XRD colorplot (Step 3), as shown on the right of fig. 3.5. In the colorplot,
the y-axis corresponds to the diffraction angle 2θ, the x-axis is the relative pro-
cess time during which the data were taken and the intensity is color-coded.
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Figure 3.5: Illustration to show the formation of the in situ XRD color plot. In
Step 1 a diffractogram is recorded over a duration of 60 s. Step 2 illustrates the
change of diagram type. Here, the x-axis remains as in Step 1, but the y-axis
(intensity) is converted to a color scale. In Step 3, the diffractogram is turned 90◦

so that a time-correlated course of peak progression can be observed in the color
plot from left to right. In this case a CsI flux measurement can be observed, in
which mainly the CsI (110) and the corresponding Kβ peaks can be observed at
27.5◦ and 24.5◦, respectively.
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Material Crystal Space Lattice
XRD
2θ

Rel. Source

Structure Group Plane Angle Int.

CsI cubic
Pm-3m
(221)

(110) 27.59◦ 1000 [237]

MAI tetragonal -
(002)
(101)
(110)

19.71◦

19.93◦

24.57◦

600
1000
800

[238]

FAI
mono-
clinic

P21/a
(14)

(1̄21)
(111)
(002)

24.73◦

24.91◦

25.64◦

1000
698
532

[239]

PbI2 hexagonal
P-3m1
(164)

(001)
(002)
(101)

12.67◦

25.51◦

25.92◦

250
40
1000

[240]

PbI2
rhombo-
hedral

R-3m
(166)

(101)
(104)

22.91◦

28.30◦
351
1000

[241]

PbBr2
ortho-
rhombic

Pnam
(62)

(200)
(111)
(220)
(211)

22.03◦

23.70◦

28.96◦

30.55◦

310
730
530
1000

[242]

MAPbI3 tetragonal
I4cm
(108)

(002)
(110)
(004)
(220)
(114)
(222)

13.99◦

14.13◦

28.19◦

28.47◦

31.66◦

31.91◦

547
1000
376
570
291
429

[49]

FAPbI3 cubic
Pm-3m
(221)

(100)
(110)
(111)
(200)
(210)

13.92◦

19.73◦

24.23◦

28.05◦

31.44◦

1000
148
151
825
690

[77]

FAPbI3 hexagonal
P63mc
(186)

(100)
(201)

11.79◦

26.28◦
1000
688

[71]

FAPbBr3 cubic
Pm-3m
(221)

(100)
(110)
(200)

14.77◦

20.95◦

29.80◦

1000
325
589

[243]

Table 3.2: Most prominent XRD 2θ peaks for crystal phases of materials found
within this thesis.
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3.4 Other Characterization Methods

The central technique used in this thesis is the in situ XRD analysis as explained
in section 3.3. However, several complementary methods are used to provide fur-
ther information on the grown materials, crystals and phases. Grazing incidence
wide angle X-ray scattering (GIWAXS) yields information on the orientational
distribution of crystal phases in the film close to the surface. A scanning elec-
tron microscope (SEM) is used to image the morphology of the thin film. These
cross-sectional and top view images help to understand the growth process and
distribution of species/phases along the thickness of the layer. Energy dispersive
X-ray spectroscopy (EDX, also EDS) resolves the atomic constituents and their
relative amounts in the bulk. Current density-voltage (j-V ) analysis is essential
for interpretation of solar cell parameters and performance. Finally, Photolumi-
nesce (PL) and time-resolved photoluminescence (TRPL) grant additional insight
into the optoelectronic properties in the bulk and at the interfaces.

3.4.1 Grazing Incidence Wide Angle X-Ray Scattering

Grazing Incidence Wide Angle X-Ray Scattering (GIWAXS) is a useful tool to
investigate the orientational distribution of a polycrystalline thin film. Similar to
XRD, an X-ray beam is used to initiate constructive interference on the sample as
explained in section 3.3. The main differences to XRD consist of (i) the low angle
of the incidence beam (”grazing”), which makes the measurement more surface
sensitive (ii) a 2D detector allowing the observation of almost 180◦ rotational
distribution (”wide angle”) of the observed lattice planes.

In order to explain the underlying measurement principle, another concept for
determining constructive interference in XRD is introduced. The Laue equation
in eq.( 3.35) in the reciprocal space is equivalent to the Bragg eq. (3.26) [234].

k⃗in/λ and ⃗kout/λ correspond to the directions of incoming and diffracted wave
vectors, respectively, with length 1/λ.

q⃗ =
⃗kout
λ

− k⃗in
λ

!
= G⃗ (3.35)

If their difference q⃗ is equal to an arbitrary reciprocal lattice vector G⃗, constructive
interference will occur at these conditions.

A graphical interpretation can be given as displayed in fig. 3.6. The reciprocal
lattice is given by the respective lattice vectors a⃗∗ and b⃗∗. The vector k⃗in of the
incoming wave is determined by the experimental setup and points towards the
origin O of the reciprocal lattice. The vector k⃗in/λ with length 1/λ starts at P and
ends at O. The so-called Ewald sphere (here: 2D circle) with radius 1/λ is drawn
around P and its size is determined by the X-ray wavelength. For every reciprocal
lattice point (end point of a reciprocal lattice vector G⃗) that lies on the surface of

the Ewald-sphere, the vector k⃗out/λ from P towards this lattice point fulfills the

Laue equation for constructive interference. The angle between k⃗in and k⃗out is
2θ. If the wavelength λ is too large, the Ewald-sphere radius will be so small that
no lattice points can be found within the sphere and no constructive interference
can occur. In the common presentation of GIWAXS measurements, the data
is Fourier-transformed. The resulting plot can be interpreted as a projection
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Figure 3.6: Construction of the Ewald-sphere for interpretation of the Laue con-
dition in eq. (3.35) for constructive interference.

of the Ewald-sphere. For further details on the measurement technique refer
to [253, 254]. GIWAXS measurements were performed in a SAXSLAB setup
(Retro-F , Copenhagen, Denmark) at 20-40µbar. Details of the setup are best
described in ref. [255].

3.4.2 Scanning Electron Microscopy

An scanning electron microscopy (SEM) is a useful tool to observe the microscopic
structure of a sample. An SEM focuses an electron beam onto a sample and
uses the back-scattered electrons (BSE) and secondary electrons (SE) to produce
an image of its morphology. An SEM setup is also needed to enable electron
dispersive X-ray spectroscopy (EDX), which is discussed in the following section
3.4.3.

More specific, SEs result from inelastic scattering of the incoming electrons
with the atoms in the sample. SEs have energies below 100 eV, enabling an
average travel distance of 1 to 2 nm in a solid, since the probability of elastic
scattering is inversely proportional to the kinetic energy [256]. It follows that SE
imaging allows a resolution of the topography of a sample, but lacks information
of the sample properties below the surface. BSEs result from elastic scattering
with the nucleus’ close to the surface of the sample. The kinetic energy of BSEs
is high. Consequently, they can reach the detector from deeper within the sam-
ple compared to SEs. However, due to the depth of the acquired signals, the
resolution is reduced. The BSE’s detected intensity is related to the respective
atomic number (Z). Therefore BSE images allow to resolve the distribution of
heavy atoms within the sample.

For this thesis, a Zeiss Supra 40 VP with two Everhart-Thornley detectors
[257] was used. The angular detector (AD) for SEs is attached inside the chamber
in a certain angle with respect to the electron beam. The second so-called ”in-
lens” detector is situated within the SEM pillar. It uses the electrostatic lense
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of the electron beam to extract SEs that travel back in the opposite direction
of the beam. The working distance (WD) of the AD has a lower limit since the
SEM pillar will cover the sample at low WD as seen from the AD. An optimum
resolution was achieved at comparably low working distances of 2 to 3 cm (in-
lens) and 7 to 8 cm (angular) between detector and sample. The SEM allowed
a gun vacuum of 10 × 10−10 mbar and a chamber vacuum of 10 × 10−6 mbar.
When investigating organic perovskites in an SEM one needs to be careful as
not to damage the sample at hand, since the electron beam can disintegrate the
organic component [216, 258]. Therefore, low acceleration voltages between 2 to
5 kV were used for the electron beam with low beam apertures of 20 to 30µm.
To prevent charging of the sample, a conducting carbon tape was employed to
establish contact between the area of interest on the sample and the grounded
substrate holder. This is especially relevant when imaging the cross-section of
thin films on non-conductive substrates such as glass/ITO (indium tin oxide) or
glass/FTO (fluorine-doped tin oxide). Otherwise if no conductive tape is used to
cover the non-conducting glass, heavy charging of the latter will lead to unstable
measurement conditions that impede well-resolved imaging.

3.4.3 Energy Dispersive X-Ray Spectroscopy

Determining the atomic composition and atomic distribution in a sample is key
for the interpretation of its crystal and optoelectronic properties and is a crucial
feedback for the adjustment of evaporation fluxes via the obtained film stoichiom-
etry. Energy dispersive X-ray spectroscopy (EDX) allows a measurement of the
atomic ratios within a sample. An incoming electron beam excites electrons from
the outer shells. The replenishment of the inner-most orbital happens through
relaxation of electrons from energetically higher orbitals. This leads to the emis-
sion of characteristic X-ray photons which can be analyzed for quantification of
elemental ratios.

The characteristic radiation of atoms is denoted through two letters specify-
ing the energetic transition. The first letter (K, L, M etc.) indicates the main
quantum number of the initially vacant orbital, so K corresponds to n = 1. An
index (α, β, γ etc.) names the original state of the relaxing electron by giving the
difference in main quantum number of the transition, where α corresponds to ∆n
= 1. For a transition from n = 2 to n = 1 (Kα), the change in orbital quantum
number ∆l needs to be 1. Therefore, two transitions Kα1 and Kα2 exist where the
index 1 stands for the higher energy transition.

To prevent perovskite degradation by electron beam exposure the acceleration
voltage was kept between 8 and 10 kV during EDX measurements. For this
reason, Pb M-lines (Mα1, Mβ1, Mγ1 etc. and I, Br and Cs L-lines were measured
and evaluated. The most prominent transitions are listed for the elements Pb, I,
Br and Cs in tab. 3.3. H cannot be measured via EDX due to its low emission
energies, which do not pass the Beryllium window protecting the detector. C and
N can theoretically be detected, but their transition energies are also low and
therefore strong superposition with other emission prevents their reproducible
quantification in our setup.

For the EDX measurements within this thesis, a Bruker EDX detector was
attached to the Zeiss Supra 40 VP SEM. In order to avoid visible electron beam
degradation, for the measurements presented here a low magnification of 500 was
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Element Kα1 [keV] Kα2 [keV] Lα1 [keV] Lα2 [keV] Mα1 [keV]
Pb 74.969 72.804 10.552 10.449 2.346
I 28.612 28.317 3.938 3.926 -

Br 11.924 11.878 1.480 1.480 -
Cs 30.973 30.625 4.287 4.272 -
C 0.277 - - - -
N 0.392 - - - -

Table 3.3: Energies of characteristic X-ray radiation for the elements found in
organic lead halide perovskites discussed in this thesis [259]. I, Br and Cs M
transition energies are not used for quantification. C and N Kα1 transition energies
are too low to enable a reproducible quantification with the detector used during
this thesis.

used, which causes a low electron/area exposure. For quantification, a Bruker
program was used that employs a standardless peak to background (P/B) ZAF
(atomic number ”Z”, absorption ”A” and fluorescence factors) fitting.

3.4.4 Current Density - Voltage Analysis

To determine a solar cell’s (SC) ability to convert solar to electric power, the
power conversion efficiency (PCE) has to be obtained. During a current density-
voltage (j-V ) measurement, the SC is illuminated by a standardized AM 1.5 light
spectrum at room temperature while its power output is determined for certain
voltages during a voltage sweep. From the j-V measurement the short-circuit
current density (jSC), the open circuit voltage (VOC), the fill factor (FF) and the
PCE are determined, which allow a comparison to other SCs.

To describe the j-V behavior of a thin-film SC in its simplest form, a diode
equation can be used according to eq. 3.36 [260]. j and V are the current density
and voltage measured at the electrodes, jph is the photogenerated current density,
j0 is the reverse-bias saturation current density, Rsh and Rs are shunt and series
resistances, respectively. n, q, kB and T correspond to the ideality factor, unit
charge, Boltzmann-constant and temperature, respectively.

j = jph − j0 ·
[
exp{q(V + jRs)

nkBT
− 1}

]
− V + jRs

Rsh

(3.36)

For a MAPbI3 p-i-n SC a two diode model proved to be more precise for fitting
experimental data [261]. In this case, the diode term j0 · exp{...} term would be
replaced by two diode terms which are given in 3.37. This model is developed from
the assumption that only non-radiative (first term, n=1) and shockley-read-hall
(SRH) recombination (second term, n=2) paths play a role [107]. In an equivalent
circuit the two theoretical diodes are in parallel to each other and to Rsh while
Rs is connected in series.

−j01 exp{q(V + jRs)

kBT
} − j02 exp{q(V + jRs

2kBT
} (3.37)

For numerical drift-diffusion modeling of the j-V behaviou the poisson equation,
carrier continuity equations at steady state and drift diffusion equations are used
[107] and enable theoretical device optimization [262].
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The measurement of a PSC j-V curve has to be done delicately, since PSCs can
exhibit hysteresis (see section 2.2.2) and short-term stability (see section 2.2.3. If
a PSC shows hysteresis, an extended measurement protocol should be followed to
determine the actual quality of the cell by varying the voltage sweep speed [137,
263]. In any case, observing the stabilized j/PCE in addition to the j-V curve
helps to improve understanding and comparability of the PSC. Additionally, dark
j-V curve measurements can give valuable insight into charge carrier properties,
such as charge carrier mobilities, trap densities and ion densities [42].

The setup used during this thesis was controlled by a LabView program op-
erating a Keithley 2400 source measure unit. The light stemmed from a 300 W
Omnilux lamp which provided 100 mW/cm2 AM 1.5 illumination at 25 ◦C. A
sample comprised three cells, each with an area of 0.096 cm2 defined by a shadow
mask.

3.4.5 Photoluminescence

Photoluminescence spectroscopy (PL) is the measurement of the emitted lumi-
nescence light spectrum of a material driven by optic excitation. E.g. one can
obtain information on the band gap energy Eg. As such, PL is a valuable com-
plementary measurement to the pure structural method of XRD.

Upon illumination of a semiconductor with photons of sufficient energy, elec-
trons are excited from the valence band (VB) into the conduction band (CB).
Due to the continuous distribution of energy states within the bands, the ex-
citation can be driven by photons with energies larger than Eg. The excited
electrons (holes) relax towards the CB minimum (VB maximum) and can re-
combine through radiative and non-radiative recombination. The former leads
to emission of (photo-) luminescence, while the latter can lead to heating of the
sample. Therefore, PL can be used to determine the Eg of a material and to ob-
serve its phase purity. Eg is mostly given by the dominant peak in the obtained
luminescence spectrum. If several peaks exist in the spectrum, several phases
might exist. E.g. in mixed-halide perovskites, phase separation through halide
migration (see 2.2.3) can cause two peaks in the PL spectrum, if the energy of
the exciting photons is large enough to excite both electronic transitions.

Further, the PL intensity can give information on the preferred recombina-
tion mechanisms. The higher the intensity, the higher (lower) the probability
of radiative (non-radiative) recombination processes. In fact, in a well defined
and calibrated setup, the quasi-Fermi level splitting of phase pure layer can be
determined by measuring its absolute intensity [264]. In the context of PSCs,
steady-state PL e.g. has been used to identify the limiting components and in-
terfaces [265,266].

The luminescence spectrum YPL(E) of a semiconductor as given in eq. 3.38
is dependent on the absorptivity a(E) of the semiconductor and the quasi-fermi-
level splitting ∆Ef [267]. ϕbb is the blackbody spectrum emitted into a hemisphere
at temperature T, given in eq. 3.39.

YPL(E) = a(E)ϕbb(E) · exp (∆Ef/(kBT )) (3.38)

ϕbb =
2πE2

h3c2
1

exp(E/kt) − 1
(3.39)
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A review by Kirchartz et al. provides detailed insights into further quantification
paths [264].

The band gap energy Eg can be determined from a measured spectrum by fit-
ting the respective peak via a Gaussian-function G as shown in eq. 3.40. λ, σ and
µ denote the wavelength, the variance and the expected value (Eg), respectively.

G(λ) =
1

σ
√

2π
exp

(
−1

2

(λ− µ)2

σ2

)
(3.40)

During this thesis a Labram HR Evolution was used to perform PL spectroscopy.
The excitation laser with the highest photon energy had a wavelength of 532 nm.
Since the higher the incoming photon energy, the broader the energetic range of
excitation in the sample and the more information can be gained, the 532 nm laser
was always used. The minimum laser intensity of 0.01 % and 50-fold magnification
were used to protect the sample from light-induced degradation. Details on light-
induced degradation can be found in section 2.2.3.

3.4.6 Time Resolved Photoluminescence

The time-resolved (or transient) photoluminescence (TRPL) measurement gives
insight into the decay times of excited carriers. It can be used to determine the
kinetics of charge transfer and/or recombination on ns-timescales. E.g. TRPL
allows the quantification of the key recombination rate constants such as Shock-
ley–Read–Hall (SRH), bimolecular, and Auger recombinations [268, 269]. Non-
radiative decay times can be analyzed by measuring the decay of excited charge
carriers through their radiative recombination, i.e. the photoluminescence (PL).
According to eq. 3.38, the PL is directly dependent on the quasi-fermi level split-
ting and therefore the density of the excited charge carriers. However, the in-
terpretation of TRPL results often poses a challenge due to the large number of
influential factors that need to be considered [264].

The transient decay of excited carriers can be described by solving eq. 3.41. n
(p) and τn (τp) denote the electron (hole) charge carrier concentrations and their
decay times at given conditions, respectively. krad is the coefficient for radiative
recombination, which assumes values between 5.9× 10−11 and 8.7× 10−10 cm3s−1

for MAPbI3. pr gives the probability for an emitted photon to be reabsorbed in
the layer. The equation

−dn

dt
=

[
krad(1 − pr)n

2 +
n

τp + τn

]
(3.41)

yields different solutions for the majority carrier density n for high-level injection
(n=p) and low-level injection (n ≪ p). At high-level injection the decay is faster
at shorter times and higher excitation due to the quadratic term of the radiative
recombination. Later and during low excitation conditions, the exponential decay
via SRH recombination dominates the decay. Further explanations can be found
in a review by Kirchartz et al. [264].

Upon fitting the measured transient by multiexponential functions, several
decay times can be determined according to eq. 3.42. τ1 (A1) and τ2 (A2) represent
decay times (amplitudes) of different recombination mechanisms. Depending on
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the injection and the properties of the layer, single-exponential decay can be
preferred for fitting.

f(t) = A1 exp

(
−t

τ1

)
+ A2exp

(
−t

τ2

)
(3.42)

The employed measurement technique is named ”Time-Correlated Single Photon
Counting” (TCSPC). Details can be found in references [270,271]. The TCSPC is
enabled by the PicoQuant GmbH ’s chip card TimeHarp 200 which reads trigger
and detector pulses and feeds its data to the software. The decay times are
measured in bins, which can be set between 28 and 896 ps. The measurement
ends as soon as one of these bins has reached 1000 counts. The laser’s energy
is 1.94 eV. The laser pulse length is 88 ps with a pulse repetition rate that can
be set between 10 kHz and 20 MHz. It is important that the repetition rate is
such that the excited sample has enough time to relax to its pristine (dark) state.
The pulse energy amounts to 12.6 pJ with a focus area of 4.5× 10−10 cm2 and an
intensity of 267 nJcm−2. PicoQuant GmbH ’s ultraviolet to near-infrared detector
PMA-192 is used to detect wavelengths between 270 and 850 nm.
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4 Results and Discussion

4.1 General Remarks

The present thesis studies the deposition of perovskite thin film absorbers in a
vacuum chamber by thermal evaporation of metal and organic halide precursors.
A unique in situ X-ray diagnostics setup is attached to the evaporation chamber
to monitor the film growth.

As outlined in section 2.2, the majority of research on perovskite thin films is
based on solution-based processing, namely spin-coating techniques. Spin-coating
can be useful in a laboratory environment due to its low equipment prices and
fast fabrication feedback. However, spin-coating comes with several disadvantages
such as the use of toxic solvents and the low material yield (below 10 )% [272].
Additionally, the sample size for deposition of homogeneously thick films is limited
due to the difference in radial velocity along the sample during rotation, making
spin-coating unfeasible for upscaling of device sizes. Solution-based techniques
[197] such as ink-jet printing [273] or blade coating [274] are being investigated
aiming to overcome some of these limitations and pave the way towards larger
scales. Nonetheless, but these are still solution-based.

Physical vapor deposition (PVD) by thermal evaporation is a promising tech-
nique to solve and/or mitigate most of the above problems, offering a solvent-free
and scalable approach, but it is still underexplored (below 1 % of perovskite-
related publications investigated vapor-based processing) [14]. Intrinsically, PVD
is slower than one-step spin-coating, because a high vacuum needs to be applied
to the evaporation chamber and the material is deposited in the range of Å/s to
nm/s compared to deposition via a single droplet during spin-coating [275]. How-
ever, the intrinsically low rate of PVD can be overcompensated by the spatially
extended deposition area, which enables large-area deposition [72], and the use of
several sources at once to increase the overall deposition speed. In addition, PVD
offers a homogeneous deposition independent of the substrate morphology [276].
Albeit its small research community, the resulting upscaling potential of fully
evaporated PSCs is in the range of established inorganic photovoltaic technolo-
gies [13].

PVD has a specific intrinsic advantage, that has not been exploited. For
solution-based techniques the precursor mixture is fixed by means of the pre-
pared solution/ink. Therefore, the mixture is set prior to the deposition without
the possibility to change this during the process. However, since PVD is a pro-
tracted deposition technique, the fluxes of different precursors can be varied and
adjusted during the process in what is termed dynamic processing in this thesis.
Up to now static processes with fixed precursor fluxes have been studied. Prior to
the start of this thesis, the organic halides were known to dissipate upon sublima-
tion, complicating the deposition process due to the high partial pressure of the
organic components [207, 277]. The perovskite growth was promoted by the ini-
tial nucleation of organic species [211] and inorganic species [209,210] depending
on the substrate. However, the influence of the initially nucleating species on the
perovskite phase development and, importantly, solar cell performance, remained
largely unexamined, even though the significance of grain-boundaries [278] and
interfaces [279] had been clear and significant efforts have been made to optimize
these [143].
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Figure 4.1: Schematic depiction of dynamic processing. During co-evaporation of
multiple components (here: two) their individual fluxes are varied to specifically
adjust the depth-dependent stoichiometry in the prepared thin film absorber.

Deliberately dynamizing the evaporation process allows for better control of
the absorber film growth. Dynamic processing enables depth dependent varia-
tions of the stoichiometry from interfaces to bulk, such as cation and halide con-
tents and AX/BX2 ratios (see fig. 4.1). Accordingly, nucleation and bulk growth
conditions can be decoupled and adjusted individually and the control of specific
properties of interface/bulk/surface as well as gradients are made possible. In
pursuit of optimized co-evaporation by dynamic processing routes for PSCs, the
following questions emerge:

(Q1) What are the stoichiometric ranges in which single-phase perovskite growth
is enabled and in which ranges is the segregation of secondary phases pro-
moted?

(Q2) What influence does the stoichiometry have on the optoelectronic properties
of the absorber, e.g. is there an optimum stoichiometry for photovoltaic
performance in PSCs?

(Q3) How do initial growth conditions impact the bulk crystal growth? Is the
initial growth perpetuated towards the bulk? In that respect, what are
favorable nucleation conditions?

(Q4) How will varying deposition conditions impact solar cell performance, i.e. is
it possible to fine-tune the optoelectronic properties of the absorber interface
towards the electron transport layer (ETL) and hole transport layer (HTL)
through dynamic processing?

(Q5) What are the limits of dynamic processing? Can diffusion be controlled so
that a full reaction of sequentially deposited layers is possible?

The phase formation at different stoichiometric conditions is one of the main
investigations within this thesis, which, among other topics, aims to showcase
the potential of optimized stoichiometry for PSCs. To interpret the influence of
depth-dependent stoichiometry locally, a general understanding of the influence
of stoichiometry on the absorber growth has to be established first. Therefore,
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[H1] looks for optimized growth conditions for deposition of MAPbI3 via co-
evaporation of MAI and PbI2 in an n-i-p structure. Both [H1] and [H2] analyze
dynamic evaporation of MAPbI3 absorbers for PSCs in an n-i-p [H1] and a p-i-
n [H2] structure, respectively.

After delving into dynamically evaporated MAPbI3 PSCs, perovskite ab-
sorbers based on FAPbI3 are investigated due to their advantageous properties
discussed in sections 2.2 and 2.3. However, as FAPbI3 at room temperature is
a polymorph, the growth of FAPbI3 brings along additional complications com-
pared to MAPbI3. Specifically, the formation of the photo-inactive δ phase has to
be avoided. Aiming to determine the best conditions for the preferential α phase
formation, the stoichiometry (FAI/PbI2 ratio) and composition (addition of other
components such as CsI) of absorbers based on FAPbI3 are varied in [H3]. Sub-
sequently, the influence of precursor stacking sequence on the phase development
and diffusion are explored in [H4] by sequential evaporation of mixed absorbers
based on FAPbI3.

One reason for the low amount of research on crystallization behavior in con-
nection with PSC performance may be the rare availability of in situ PVD char-
acterization techniques [280]. In this thesis, in situ XRD is employed to elucidate
the thin film growth, because it gives detailed insight into the time-dependent
evolution of crystal phase formation and segregation. In situ XRD is used to
observe the dependence of the final film on its initial crystallization behavior,
to shine light on the film-depth-dependent preferential phase formation and to
connect this to the absorbers’ other properties and their performance in PSCs.

Along the lines of the questions formulated above, the present thesis studies
the deposition of perovskite absorbers in a vacuum chamber by the PVD of metal
and organic halide precursors. The works published within the realm of this thesis
investigate the effect of (i) stationary processing schemes for bulk stoichiometry
variations and (ii) non-stationary, dynamic processing schemes during which the
flux of each individually evaporated material is changed within the deposition
to grow thin films with compositional gradients or sequentially evaporated layer
stacks.
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4.2 Dynamic Co-Evaporation of MAPbI3 for n-i -p Solar
Cells

Opening Remarks

The static co-evaporation of MAI and PbI2 for deposition of MAPbI3 represents
the fundamental approach for vapor deposition of perovskites, since MAPbI3
is the most-researched material for PSCs (see section 2.2). Several works on
the evaporation of MAPbI3 exist, as discussed in section 2.3. However, the ini-
tial growth mechanisms are not understood in detail and the initial nucleation
behavior is still subject of discussion, since the perovskite growth can be pro-
moted either by organic or by inorganic species and depends strongly on the
substrate [208, 209, 211]. Further, the effects of MAI and PbI2 stoichiometry on
device performance and stability have been unconclusively discussed.

Tumen-Ulzii et al. demonstrated strong degradation induced by excess PbI2
and relate good structural and device stability to the absence of unreacted PbI2
[281]. Liu et al. found excess PbI2 to enhance the degradation of the crystal struc-
ture, but not the efficiency of the PSC [282]. On the other hand, Jacobsson et
al. achieved higher efficiencies for slight PbI2 excess, but better crystallite quality
for PbI2 deficient devices and they encourage further research to combine the
advantages of both growth types [215] - indirectly encouraging alternative prepa-
ration methods to connect improved crystal properties and PSC performance.
Therefore, the significance of perovskite composition has been recognized, but
a localization of benign and malign compositional variations has not been sys-
tematically investigated. More importantly, a dynamic variation of the growth
conditions in an attempt to decouple nucleation and bulk growth has not been
conducted.

[H1] strives to investigate the nucleation and initial film formation of MAPbI3
absorbers deposited via PVD, and to study the impact of stoichiometry varia-
tions on the crystal growth behavior, preferential phase formation and PSC de-
vice performance. In situ XRD and static/dynamic deposition schemes are used
to analyze the initial and bulk stoichiometry-dependent crystal phase evolution.
First, the bulk stoichiometry is varied in a static processing scheme and related
to crystal growth - as inquired by (Q1) - and PSC performance - referring to
(Q2). After identifying an optimum bulk stoichiometry in terms of PSC perfor-
mance, a dynamic variation of the optimized evaporation process is conducted
by chosing different MAI evaporation onset times. This way, PbI2 precursor lay-
ers with different thicknesses are deposited, inducing a local PbI2 excess at the
ETL/perovskite interface during the initial perovskite nucleation. Thereby, fa-
vorable nucleation conditions for crystal growth are determined [(Q3)] and a way
to fine-tune the perovskite/ETL interface for PSCs is introduced [(Q4)].
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Importance of methylammonium 
iodide partial pressure 
and evaporation onset 
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Vacuum-based co-evaporation promises to bring perovskite solar cells to larger scales, but details of 
the film formation from the physical vapor phase are still underexplored. In this work, we investigate 
the growth of methylammonium lead iodide (MAPbI

3
 ) absorbers prepared by co-evaporation of 

methylammonium iodide (MAI) and lead iodide (PbI
2
 ) using an in situ X-ray diffraction setup. This 

setup allows us to characterize crystallization and phase evolution of the growing thin film. The total 
chamber pressure strongly increases during MAI evaporation. We therefore assume the total chamber 
pressure to be mainly built up by an MAI atmosphere during deposition and use it to control the MAI 
evaporation. At first, we optimize the MAI to PbI

2
 impingement ratios by varying the MAI pressure 

at a constant PbI
2
 flux rate. We find a strong dependence of the solar cell device performance on 

the chamber pressure achieving efficiencies > 14% in a simple n-i-p structure. On the road to further 
optimizing the processing conditions we vary the onset time of the PbI

2
 and MAI deposition by 

delaying the start of the MAI evaporation by t = 0/8/16 min. This way, PbI
2
 nucleates as a seed layer 

with a thickness of up to approximately 20 nm during this initial stage. Device performance benefits 
from these PbI

2
 seed layers, which also induce strong preferential thin film orientation as evidenced by 

grazing incidence wide angle X-ray scattering (GIWAXS) measurements. Our insights into the growth 
of MAPbI

3
 thin films from the physical vapor phase help to understand the film formation mechanisms 

and contribute to the further development of MAPbI
3
 and related perovskite absorbers.

In recent years, perovskite solar cells (PSCs), have been subject to intense research due to the outstanding 
optoelectronic properties of the perovskite absorber1,2 and the ease of fabrication through a variety of simple 
preparation methods3,4. Low processing temperatures5,6, high compositional versatility7–11 and potential usage in 
cheap, high efficiency single-12,13 as well as multi-junction (tandem) solar cells (SCs)14,15 have further stimulated 
research interests.

Methylammonium lead iodide (MAPbI3 ) was the first and has been one of the most investigated materials 
for perovskite absorbers. Due to their low expense and simplicity in fabrication, up to now most groups have 
been using wet-chemical deposition approaches such as spin-coating in order to produce MAPbI3 layers for 
structural and optoelectronic analysis as well as photovoltaic applications16–18. Although up-scaling of wet-
chemical deposition methods is being investigated3,4, their large scale preparation is still an open issue in terms 
of reproducibility, process yield and homogeneity19. On the other hand, the historic development of organic 
light emitting diodes (OLEDs) has shown that physical vapour deposition (PVD) is well suited for thin-film 
depositions at large scales and has great potential to succeed in the transition from laboratory production to 
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industrial fabrication. Single-junction power conversion efficiencies of above 20% have already been obtained for 
co-evaporated MAPbI3 PSCs by various groups in a p-i-n configuration20,21 and above 16% in an n-i-p device20.

From a variety of different vacuum-based deposition approaches, co-evaporation of the constituent binary 
halides is arguably the most simple one, and good progress has been made in fabricating efficient devices with 
this technique. Already in 2013, PVD of MAPb(I1−xClx)3 via dual-source co-evaporation of methylammonium 
iodide (MAI) and PbCl2 showed an advantageous film coverage, an improved layer thickness homogeneity and 
an increase in SC performance compared to a spin-coated counterpart22.

Following works have shown that despite the apparent simplicity of the process, precursor evaporation and 
the details of the film formation are rather complex. Especially the evaporation and deposition of MAI was found 
to be difficult to control. For example, upon heating, MAI evaporates non-directionally and is not withheld by 
a crucible shutter but diffuses globally into the evaporation chamber. There, it substantially increases the total 
chamber pressure and is in general not unambigously detected by standard deposition control techniques such 
as quartz crystal microbalances (QCM)23. Therefore, Ono et al. suggested a new approach to monitor the MAI 
evaporation and deposition rate. They relied on using two QCMs, instead of one, where one QCM was facing 
away from the evaporation sources while the other was facing them directly. With this approach, they managed 
to verify homogeneous deposition on a 5 × 5 cm2 sample using X-ray diffraction (XRD)24. Later, Liu et al. sug-
gested that MAI dissociates during evaporation and is then incorporated into a previously evaporated PbI2 layer, 
introducing the idea that not all MA-sites in the perovskite might be occupied by MA, but also organic dissociates 
such as CH3

25. In 2016, Hsiao et al. showed a two-step approach, depositing PbI2 before converting it to perovskite 
by evaporating MAI at chamber pressures ranging from 10−5 to 10−3 Torr26. For a heated chamber and sample 
they found MAI excess as well as deficit were harmful for the performance of their fully evaporated cells26. In 
2018, Baekbo et al. investigated the MAI evaporation behaviour more closely27. They installed additional quartz 
crystal monitors facing away from the evaporation cells and/or with previously evaporated lead halide layers and 
confirmed earlier results showing a rather low sticking factor for MAI and that its deposition was non-directional. 
Using mass spectrometry they discovered that MAI dissociated into mainly two compounds: CH3NH2 and HI27. 
Borchert et al. found MAI impurities to play a significant role in increasing the MAI deposition rate, while not 
playing a role in the SC performance, as long as deposition speed was well controlled28. In 2020, Rothmann et al. 
provided high-resolution scanning transmission electron microscopy (STEM) images of formamidinium lead 
iodide (FAPbI3 ) as well as MAPbI3 absorber layers, revealing the inter-coordinated growth of PbI2 and MAPbI3 
domains. According to this study, a slight excess of PbI2 is not harmful for perovskite growth, because it adopts 
a modified 2H-structure with a seemingly defect-less interface to MAPbI3 , also not inducing any lattice defects 
in the MAPbI3 crystal29.

Even though MAPbI3 PVD processing and the non-standard MAI sublimation behavior has been intensively 
investigated in the past, details of the optimal MAI processing conditions, such as flux control and optimal flux 
ratios for co-evaporated absorbers as well as the nature of the film formation remain subject to discussion. More 
specifically, the impact of the MAI flux on the nucleation process, and the general growth path have not been 
unambigously clarified.

For example, different substrates have been shown to implicate agglomeration of different species at the 
interfaces. Zhou et al. observed the formation of a thin PbI2 layer when depositing it on a single-crystalline ZnO 
(0001) surface via PVD30. Olthof et al. detected an organic molecule rich interfacial passivation layer prior to 
the commencement of the actual crystal growth when depositing MAPbI3 via PVD on MoO3 , Polyethylenimine 
(PEIE), and poly-3,4-ethylendioxithiophene polystyrene sulfonate (PE-DOT:PSS) in contrast to a PbI2 rich inter-
face layer while depositing on indium tin oxide (ITO)31. Xu et al. also observed the formation of an interfacial 
PbI2 at the initial growth stage for ITO, PEDOT/ITO, Si and glass substrates and found a thin PbI2 interlayer to 
be detrimental for device performance32. Contradictory to other publications stating that excess PbI2 is beneficial 
to performance due to a passivation of interfaces and grain boundaries33,34, they improved their performance by 
removing this interlayer and achieved efficiencies of 14.35%32.

Another property that has not been investigated thoroughly enough up to now is the influence of crystal 
orientation on the quality of the perovskite absorber in a SC structure. To the best of our knowledge, attempts 
to correlate the preferential crystal orientation of MAPbI3 absorbers with device performance have only been 
done for wet-chemical deposition techniques. This said, crystal orientation in polycrystalline perovskite thin 
films depends strongly on the preparation conditions and is believed to influence electric and electronic proper-
ties, as well as improve charge carrier mobility and SC parameters35,36. Chen et al. managed to improve the SC 
performance by implementing a uniform (110) orientation in their MAPbI3 absorber compared to a randomly 
oriented film37. At the same time, another investigation has come to the conclusion that orientation plays a minor 
role compared to defects and impurities in the bulk and at the interface38.

Consequently, several open questions remain regarding the optimum film deposition parameters, details 
of the MAPbI3 film formation as well as the influence of orientation on the optoelectronic properties of the 
absorber. To the best of our knowledge, no attempts have been made to optimize the onset time for the different 
evaporation components or the thickness of a PbI2 seed layer. In this work, we investigate the film formation 
process under varying processing parameters such as the MAI to PbI2 evaporation rates for optimized PSCs. We 
deposit MAPbI3 via PVD using dual-source co-evaporation in a self-made vacuum chamber while simultaneously 
monitoring the crystallization path and phase evolution during deposition in quasi real-time with an in situ XRD 
(ISXRD) setup attached to the vacuum chamber. Firstly, we adjust the MAI pressure in the chamber in three steps, 
while leaving the PbI2 rate constant. The total chamber pressure has been shown to be correlated to the MAI 
evaporation26,39 and is assumed to be made up predominantly by the MAI partial pressure. In consequence, the 
MAI impingement rate (MAI flux towards the substrate surface) was adjusted by controlling the total chamber 
pressure. Following this line, the chamber pressure was fixed at either 4 × 10−5 mbar, 7.5 × 10−5 mbar or 1.5 × 
10−4 mbar. Secondly, in order to deliberately influence the nucleation conditions, the onset (starting) time of the 
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MAI and PbI2 depositions was systematically varied. This way, a thin PbI2 precursor layer was deposited before 
starting the MAI co-deposition. The onset time of MAI evaporation was delayed for t = 0–16 min with respect 
to the PbI2 onset. A strong correlation of these dynamic processing conditions with the device performance was 
found. Additionally, with wide angle X-ray scattering (WAXS) we were able to associate the different processing 
conditions to the growth of perovskite absorbers with rather distinct preferential orientations and relate our 
findings to the performance of efficient MAPbI3 SCs.

Experimental details
Sample preparation.  For all processes we used 15 ohm/sq indium tin oxide (ITO) coated glass substrates 
(2.5 × 2.5 cm2 ), provided by Kintec Company. The substrates were cleaned in 1 % hellmanex solution in de-
ionized water, isopropylic alcohol and acetone in an ultrasonic bath for 10 min each. The ITO samples were then 
treated in an ozone plasma for 10 min. Subsequently, 200 µ l of a 2.6% colloidal dispersion of tin oxide nanopar-
ticles (np-SnO2 ) was deposited via spin coating at 3000 rpm for 30 s40. An additional ozone plasma treatment for 
10 min followed before transferring the samples into the vacuum deposition chamber.

Perovskite deposition.  A sketch of the evaporation system with attached in situ X-ray diffraction setup is 
depicted in Fig. 1, together with a scheme of the device configuration used in this contribution. Base pressure for 
the start of all processes was between 2 and 2.5 ×10−5 mbar due to residual leakage through the capton windows 
that allow the ISXRD measurements to be realized (see below). First, C60 was evaporated for 5 min at 370 ◦ C 
to form a 10 nm thick buffer layer. Upon cooling of the C60 crucible, the PbI2 and MAI crucibles were heated 
to 288 ◦ C and 110/115/125 ◦ C, respectively, which resulted in a PbI2 flux of 0.2 Å/s, determined via the QCM 
and scanning electron microscopy (SEM). The MAI crucible temperature was then continually adjusted to keep 
a constant predetermined chamber pressure (either 4 × 10−5 mbar, 7.5 × 10−5 mbar or 1.5 × 10−4 mbar) during 
the MAPbI3 deposition. For this approach, a constant leakage rate and pump capacity is assumed, resulting in a 
stationary base pressure. The additional chamber pressure increase is then determined by an equilibrium estab-
lished between evaporation of MAI dissociates and the particle drain caused by pumping. The impingement rate 
of MAI dissocates on the substrate therefore directly depends on the chamber pressure under working condi-
tions. The total film thickness was monitored using a quartz crystal microbalance, the total chamber pressure 
with an Edwards WRGS-NW35 wide range gauge.

Solar cell completion and measurement.  After MAPbI3 deposition, the samples were briefly (< 15 
min) exposed to air before being sealed in a vacuum-tight bag, and then transferred to a nitrogen filled glove-
box within the next 30 min. The hole transport layer Poly(triaryl) amine (PTAA​) was then prepared by spin 
coating 100 µ l of a solution of 6 mg PTAA​ dissolved in 400 µ l of toluene, to which 3 µ l of 34 mg/ml lithium 
bis(trifluoromethanesulfonyl)imide (Li-TFSI) in acetonitrile and 3 µ l of 4-tert-butylpyridine (4-tBP) 1:1 in ace-
tonitrile were added. Spin coating took place at 3000 rpm for 30 s. An 80–100 nm thick Gold layer was evapo-
rated in a separate vacuum chamber at 10−5 mbar and 2 Å/s.

Current–voltage characteristics.  Current–voltage characteristics were recorded in the dark and under 
illumination at standard conditions (100 mW/cm2 , 25 ◦ C) produced by a 300 W Omnilux halogen lamp employ-
ing a Keithley 2400 source measure unit. An active area of 0.096 cm2 for the SC measurements was defined by 
applying appropriate shadow masks.

Film property measurements.  The ISXRD measurements were performed through exchangeable capton 
windows in the evaporation chamber using Cu-Kα radiation with a wavelength of 1.54 Å generated at 1.4 kW (35 

Figure 1.   Left: sketch of the vacuum chamber used for the phase analysis with in situ XRD during the 
deposition of MAPbI3 by co-evaporation. The evaporation of MAI leads to an overall increase of the global 
chamber pressure, which in turn was used to control the incorporation of MAI into the film. Right: sketch of the 
solar cell architecture used in this work.
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kV, 40 mA). Three Dectris Mythen 1 K detector modules are assembled in a row enabling the measurement of 
2 θ angles covering a range of 28◦ . The incidence angle was set to 11◦ resulting in the center of the detector setup 
(at twice the incidence angle) at a 2 θ angle of 22◦ . This allows an in situ measurement from 8 ◦ to 36◦ . Due to the 
detector assembly (3 modules), there are two blind spots in the diffractograms roughly around 17.3◦ and 26.7◦ . 
The K β radiation is attenuated through a Ni filter to 5 % of the K α intensity. The θ–2θ measurements were per-
formed in the same setup right after completion of the evaporation. For the θ–2θ scans, only the central detector 
module was used. For more details on the ISXRD setup, please refer to reference41. Grazing incidence wide-angle 
X-ray scattering (GIWAXS) was measured at a pressure of 20–40 µbar in a SAXSLAB laboratory setup (Retro-F) 
(Copenhagen, Denmark) as described elsewhere42. The setup used for a reference θ–2θ scan is described in detail 
in the supplementary information. SEM was performed with a Zeiss Supra 40 VP.

Results
Processing conditions were varied and analyzed in view of differences in the perovskite growth and solar cell 
(SC) performance. At first, the MAI to PbI2 flux ratio during deposition was varied. For this, the PbI2 flux was 
kept constant, while the MAI flux onto the substrate was increased for different deposition runs by controlling 
the total chamber pressure. Depositions with three different total chamber pressures (low, medium, high) were 
made and compared. Secondly, using the optimum total chamber pressure, the evaporation onset times of the 
two components MAI and PbI2 were varied. The PbI2 evaporation onset was set to t = 0 while the MAI onset 
time was varied in three steps: t = 0/8/16 min. This resulted in PbI2 seed layers with different thicknesses prior 
to the start of the MAI deposition.

MAI pressure variation.  MAPbI3 perovskite layers were deposited at three different total chamber pres-
sures (low: 4 × 10−5 mbar, medium: 7.5 × 10−5 mbar, high: 1.5 × 10−4 mbar) corresponding to three different MAI 
fluxes impinging on the substrate. The growth of the perovskite films was monitored with the ISXRD and the 
corresponding diffractograms are shown as colormaps in Fig. 2a–d. Here, X-ray intensity is color-coded and the 
process time evolves from left to right. Figure 2a exemplarily shows the complete evolution of the ISXRD scans 
for the deposition at medium pressure. The main peaks (e.g. (220) and (110) of MAPbI3 can clearly be identified 
after several minutes of deposition. Figure 2b–d show details of the evolution of the MAPbI3 (110) and the PbI2 
(001) diffraction peaks of the low, medium and high pressure case for comparison. For the high pressure case, 
the MAPbI3 (110) peak intensity is lowest and nearly no PbI2 is detected.

The MAI crucible temperature and the development of the total chamber pressure are illustrated in Fig. 3a. 
The heatings of the PbI2 and MAI crucibles started simultaneously. After reaching their respective set tempera-
tures, both shutters were opened and the deposition started (at t = 0 min). Once the MAI crucible is warmed 
up, the total chamber pressure rises continuously until reaching the targeted pressure (at t = 20 min). In order 
to keep the total chamber pressure constant, the MAI crucible temperature then has to be reduced stepwise. The 
inset in the top part of Fig. 3a visualizes a direct comparison of the development of the total chamber pressure 
for the low, medium and high pressure cases.

In Fig. 3b, the evolution of the MAPbI3 (110) and PbI2 (001) peaks are shown. The peak areas were extracted 
from the corresponding ISXRD measurements by fitting a quasi-Voigt peak to the respective fixed diffraction 
angle. Since MAPbI3 (110) K β and PbI2 (001) K α peaks appear at the same angle at 12.7◦ , the K β peak of the 
MAPbI3 (110) Bragg reflection had to be considered and substracted for this analysis.

At low pressure (4 × 10−5 mbar), the PbI2 peak forms rapidly and grows to a final peak area twice as large as 
for medium pressure (7.5 × 10−5 mbar) and 4 times higher than for high pressure (1.5 × 10−4 mbar). If we take 

Figure 2.   In situ XRD colormaps for vapor deposition MAPbI3 at medium (7.5 × 10−5 mbar, a,c), low (4 × 10−5 
mbar, b) and high (1.5 × 10−4 mbar, d) pressure. The black arrows indicate the perovskite peaks, while orange 
and green arrows are used to indicate the PbI2 and substrate peaks, respectively.
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the integrated intensity to be proportional to the amount of crystalline material in these thin films, this result 
shows that for the low pressure case, the low MAI flux leads to an excess of PbI2 forming especially at the begin-
ning of the perovskite deposition.

We specifically find that at low pressure, PbI2 starts to form well before MAPbI3 . This means that for the 
low pressure case a thin PbI2 layer nucleates on the substrate which then acts as a seed layer for the subsequent 
perovskite growth. In the ISXRD, we observe that the PbI2 (001) peak clearly starts to evolve several minutes 
before the MAPbI3 (110) peak. This sequential growth becomes less evident for increasing chamber pressures. In 
line with the prior argument, a plausible explanation is that the higher MAI flux leads to an earlier start of PbI2 
conversion to MAPbI3 . As expected, the total peak area of (001) PbI2 is also reduced with increased pressure. 
Interestingly, according to the quartz crystal microbalance measurement, the total deposition rate is reduced 
with increasing pressure (see supplementary information (SI) Fig. S1) resulting in final thicknesses of 395 nm, 
360 nm and 325 nm for low, medium and high pressure, respectively. We explain this by a decrease of the PbI2 
flux rate due to reduction of the mean free path length caused by an increased number of MAI molecules on the 
way from the crucible to the substrate. Since the MAI molecules have a low probability of sticking to the sample 
if they do not encounter free PbI2 to react with27,28, a large excess of MAI is not expected to lead to an increased 
growth rate by itself. Following this argument, it comes by no surprise that the perovskite growth as monitored 
by the ISXRD measurement of the MAPbI3 (110) peak is also slowed down at higher pressure.

In Fig. 4a, θ–2θ scans of the final films are shown. Sharp (110), (220) and (222) peaks at 13.9◦ , 28.2◦ and 31.5◦ , 
respectively, are found, corresponding to the tetragonal room temperature phase of MAPbI3 . (110) and (220) peak 
areas are larger when the pressure is reduced, whereas the intensity of the (220) peak remains almost unchanged. 
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This indicates that a more preferential crystallite orientation comes along with increased PbI2 contents. The peaks 
at 12◦ are interpreted as a setup artifact, since they are already present before the deposition starts. A slight shift 
in the peak positions as compared to powder references43 will be adressed below.

Figure 4b depicts the current–voltage measurements for the respective best cells. The MAPbI3 layer prepared 
at medium pressure performed best, with 14.8% and 14.0% measured in reverse and forward voltage sweep direc-
tion, respectively, demonstrating the small hysteresis for these devices. Compared to the low pressure prepara-
tion, the short circuit current density (jSC ) is improved from 18.2 to 20.0 mA/cm2 , with minor increases also 
in open circuit voltage (VOC ) and fill factor (FF). While the preparation at high pressure conditions did show 
the formation of single phase perovskite material, the absorbers from these conditions did not perform well in 
devices, with an efficiency of the best cell staying below 0.1% with nearly no short circuit current. It is assumed 
that this is due to additional organic phases (such as MAI) forming within the absorber bulk or at the interface 
to C60 . This leads to the conclusion that the co-evaporation of MAI and PbI2 is not a simple self-adjusting pro-
cess, where excess organic species would simply not be incorporated into the perovskite phase, but instead the 
control of the flux ratios is rather crucial for the formation of high quality SC absorber material. While a lack of 
MAI (excess of PbI2 ) seems to be tolerable to some extent, MAI excess is strongly detrimental. This can be seen 
in the respective SEM images (Fig. S2 of the SI), where the low and medium pressure samples show similar, 100 
nm large grains, while high pressure sample exhibits a secondary, organic molecule rich phase.

MAI onset time variation.  Above, the medium chamber pressure of 7.5 × 10−5 mbar yielded the highest 
efficiency devices for a given PbI2 flux rate. In the following experiments, this optimized chamber pressure and 
the PbI2 flux rate were kept constant. As we know from previous experiments, the vapor phase surface interac-
tion plays an important role for the nucleation and starting point of the perovskite crystallization, therefore the 
initial deposition conditions are especially important for the further growth process. In consequence, we ana-
lyzed the impact of varied onset times for the MAI and PbI2 evaporation on MAPbI3 growth.

We delayed the starting time of the MAI evaporation (crucible temperature ramp up and shutter opening) 
for several minutes (t = 0/8/16 min) with respect to PbI2 evaporation onset at t = 0 min. These predeposition 
sequences resulted in pure PbI2 precursor layers of 0/10/20 nm thickness (according to the PbI2 flux of 0.2 Å/s) 
that served as seed layers for the subsequent MAPbI3 depositions. The nominal chamber pressure was reached 
at t = 5/17/30 min as can be seen in Fig. 5a. For simplicity, the resultant samples will be called samples I, II and 
III in the following passage.

In this variation, the MAI crucible heating ramp was set much faster than in the MAI pressure variation, in 
order to better define the starting time of the MAI evaporation. In consequence, the total chamber pressure also 
builds up faster than in the chamber pressure variation described above. For comparison, the total chamber 
pressure evolution for medium chamber pressure and best device in the previous section approximately cor-
responds to sample II in this onset time variation. The MAPbI3 thicknesses were 330 nm, 300 nm and 280 nm 
for samples I, II and III, respectively.

Figure 5b depicts the evolution of the MAPbI3 (110) and PbI2 (001) peaks in our ISXRD scans (see Fig. S3 
in the SI). For samples III and II the PbI2 (001) peak starts evolving at t = 15 min and t = 10 min, respectively. 
It saturates quickly at 50 cps deg for sample II, but increases up to 300 cps deg for sample III, indicating that a 
predeposited 20 nm pure PbI2 layer facilitates further PbI2 growth. The MAPbI3 (110) peak starts evolving at t 
= 10/15/25 min for samples I, II and III, respectively. Preconditioning of sample III leads to a linear (110) peak 
growth that does not show any signs of saturation during the time scale considered in Fig. 5b. These peaks can 
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be compared for the finished samples in the θ–2θ scans in Fig. 6a. For sample I, no PbI2 is observed in Fig. 5b. 
Instead, an early increment of the MAPbI3 (110) peak can be seen. This is to be expected, since MAI and PbI2 
fluxes were increased in parallel, leading to an instant conversion of the deposited PbI2 to MAPbI3.

The strong impact of the MAI onset time on the MAPbI3 crystal growth can be seen in the θ–2θ scans dis-
played in Fig. 6a. By delaying the onset time, a strong increase in the preferential orientation of crystallites in the 
MAPbI3 absorber is observed. The MAPbI3 (110) peak area increases sharply from samples I and II to III, indicat-
ing a greater proportion of the (110) lattice planes being oriented parallel to the substrate surface. Interestingly, 
the opposite effect occured for the (222) peak at 31.5◦ . This peak was more pronounced for an earlier onset and 
was largest for sample I, as expected from the powder diffraction reference with random orientation43. This leads 
to the preliminary conclusion that delaying the MAI evaporation onset and consequently depositing a thicker 
PbI2 precursor layer induces MAPbI3 crystallite growth with (110) facets orientated in parallel to the substrate 
surface. Decreasing crystalline domain sizes lead to a peak broadening of the XRD peaks. If the crystallite size 
was the only origin of peak broadening, the crystallite size would be inversely proportional to the full width at 
half maximum (FWHM) of the XRD peaks according to the Scherrer equation. While the limited access to the 
other factors determining the peak broadening in our series prevents a precise quantification of the crystallite 
size, the FWHM values of the peak fitting analysis presented in Table S1 of the supporting information can still 
be used for a qualitative discussion. For the series with the delayed MAI onset time, we observe a clear decrease 
of the (110) and (220) FWHM for an increasing onset time, together with the strong increase in peak intensity. In 
contrast to this, a decrease of the (222) FWHM is observed. This data allows to conclude that the crystallite size 
along the (110) direction increases with increasing PbI2 thickness. Along with the orientational analysis com-
ing up in the next paragraphs, this observation clearly indicates that the PbI2 layer not only induces a preferred 
orientation of the perovskites but also causes its directional growth.

We notice a shift in the diffraction angles compared to a powder diffraction reference provided by Xie et al.43. 
We measured sample I in another setup to account for the shift in our results and note an increase in lattice 
constant and resulting peak shift to smaller diffraction angles for our sample compared to the reference (see 
Fig. S4 in the SI).

Current–voltage characteristics of the best devices from the starting time variation are shown in Fig. 6b. 
Similar to the high pressure case, for sample I very low V OC and FF were measured in both reverse and in forward 
direction resulting in an average efficiency of 2.1% . The highest efficiencies were achieved for sample II owing 
to a significantly larger j SC by 1.4 and 1.2 mA/cm2 and FF by 5.4 and 7.5% for reverse and forward directions, 
respectively, compared to sample III. This resulted in the sample II best cell’s efficiencies of 13.6 and 13.8% in 
reverse and forward directions, respectively.

In order to further characterize the distribution of the crystal orientation for different MAI evaporation onset 
times, we also performed wide-angle X-ray scattering (WAXS) measurements. The intensity plots in recipro-
cal space can be seen in Fig. 7a–c. The images were taken for the same sample sizes and beam parameters and 
similar layer thicknesses, so it can be assumed that the irradiated volume is similar for all samples. The angle of 
incidence was 6.7◦ in order to create a setting close to the Bragg conditions for the PbI2 (001) and MAPbI3 (110) 
peaks and fully resolve their intensities along the q z axis. This is important, as the transformation of the planar 
detector image into reciprocal space results in blind areas along the q z axis originating from the Ewald sphere 
curvature. After transformation, the intensities of PbI2 (001) and MAPbI3 (110) located on the q z axis are nearly 
equivalent to those measured during the θ–2θ scans presented before (Fig. 6a). Because we chose a high angle 
of incidence, the sample horizon is located at q z = 5 nm−1 . Additional WAXS measurements obtained at a small 
incidence angle of 0.5◦ confirm that no relevant information on the lattice plain orientation is lost due to the 
high horizon (see Fig. S5 in the SI). The rings corresponding to the MAPbI3 (110) and PbI2 (001) reflection are 
marked with arrows. While the MAPbI3 (110) reflection can be clearly identified for all three samples, significant 
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PbI2 (001) contributions are only found for sample III. On the MAPbI3 (110) ring, the highest intensity is found 
on the meridian at q r  = 0 for sample III, while for samples I and II the maximum intensity is not perpendicular 
to the sample normal and has an offset of about 20◦ with respect to the sample normal.

This is further illustrated in Fig. 7d, which shows the intensity distribution of the MAPbI3 (110) peak for all 
three samples under study and one PbI2 (001) peak for sample III in dependence of the tilt angle with respect 
to q r  . These data were extracted directly from the detector images instead of the reciprocal graphs, since from 
there it can be processed directly in the imaging software. As the incident angle of 6.7◦ almost satisfies the Bragg 
conditions for the discussed crystal peaks, no angular transformation was applied to these peaks upon conversion 
of the detector images into the reciprocal space. Therefore, the dependencies in Fig. 7d actually represent the peak 
intensity distributions in the reciprocal space. The tilt angle is chosen with respect to the sample normal, so that 
the q z axis corresponds to a tilt angle of 0 ◦ (illustrated in Fig. S6 in the SI). For sample III, it is clearly visible that 
the PbI2 orientation is transferred on to the perovskite (110) orientation. This supports the hypothesis that the 
MAPbI3 grows topotactically on the PbI2 . For sample II we observe a strong decrease in intensity at 0 ◦ . Instead, 
the preferential growth of the (110) plain is tilted by ~20◦ , which is clearly indicated by the broad peak ranging 
from 10◦ to 30◦ and centered at 20◦ . For sample I this effect is even stronger. The same can be assumed at -20◦ , 
where the detector gap partially masks the intensity distribution. Since the (110) plain is tilted with respect to 
the q z axis, another crystal plain is expected to be preferentially oriented along the q z axis. This is evidenced in 
Fig. 6a, where the (222) peak intensity was enhanced from sample III to II and I. The angle between the (222) 
and (110) lattice planes in MAPbI3 can be calculated to be 26.4◦44, which lies within the previously indicated tilt 
angle maximum in the range of 10◦–30◦ and therefore confirms this train of thought.

Discussion
We have investigated different conditions for the MAI evaporation in the deposition processes of MAPbI3 via 
co-evaporation. We optimized the processing conditions in terms of device efficiency by controlling the MAI 
flux indirectly via the total chamber pressure. This allowed a more reproducible deposition than other process-
ing parameters such as the MAI crucible temperature or control via the quartz microbalance. We observed 
asymmetries in the influence of an excess of MAI and PbI2 , as an MAI excess during deposition (high chamber 
pressure) or a too early start of MAI evaporation completely prevented the deposition of device-grade absorber 
material, while a mild excess of PbI2 was beneficial or tolerable especially at the initial stages of the deposition.

For various vapor deposition techniques, it is assumed that the MAPbI3 perovskite phase is grown by inter-
calation of organic ions into a PbI2 structure45–47. This growth path is demonstrated by sequential processing, 
where a PbI2 precursor layer is converted into MAPbI3 by post-treatment with MAI vapor26,48. During evapora-
tion of MAI, the deposition rate of MAI is governed by its vapor partial pressure. During sequential deposition, 
the PbI2 layer is converted top-down. If the MAI chamber pressure is too low, this leaves a residual PbI2 layer at 
the bottom26. In our experiments, we show a partly sequential (delayed) growth path, which was shown to also 
result in residual PbI2 in the final films, as was observed in the ISXRD. As we decreased the MAI impingement 
rate, the intensity of the PbI2 (001) peak in the XRD also increased, pointing towards a reduced conversion to 

Figure 7.   WAXS reciprocal space maps of samples I (a), II (b) and III (c) measured at an incident angle of 6.7◦ . 
(d) The tilt angle dependent peak intensity distribution for the (110) MAPbI3 and (002) PbI2 diffraction rings. 
MAPbI3 (222) is not fully visible. The tilt angle is defined with respect to the q r-axis as illustrated in Fig. S6 of 
the supplementary information.
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MAPbI3 . This corresponds well to the MAI pressure variation in the sequential deposition process presented 
by Hsiao et al.26.

On multiple occasions, excess PbI2 has been shown to improve device performance of MAPbI3 solar cells23,49–51 
by passivating interfacial bonds and bulk defects, as well as improving crystal growth52 and reducing hysteresis. 
In our experiments, remains of minor PbI2 secondary phase contributions were detectable for the medium and 
low pressure processes. A greater amount of PbI2 in the bulk, indicated by a PbI2 peak in the respective ISXRD 
scan, could also lead to a passivation of the grain boundaries and was observed to enhance preferential orienta-
tion. For the high pressure process, sufficient pressure to convert PbI2 to MAPbI3 is reached early, leading to 
full conversion of PbI2 and presumably causing an excess of organic species (Fig. S2 in the SI). A high organic 
content can lead to a fast current-induced degradation of the absorber layer53, which would further obstruct 
charge transport. A resulting organic molecule barrier at the interface54 can cause insufficient charge transport 
and decreasing photo current46. The effect of MAI excess completely restraining solar cell efficiencies has not been 
as clear in another study, where major MAI excess up to 45% could still yield solar cells with the best efficiencies 
in that study, although these were distinctly less reproducible than cells with absorbers containing less MAI23. 
Our MAI evaporation onset delay measurements confirmed that PbI2 is especially important as a seed layer at 
the C60/MAPbI3 interface for producing high efficiency devices. This observation tips the on-going discussion 
on beneficial/detrimental aspects of a PbI2 excess32,33,52 towards a positive influence of the latter.

When growing a crystalline layer, its growth path will be decided by a minimization of free energy, whether 
this is via topotactical growth or surface agglomerates55,56. This means that the substrate type and/or the subjacent 
layer may strongly influence the crystal growth in vapor phase depositions31,57. We provide evidence, that in 
the same way, the crystallite orientation is influenced. In our experiments, depositing MAPbI3 on ITO/np-SnO2

/C60 , with no evaporation onset delay for MAI, growth of (110) lattice plains tilted by 10◦ to 30◦ with respect to 
the sample normal was induced (Fig. 7). These effects have not been investigated for perovskite absorbers, but 
play a decisive role for other materials. For example, it has been shown that the interaction of PMMA with the 
substrate is weakened for an increasing layer thickness58. For ZnO, the optical properties were found to depend 
on the thickness of a buffer layer55. Also, when depositing BaTiO3 the electronic and structural properties were 
strongly influenced by the thickness of a LaNiO3 buffer layer on a Si substrate59. The broad range of preferential 
growth directions in our perovskite film without MAI evaporation onset delay point to different influences from 
subjacent ITO, np-SnO2 and C60 layers, where no dominating effect can be isolated. Delaying the MAI onset by 
8 min, we observe a shift from wide-spread crystallite orientation towards a slightly preferential growth direc-
tion. Further increasing the onset delay, the orientation of the perovskite is almost completely dominated by a 
PbI2 seed layer. The purely inorganic PbI2 seed layer is highly oriented itself, likely due to interaction with the 
substrate. The seed layer screens the substrate from the perovskite and incentivizes a clear crystallite orientation 
in MAPbI3 , topotactic with the orientation of the PbI2 seed layer.

An approach towards explaining this phenomenon can be taken via the route of different growth paths. 
For stoichiometric dual-source PVD, MAPbI3 follows Volmer–Weber island growth, resulting in randomly 
oriented small grains with sizes below 100 nm60. Typically, Volmer–Weber growth occurs when the cohesion 
energy between molecules of the deposited material is greater than the adhesion energy between the material 
and the sample60. In this case, agglomerations of the deposited material grow in vertical direction from the 
sample surface, while the surface-coverage advances slowly. When the adhesion energy is larger, layer-by-layer 
(Frank–van der Merwe) growth is expected, in which case the considered surface is covered quickly. This could 
be the case for PbI2 seeds in our experiments, since it grows in a highly oriented manner. It has often been 
shown, that lead halides improve the sticking factor for MAI27,28, and MAI can intercalate into the PbI2 lattice 
to form MAPbI326,61. This hints towards an increase in adhesion energy for MAI on the substrate covered with 
PbI2 . In consequence, a transition to layer-by-layer growth for the perovskite could take place, thus inducing 
the observed preferential orientation.

The orientation is suspected to influence the fundamental properties of perovskites35. However, it is expected 
to play a minor role for the optical properties of MAPbI3 , and the correlations between electronic properties 
and preferential orientation have not yet been clarified38. Dedicated to this question, Chen et al. studied the wet-
chemical post-deposition of MACl on spin-coated MAPbI337. By the post-deposition procedure, the grain size 
was increased and preferential orientation of the perovskite crystallites improved, resulting in a reproducible 
increase in SC efficiencies from average values of 11–15% . Since the VOC was not improved, the increase in effi-
ciency was not attributed to larger crystallite sizes or a possible trap site passiviation by Cl. It was rather attributed 
to the improved orientation and a corresponding decrease in series resistance37. From our SCs’ performances 
it cannot be deduced, whether changing orientation plays a role for charge transport and SC performance. On 
the one side, the strong impact of the PbI2 seed layer on preferential orientation of MAPbI3 was shown. On the 
other side, the importance of the seed layer for SC performance could be seen, but without direct proof that this 
is related to film orientation, as it could also be caused for example by a passivating effect of the residual PbI2 
layer. The thickest PbI2 layer at latest MAI evaporation onset could improve charge transport in the bulk while, 
due to its low conductivity, also acting as a barrier at the C60/MAPbI3 interface. Further focused investigation 
observing the coupling of the preferential crystallite growth and SC performance are suggested in the future.

Conclusion
In this study, we introduced the chamber pressure as a parameter for controlling the methylammonium iodide 
(MAI) evaporation and respective impingement rate during the growth of methylammonium lead iodide 
(MAPbI3 ) absorbers for perovskite solar cells. We observed a strong influence of chamber pressure on the 
absorber film formation and, consequently, on cell performance. At a given PbI2 flux of 0.2 Å/s, we found an 
optimum chamber pressure for MAI deposition at 7.5 × 10−5 mbar. Increasing the chamber pressure further up 
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to 1.5 × 10−4 mbar was strongly detrimental to the functionality of the absorber, presumably because of an excess 
of organic species in the bulk and/or at the electron transport layer interface. At optimum chamber pressure, a 
small amount of excess PbI2 was found and efficiencies above 14% were achieved with low hysteresis.

Using a specially designed in situ setup, we were able to investigate the initial absorber growth for the first time 
using X-ray diffraction (XRD). At optimum chamber pressure, we noticed that initially a PbI2 layer is deposited, 
which then acted as a seed for perovskite growth. This observation is in accordance with the slow rise in chamber 
pressure, which was characteristic for the evaporation of MAI.

A controlled deposition of PbI2 seed layers showed that PbI2 has a strong influence on the crystallization 
and growth behaviour of the perovskite. Without PbI2 seed layer, low intensity XRD peaks were observed and 
the prepared solar cells showed efficiencies below 3 % . Delaying the MAI onset time by 8–16 min. drastically 
enhanced XRD peak intensities and led to efficient solar cells.

This work based on ISXRD provides a detailed characterization of the thin film growth using a new pressure-
reliant approach for the deposition of MAPbI3 perovskite absorbers. We provide further evidence that PbI2 plays 
a paramount role at the interface and for the initial growth of the perovskite, vastly determining also the bulk 
of the absorber in perovskite solar cells. Consequently, we show that the use of thin PbI2 seed layers enables 
the growth of highly crystalline and high quality organic–inorganic perovskites with physical vapor deposition 
techniques, which opens new optimization pathways and process developments for the deposition of perovskite 
thin films from the physical vapor phase.
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Concluding Discussion

The influence of overall stoichiometry on crystal growth and phase evolution (Q1)
as well as optoelectronic properties and PSC performance (Q2) are studied in [H1]
by the MAI pressure variation. The absorber stoichiometry is varied within the
bulk of MAPbI3 via the pressure-controlled MAI impingement rate and a medium
pressure of 7.5×10−5 mbar is optimal. Via in situ XRD, a PbI2 rich initial growth
is observed. In the final film, however, the existence of a segregated PbI2 layer
is not conclusively shown via an XRD θ-θ scan. In the following, an assessment
of the impact of stoichiometry on crystal growth - towards answering (Q1) - is
made. If not otherwise mentioned, the approaches in the cited literature are also
based on thermal evaporation.

Since PbI2 formation is observed during the low pressure approach in [H1]
- for which excess PbI2 impingement is assumed - the excess PbI2 seems more
likely to segregate than to intercalate into the perovskite lattice or agglomerate
at grain boundaries. A transmission electron microscopy (TEM) study performed
by Rothmann et al. examined the interplay of PbI2 excess and perovskite growth
[216]. They observed that PbI2 and MAPbI3 domain transitions can be free of
grain boundaries and instead have continuous atomic patterns [216]. Therefore,
a PbI2 excess might be favorably incorporated into the perovskite grains - while
maintaining the perovskite’s crystallinity - or at least a tolerance for PbI2 excess
might exist that still allows for the full potential of perovskite properties to unfold.

On the other hand, no segregated MAI is observed in the high pressure ap-
proach in [H1] - for which excess MAI impingement is assumed. Thus, the MAI
could be more likely to excessively exist within the crystal lattice at interstitial
or antisites or at grain boundaries. However, considering only the results in [H1],
excess MAI may also form an amorphous phase that XRD would not detect.
Lohmann et al. varied the substrate temperature for MAPbI3 deposition without
changing the impingement rate of PbI2 and MAI during co-evaporation [214].
Their results showed that MAI does not segregate at low excess, instead evoking
an increase in perovskite crystal size and accumulating at grain boundaries. Gal-
let et al. find a strong increase in crystallinity of MAPbI3 at high MAI excess [283].
The improved crystallinity observed in the literature seems to contradict the re-
sults in [H1] where a presumed bulk excess of PbI2 was observed to lead to an
increase of XRD peaks instead of an MAI excess. However, in [H1] this result
may be smeared by the PbI2 rich nucleation conditions - which were automatically
present for lower overall MAI pressure - inducing strong preferential orientation
as discussed above.

Further, Gallet et al. observed the formation of a low-dimensional perovskite
phase at high MAI excess [283]. In a solution-based study by Klein et al. a low-
dimensional phase was not observed at an MAI/PbI2 ratio of up to two, but at
higher MAI excess [284]. Song et al. spin-coated MAPbI3 thin films with a wide
variation of MAI/PbI2 ratios and proposed a binary phase diagram that postu-
lates PbI2 segregation for PbI2 excess and MAI integration up until an MAI/PbI2
ratio of 3, at which the δ low-dimensional phase (δ-LDP) is preferentially formed
at room temperature [285]. In the intermediate range of MAI excess, stacked per-
ovskite sheets/layers are formed, that are separated by organic layers [22]. The
amount of layers without organic separation decreases with increasing MAI con-
tent, thus culminating in the δ-LDP for high MAI excess [285]. Concluding the
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stoichiometry dependent phase formation inquired via (Q1), excess PbI2 is more
likely to segregate than MAI and low excess MAI is first incorporated into the
crystal structure or accumulated at grain boundaries before a low-dimensional,
non-perovskite phase is formed at higher MAI excess. In addition, the literature
results suggest an increase in crystallinity with more MAI.

Furthermore, the dependence of solar cell device performance on bulk stoi-
chiometry as inquired by (Q2) was studied in [H1] and optimum conditions were
determined at medium chamber pressure. Similar to our study, Lohmann et
al. found MAI excess to have a stronger negative impact on device performance
than PbI2 excess, necessitating a PbI2 rich growth for their best PSC devices [214].
Xu et al. [286] and Gallet et al. [283] find the formation of a low-dimensional phase
at MAI excess to gravely impact device performance. Both works did not observe
residual/segregated PbI2 in their optimized films yielding the highest efficiencies
suggesting an evenly balanced bulk stoichiometry or slight MAI excess. Kim et
al. measured the highest average PSC efficiency of ∼18 % in a p-i-n device for
a bulk stoichiometry with 5 % excess of PbI2 [287]. The average efficiency and
the reproducibility were reduced at increased PbI2 excess of 15 % and MAI ex-
cess of 45 %. Even though they obtained the highest individual efficiency at 45 %
MAI excess, they did not evaluate lower organic excess in their study and did
not provide XRD data for any of the films. Summing up the evaluation of (Q2),
it seems conditions close to balanced bulk stoichiometry are preferred for solar
cell performance. Few quantitative evaluations are made, but according to Kim
et al. [287] the optimum range may lie within 15 % PbI2 excess and 45 % MAI
excess.

(Q3) addresses the impact of initial growth conditions on the bulk growth and
how the initial behavior is perpetuated towards the bulk. Several works have
postulated the initiation of MAPbI3 growth during co-evaporation by the depo-
sition of a lead halide seed layer, subsequently enhancing MAI condensation and
enabling perovskite formation and valid evidence has been provided towards this
behavior [207, 210, 287]. E.g. Rothmann et al. used TEM to investigate MAPbI3
growth at PbI2 excess and observed an intergrowth of PbI2 and MAPbI3 at the
atomic level with modified PbI2 lattice structures and no interfaces between the
two phases [216]. They deduced that MAPbI3 growth is therefore seeded by PbI2
grains. This is supported by [H1] since the formation of PbI2 peaks precedes
MAPbI3 peaks in the in situ XRD data. Only during the high pressure approach
no initial PbI2 formation was observed. However, this may be due to the fast reac-
tion of the initial PbI2 seed layer with the large amount of MAI in the atmosphere,
thus rendering the low amount of original PbI2 undetectable. Therefore, it is still
reasonable to assume that PbI2 condensation precedes perovskite formation.

Concerning the perovskite growth depending on the nucleation conditions
along the lines of (Q3), in the MAI onset delay variation in [H1] a clear trend is
observed. The greater the onset delay, the stronger the orientational homogeneity
of the resulting MAPbI3. The PbI2 seed layer clearly induces topotactic MAPbI3
growth as observed by the same orientation of PbI2 (001) and MAPbI3 (110)
peaks via GIWAXS. With longer MAI onset delay a more intense PbI2 peak re-
mains in the final XRD diffractogram indicating a larger amount of residual PbI2
at the substrate interface. Analogously, the MAPbI3 (222) peak is enhanced for
lower PbI2 seed layer thickness and higher MAI content during nucleation. There-
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fore, the PbI2 is also effectively shielding the perovskite against the orientational
growth induced by the substrate. Something that is not noted in [H1] is the
continuous increase of the perovskite peaks during evaporation at elevated onset
delay, which is prolonged with a thicker PbI2 seed layer - yielding an increasingly
steep and inclined growth in perovskite peak area. Therefore, within the realm
of [H1], (Q3) concerning the perpetuation of initial growth conditions towards
the bulk can be answered by the results in figs. 5, 6 and 7 and the intergrowth
behavior observed for PbI2 and MAPbI3 by Rothmann et al. [216].

Due to the assumption that PbI2 initiates MAPbI3 growth, the separation
of the influence of bulk stoichiometry [(Q2)] and interfacial stoichiometry on
PSC performance [(Q4)] is difficult at this point since the localization of grains
from individual phases cannot be realized. This also arises from the lack of
reliable elemental quantification throughout the depth of the thin film, which
would allow to distinguish the compositions of bulk and interfaces in the litera-
ture. Some information can be gained by in situ XRD or approaches mimicking
in situ XRD by subsequent preparation of layers with different thicknesses un-
der the same conditions and analyzing each layer to gain information on depth-
dependent stoichiometry and phase composition [286]. However, there are a lim-
ited number of methods for analysis on the actual depth-dependent final film
composition. Very few studies employed glow discharge optical emission spec-
troscopy (GDOES) [288, 289] or time-of-flight secondary ion mass spectroscopy
(ToF-SIMS) [290, 291] to determine the change in depth-dependent composition
for perovskites, but quantified results are not obtained by these techniques. A
dedicated study focusing on (Q2) and (Q4) via one of these techniques could
potentially be very successful.

However, the influence of stoichiometric interfacial modification [(Q4)] by itself
is most easily addressed by dynamic evaporation processes performed within this
thesis. A deliberate delay of MAI onset time allows for the variation of the
thickness of a PbI2 seed layer and an optimum delay of 8 min is found in terms
of PSC performance in [H1]. By this, the advantageous process control during
dynamic processing is clearly demonstrated, since an onset delay is necessary for
functioning PSCs in [H1] and no onset delay (0 min) is detrimental towards PSC
performance. In view of (Q4), the possible origins of the electronic advantages
induced by a PbI2 rich nucleation will be briefly discussed in the following.

Since local PbI2 excess can induce n-type doping in the bulk [115, 292] - this
could also occur at the interface between perovskite and ETL, which may in
turn lead to an increase in the electron mobility and enhance charge extraction.
Additionally, excess PbI2 in the bulk has been shown to passivate bulk defects in
MAPbI3 [215]. Therefore, a rich PbI2 nucleation step could reduce the formation
of defects at the interface that might otherwise be created upon reaction of MAI
components with the substrate. However, if a thick unreacted PbI2 layer is present
at the interface as in the experiment with an MAI onset delay of 16 min, charge
transport between the perovskite and ETL is reduced as observed by the decrease
in jsc. This may be due to the low electron mobility in polycrystalline PbI2 of
under 0.01 cm2V−1s−2 [293] compared to 67.2 cm2V−1s−1 in MAPbI3 [294].

Xu et al. studied the suppression of a PbI2 layer at the perovskite/ETL inter-
face of evaporated PSCs in the n-i-p structure FTO/TiO2/PCBM/MAPbI3/Spiro-
MeOTAD/Au [286]. They suppressed the PbI2 interlayer by two different ap-
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proaches by (i) using a thin spin-coated MAPbI3 precursor before a subsequent
MAPbI3 co-evaporation step and (ii) the conversion of a thin PbI2 precursor
by exposure to MAI vapor for an optimized period of time before MAPbI3 co-
evaporation. Both approaches improved their average device efficiency from 9 %
up to (i) 12 % and (ii) 13 % (maximum of 14 % for (ii)), respectively. In their
final optimized device, they do not detect segregated PbI2 within the absorber via
XRD. Even though the approaches in [286] and [H1] seem to point in oppositional
directions, their final results are quite comparable. By deliberately depositing a
PbI2 seed layer before converting this seed layer to MAPbI3 and subsequently
using co-evaporation, Xu et al. employ a similar PbI2 rich initial nucleation for
their most efficient device as we have done in [H1]. (Q4) is covered more deeply
in [H2] and section 4.3.
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4.3 Dynamic Co-Evaporation of MAPbI3 for p-i -n Solar
Cells

Opening Remarks

Inverted p-i-n MAPbI3 PSCs to-date can outperform standard structure n-i-p
PSCs [295, 296]. In addition, p-i-n PSCs can be more compatible with low-
temperature processing, exhibit lower hysteresis [297–299] and be more suitable
for use in tandem cells [80, 195] clearly showing the importance of investigating
both structures.

Based on [H1] the enhancement in solar cell performance by PbI2 rich nucle-
ation can not be ascribed specifically to an improved bulk crystallization and/or
modified interface properties, although some evidence has been provided sup-
porting the latter effect. This leaves the impact of interfacial modifications as
addressed by (Q4) open for further discussion. Inverted solar cells in the p-i-n
structure present a convenient design to continue this investigation.

If, in fact, the influence of PbI2 rich nucleation on the bulk crystal growth is
advantageous for the optoelectronic properties in a PSC device, this is expected to
occur in n-i-p as well as p-i-n device architectures. Similarly, potential interface
passivation by PbI2 would also be advantageous in the p-i-n structure. On the
other hand, if the change in local electronic properties induced by PbI2 carries
the most weight concerning the impact on PSC performance, PbI2 rich nucleation
might even bear a disadvantage for p-i-n PSCs. Therefore, the inverted structure
provides a suitable framework for continuing the study on the advantages of
dynamic processing schemes.

Based on the optimum bulk growth conditions determined in [H1], in [H2] a
focus is set on dynamic co-evaporation of MAI and PbI2 to elucidate the impact
of stoichiometric variations at the interfaces to electron transport (ETL) and hole
transport layers (HTL) in the inverted structure. For this purpose, the pre- and
post-evaporation of thin PbI2 and MAI layers is studied.
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Impact of dynamic co‑evaporation 
schemes on the growth 
of methylammonium lead iodide 
absorbers for inverted solar cells
Robert Heidrich  1,3, Karl L. Heinze  1*, Sebastian Berwig1, Jie Ge1, Roland Scheer1 & 
Paul Pistor  1,2*

A variety of different synthesis methods for the fabrication of solar cell absorbers based on the lead 
halide perovskite methylammonium lead iodide (MAPbI3, MAPI) have been successfully developed in 
the past. In this work, we elaborate upon vacuum-based dual source co-evaporation as an industrially 
attractive processing technology. We present non-stationary processing schemes and concentrate 
on details of co-evaporation schemes where we intentionally delay the start/end points of one of 
the two evaporated components (MAI and PbI2). Previously, it was found for solar cells based on a 
regular n-i-p structure, that the pre-evaporation of PbI

2
 is highly beneficial for absorber growth and 

solar cell performance. Here, we apply similar non-stationary processing schemes with pre/post-
deposition sequences for the growth of MAPI absorbers in an inverted p-i-n solar cell architecture. 
Solar cell parameters as well as details of the absorber growth are compared for a set of different 
evaporation schemes. Contrary to our preliminary assumptions, we find the pre-evaporation of PbI2 
to be detrimental in the inverted configuration, indicating that the beneficial effect of the seed layers 
originates from interface properties related to improved charge carrier transport and extraction across 
this interface rather than being related to an improved absorber growth. This is further evidenced by a 
performance improvement of inverted solar cell devices with pre-evaporated MAI and post-deposited 
PbI2 layers. Finally, we provide two hypothetical electronic models that might cause the observed 
effects.

Lead halide perovskite semiconductors have excelled in recent years as versatile semiconductors in a variety of 
opto-electronic applications1,2. Most prominently, laboratory scale solar cells, both in single junction (η > 25 %) 
and tandem configuration with Si (η > 29.5%), have shown rapidly increasing record efficiencies well beyond 
expectations3.

Apart from device stability, main concerns in view of an industrial uptake of the technology are the scalability 
and reproducibility of the implemented fabrication processes. While many technological advances on small, 
laboratory scale solar cells have been obtained with wet-chemical methods (e.g. spin-coating, printing), some 
vacuum-based approaches have also been successfully implemented.

Liu et al. reported the fabrication of efficient, planar perovskite solar cells by dual source co-evaporation, using 
methylammonium (MA) and PbCl2 as precursors reaching efficiencies above 15%4. Several other groups have 
followed this route (with either PbI2 or PbCl2 as lead halide precursors)5 and in 2019 the use of optimized contact 
layers by Bolink et al. led to efficiencies exceeding 20%6. Co-evaporation generally leads to compact, homogene-
ous films, is fast and easily scalable and offers an improved processing control under reproducible conditions. 
The two main approaches used nowadays are based either on a) simultaneous, stationary co-evaporation from 
different sources or b) sequential processing, where first only one component is deposited (normally the lead 
halide, e.g. PbI2 ). This precursor layer is then converted into the perovskite, e.g. through exposure to an MAI 
atmosphere or by deposition of the MAI followed by an annealing7,8.

Attempts to partly combine the two approaches are rare, i.e. to move to non-stationary co-evaporation 
where the application of the two precursors is not completely synchronized and stationary. This is even more 
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astonishing, as this is in fact one of the main advantages of co-evaporation in comparison to solution-based 
processing: the amount and ratio of precursors arriving at the substrate can be varied during processing. As 
an example for other photovoltaic technologies, high efficiency co-evaporated solar cells based on chalcopyrite 
Cu(In,Ga)Se2 absorbers are prepared with a complex Cu-poor/Cu-rich/Cu-poor evaporation scheme leading to 
optimal absorber properties and a carefully designed band gap gradient within the absorber9.

In this sense, non-stationary co-evaporation not only bears the potential to vary the composition of the 
absorber during growth, but also to initiate or terminate the growth with specific precursor compositions. Fur-
thermore, it is rather difficult in an industrial in-line fabrication, where the substrates are normally transported 
across a series of linear evaporation sources, to ensure the continuously homogeneous, stationary flux of constant 
precursor ratios to the substrate, as is the case in a stationary laboratory setup.

These considerations motivated us to investigate the impact of pre-evaporating of precursors, starting the 
evaporation with seed layers instead of a continuous evaporation. This approach continues our previous work 
in this direction for solar cells in a regular n-i-p configuration10. To the best of our knowledge, this is so far the 
only work considering such kind of asynchronous, non-stationary co-evaporation, where we found that a pre-
evaporation of PbI2 seed layers was greatly beneficial to the solar cell performance. We argumented, that the PbI2 
seed layer initiated crystallization, increased the sticking coefficient and led to the growth of a MAPI absorber 
with improved properties. However, ultimately it remained unclear whether the performance improvement 
originated from an improved absorber growth (as a result of the different nucleation on the PbI2 seed layer) or 
due to an improved interface to the electron transport layer (ETL).

In order to elucidate this question, here, we present our first results on novel pre/post-evaporation schemes 
for inverted perovskite solar cells based on a p-i-n structure with NiO as hole transport layer (HTL) and an ETL 
double layer based on [6,6]-Phenyl C61 butyric acid methyl ester (PCBM) and ZnO. We use different pre/post-
deposition schemes of MAI and PbI2 and report their impact on absorber growth in terms of crystallization and 
morphology and on performance in complete solar cell devices.

The motivation to use an inverted solar cell configuration is two-fold: On the one hand, it allows us to directly 
compare the results obtained in our previous work and study the impact of pre/post-evaporation schemes for 
an inverted contact layer configuration (PbI2 pre-evaporation onto the HTL instead of the ETL layer). On the 
other hand, the use of an inverted device configuration is motivated by our longterm goal to fabricate tandem 
devices, where a solar cell in p-i-n configuration is needed to ensure the correct direction of the current flow in 
the top cell with respect to the diode of the bottom cell (p-type Si or chalcopyrite solar cell).

Experimental methodology
Solar cells were prepared on glass substrates coated with transparent conductive indium-tin-oxide (ITO) layers 
in an inverted p-i-n structure. The used stacked cell architecture is based on NiO as hole transport layer (HTL) 
and a bilayered electron transport layer (ETL) made of phenyl-C61-butyric acid methyl ester (PCBM) and ZnO 
nanoparticles. The complete solar cell consists of a glass/ITO/NiO/MAPI/PCBM/ZnO/Ag layer stack. Details 
concerning the sample preparation, ETL/HTL deposition parameters, the solar cell fabrication and characteriza-
tion methodology can be found in the supporting information.

The co-evaporation of MAPI absorbers was carried out in a high vacuum chamber (base pressure 10−5mbar) 
with two evaporation sources filled with MAI and PbI2 , respectively. The setup is described in detail in the work 
by Heinze et al., where dynamic processing schemes including the pre-deposition of different seed layers were 
developed for regular solar cells in n-i-p structure in the same system10. Further experimental details on the 
evaporation setup and the characterization methodologies can be found in the supporting information.

The MAPI absorbers were synthesized by co-evaporating MAI and PbI2 . Optimal deposition parameters 
concerning the optimal flux ratios for near stoichiometric absorber compositions had been determined previ-
ously (see reference10). Following this work, we ramped both crucibles to their respective target temperature in 
900s. A constant PbI2 source temperature of 288◦ C was used for all experiments. The target temperature for 
the temperature ramp of the MAI crucible was set to 115◦ C. Due to its high vapor pressure and particle scat-
tering, MAI does not evaporate directionally5. As a consequence, the MAI flux cannot be easily controlled by 
the source temperature alone, nor the installed quartz crystal microbalance. In accordance with10,11, the MAI 
flux was therefore controlled by adjusting the MAI source temperature in order to maintain a constant working 
pressure within the evaporation system. The optimal constant working pressure had been previously determined 
and was set to 7.5×10−5mbar10.

Our evaporation setup is equipped with an in situ X-ray diffraction setup (in situ XRD). It consists of a Cu 
K α X-ray source and linear detector array arranged at opposite sides of the vacuum chamber. The X-rays enter 
and leave the chamber through Kapton windows allowing the recording of XRD scans in an angular 2 �-range 
of 28◦ . Details on the experimental setup can be found in the supporting information and in references10,12.

In this work, MAPI absorbers were deposited on glass/ITO/NiO substrates in a variation of four different 
evaporation schemes. Every process was carried out with at least 4 samples (3 solar cells on each sample) allow-
ing a small statistical comparison. A nitrogen filled glovebox is directly attached to our evaporation system, 
allowing the sample/source material insertion/extraction under inert working conditions. The four different 
evaporation schemes are schematically illustrated in Fig. 1 and will be named throughout this work with the 
following abbreviations.

The entire evaporation time was 10100s for Eva 1-3 and 10700s for Eva 4. Pre- or post-evaporation times were 
set to 600s leading to total absorber thicknesses in the range of 300nm. According to our previously performed 
flux measurements, the layer thickness during the pre/post-evaporation sequences of 600s is in the range of 
10nm to 20nm.
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After the MAPI evaporation was finished, 3 out of 4 samples were further processed to solar cells in a nitrogen 
atmosphere by adding a PCBM/ZnO electron transport layer (ETL). Finally, Ag contacts were evaporated in a 
separate vacuum chamber. j-V characteristics of the solar cells were measured under simulated AM1.5 illumina-
tion. Details on the sample preparation and contact layer deposition can be found in the supporting information. 
On the remaining sample, TRPL, SEM and EDX measurements were conducted in this order. For SEM analysis, 
the sample was cut in half allowing cross-sectional imaging.

Results
Evaporation process.  Figure 2 shows EVA 4 as an example for the evolution of the crucible temperatures, 
chamber pressure (left) and the quartz crystal micro balance (QCM) reading for the evaluation of the deposited 
mass (right). A comparison of the remaining evaporation schemes can be found in the supporting informa-
tion. The shutter control for the pre-deposition of MAI and post-deposition of PbI2 was adjusted to the heating 
scheme as indicated with dashed lines in the plots. Pre- and post-deposition intervals are marked by the colored 
rectangles (purple: MAI pre-evaporation, yellow: PbI2 post-evaporation). For the pre-deposition of MAI, the 
MAI deposition was started 600s earlier and accordingly, the post-deposition of PbI2 in Eva 4 was carried out by 
turning off the MAI heater, closing the MAI shutter and continuing with the deposition of PbI2 . The substrates 
were not actively heated and the substrate temperature stayed approximately constant for all evaporations start-
ing at Tsubs = 12 °C and reaching Tsubs = 16 °C at the end of the process.

At the right hand side of Fig. 2, the time derivative of the QCM frequency is displayed. This quantity is 
proportional to the rate of deposited mass modified by material constants of the quartz crystal and visualizes 
the deposition kinetics15. The development of the time derivative of the QCM frequency shows that some mass 
is already deposited before the shutters were opened, which is explained by the non-directional evaporation 

Figure 1.   Schematic representation of the co-evaporation schemes using PbI2 and MAI precursors on 
glass/ITO/NiO substrates to grow MAPI. While PbI2 evaporates as a molecular stream, MAI is distributed 
homogeneously in the chamber, increasing the total chamber pressure13,14. Different evaporation schemes 
(Evaporation 1-4) by choice of different initial/final evaporation conditions have been tested and compared with 
regard to their impact on the crystal growth and the electronic properties of the absorber.

Figure 2.   Pre-evaporation of MAI in combination with post-deposition of PbI2 (Eva 4). The left plot shows the 
temperatures and pressure for the whole evaporation time, the right image visualizes the time derivative of the 
frequency calculated from the measured frequency by the QCM.
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behaviour of MAI13,14. After the MAI shutter was opened, the slope increases, in accordance with the observed 
increase in chamber pressure (left). When the PbI2 shutter is opened, the slope increases again until a stable 
deposition is reached at approximately 3000s after the process was started. When the MAI shutter is closed the 
deposition rate decreases slightly due to the missing MAI flux indicating the post-deposition of PbI2.

The deposition processes were monitored with the in situ XRD system attached to the evaporation chamber 
as displayed in Fig. 3. Here, the evolution of the XRD intensity is color-coded in color maps where the x-axis 
represents the evolution of process time and the y-axis represents the diffraction angle. The color maps are 
normalized to the maximum value of each measurement. All peaks which are visible from the beginning either 
belong to the substrate (glass/ITO/NiO) or the substrate carrier and will not be discussed here. The detector 
assembly has two blind spots at 17.5◦ and 26.5◦.

Eva 1 did not show any signs of crystallization or crystalline thin film growth; no peaks correlated to MAPI, 
MAI or PbI2 were observable. However, visually, the substrates were dark after the co-evaporation process and 
SEM cross-sections confirmed deposition of a thin film of 300nm. For the case of Eva 2, a PbI2 (001) peak at 12.5◦
16 can be observed starting approximately 30min after the beginning of the process. After approximately 60min, 
tetragonal MAPI (110) and (114) peaks17 at 14◦ and 31.5◦ , respectively, become visible. For the third evaporation 
scheme with MAI pre-evaporation (EVA 3), no PbI2 peak was detected. The tetragonal MAPI peaks appeared 
earlier at approximately 45min and with increased intensity relative to the substrate peaks.

SEM and EDX measurements.  Figure 4 displays cross-sectional scanning electron microscope (SEM) 
images of the absorbers. The absorber thickness of Eva 1-3 was measured to be approximately 300nm, only Eva 
4 was slightly thinner at approximately 250nm. In between the absorber and the ITO layer (ca. 180nm), the NiO 
layer can be identified as a slim, bright line with distinct grain structure and a thickness of approximately 25nm. 
The morphology of the EVA 1 absorber in Fig. 4 shows round particles and some porosity, while for the absorber 
of Eva 2 no distinct granular structure is observed, but a rather homogeneous cross-section. For Eva 3 and Eva 4, 
clearly distinguishable granular structures of few tens to one hundred nanometers can be distinguished. Further 
discussion and morphology images can be found in the supporting information.

Detecting lighter elements like carbon or nitrogen was not possible with sufficient accuracy in the used 
setup18, impeding the direct quantification of methylammonium via EDX. In Table 1 the results of the EDX 
measurements for Pb and I are listed for comparison of all processes. The stoichiometric perovskite has the 
chemical formula ABX3

19 leading to a nominal I
Pb

 ratio of 3. We evaluate the stoichiometry according to the [I] 
to [Pb] ratio I

Pb
 , where values above 3 would be expected for MAI-rich absorbers and values below 3 indicate 

PbI2-rich perovskites. We conclude that all absorbers had a near stoichiometric composition, with Eva 1, 2 and 
4 being slightly PbI2-rich, while Eva 3 (with pre-deposited MAI) was slightly MAI-rich (I/Pb ratio of 3.08).

TRPL measurements.  The influence of a post-deposited PbI2 top layer (Eva 4) was analyzed qualitatively 
by TRPL measurements of the absorber from the top side. Figure 5 only displays the lowest ( 0, 001 · I0 ) and high-

Figure 3.   In situ XRD scans of Eva 1 (left), Eva 2 (middle) and Eva 3 (right). The yellow arrow marks the 
significant PbI2 peak while the red arrows indicate the significant MAPI peaks16,17. Pre-evaporation intervals are 
marked by colored rectangles (yellow: PbI2 pre-evaporation, purple: MAI pre-evaporation).
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Figure 4.   Cross-sectional SEM images of the perovskite absorbers of Eva 1 (top left), Eva 2 (top right), Eva 3 
(bottom left) and Eva 4 (bottom right). The magnification was fixed at 80000.

Table 1.   EDX measurement of the absorbers from different evaporation processes. The atomic fractions were 
normalized to 100%. A relative error of 4% for all measurements was considered as reasonable and calculated 
by the EDX software.

Eva 1 Eva 2 Eva 3 Eva 4

I atom [%] 73.47 74.03 75.49 74.23

Pb atom [%] 26.53 25.97 24.51 25.77
I

Pb
2.77 2.85 3.08 2.88

Figure 5.   Comparison of TRPL measurements of Eva 3 and Eva 4 with low laser intensity ( 0, 001 · I0 , left) and 
high laser intensity ( I0 , right). The incident beam was focused on the absorber top side, which was also the area 
of photon detection. Attenuation of the laser intensity to 0, 001 · I0 was made possible by using a neutral gray 
filter.
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est laser ( I0 ) intensities that were used in a series of different intensities. We did not detect any photo degradation 
during these measurements and during subsequent control measurements.

In general, the observed photoluminescence decays are not strictly mono-exponential, indicating a com-
bination of recombination processes20. The decay times for the low intensity curves are approximately similar 
for both evaporation schemes. A built-in electric field rapidly separating the generated charge carriers is one 
possible explanation for the short decay times at low injection levels, an effect that would be counterbalanced 
by the generated photovoltage at higher injection levels. At high illumination conditions, the measured signal 
is significantly different between Eva 3 and Eva 4. The faster decay of Eva 4 could be explained by improved 
charge carrier extraction due to the post-evaporated lead iodide layer. This would result in less charge carrier 
accumulation and therefore quenching of the TRPL signal.

j‑V analysis.  After completing the solar cell devices by deposition of ETL and contact layers, j-V curves 
were measured under simulated AM1.5 sun light in ascending and descending voltage sweep directions. The j-V 
curves of the best performing solar cells measured in ascending and descending direction are plotted for each 
evaporation run exemplary in Fig. 6, while averaged solar cell parameters are listed in Table 2. A more detailed 
analysis of the data distribution of the solar cell parameters for each evaporation scheme can be found in the 
supporting information.

Figure 6.   j-V characterisation of Eva 1 (top left), Eva 2 (top right), Eva 3 (bottom left) and Eva 4 (bottom right).

Table 2.   Average and standard deviation (SD) of the solar cell parameters corresponding to the different 
evaporation schemes. The total amount of measured solar cells and the parameter distribution for the 
corresponding statistical value is displayed in the supporting information.

VOC ± SD [V] jSC ± SD [mA/cm2] η ± SD [%] FF ± SD [%]

Eva 1 0.90 ± 0.03 2.78 ± 1.01 1.22 ± 0.39 51.31 ± 7.63

Eva 2 0.94 ± 0.04 1.64 ± 0.69 0.52 ± 0.24 34.67 ± 2.18

Eva 3 0.96 ± 0.03 8.01 ± 0.90 4.31 ± 1.03 54.87 ± 9.29

Eva 4 1.02 ± 0.00 7.83 ± 1.24 5.86 ± 0.76 73.75 ± 2.05
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The best solar cell for the simultaneous (no pre-/post-deposition) evaporation scheme (Eva 1, top left graph 
in Fig. 6) resulted in a device with rectifying behaviour, an open circuit voltage around 900mV, low fill factor 
(42 % in ascending and 57 % in descending direction) and little hysteresis. Due to the rather low short circuit 
current density of less than 3mA/cm2 , the efficiency of the best device for this evaporation scheme was limited to 
approximately 1 %. When PbI2 is pre-evaporated (EVA 2, top right graph), the performance of the corresponding 
solar cells is even lower, mainly because of the drastically decreased fill factor (38% in both directions). The j-V 
curve now nearly shows no rectifying behaviour and the average efficiency of all solar cells from this evapora-
tion scheme was limited to well below 1 %. This stands in clear contrast to our expectations and the results from 
Heinze et al. in10, where the PbI2 pre-evaporation had led to an increased short circuit current density and overall 
performance in n-i-p based solar cells.

On the contrary, a large improvement in the short circuit current density was observed for EVA 3 (bottom 
left), were MAI instead of PbI2 was pre-evaporated. For this evaporation scheme, solar cell efficiencies exceeding 
6 % were obtained. A further improvement was observed by additional post-deposition of PbI2 (Eva 4, bottom 
right): here, the efficiency of the best solar cell is elevated to 6.7 % (descending) and 6.8% (ascending). This 
increase is mainly due to the better open circuit voltage exceeding 1V and an improved fill factor (above 70 %).

Overall solar cell efficiencies of the devices presented in this work are well below the current state-of-the-
art of evaporated perovskite solar cells. Despite this, a clear impact of the evaporation scheme on the solar cell 
performance can be observed in both the j-V curves of the best cells and the list of averaged parameters. We 
would like to stress the fact that we have reproduced these results and that the co-evaporation methodology 
and equipment employed here are identical to the ones presented in our previous publication (10) and therefore 
have proven to provide absorber-grade MAPI with reasonable efficiencies. Despite our efforts, in the inverted 
p-i-n configuration we have not been able so far to produce solar cells with co-evaporated MAPI exceeding 8% 
efficiency, in contrast to the regular n-i-p configuration where we achieved efficiencies around 15%. As the same 
processing conditions have been applied, we believe that the main problems of our p-i-n devices lay still in the 
contacting layers, which demand further optimization.

The main reasoning for this is that the deposition parameters used in this work corresponded to the ones 
used in our prior publication on the regular solar cell structure, where indeed satisfying device efficiencies had 
been obtained. The underperformance of the devices presented in the current work is therefore not expected 
to be related to the absorber growth conditions per se, but must be somehow related to the variation of the 
substrate/contact layers.

However, in view of the comparable processing conditions we are able to draw several valuable and important 
conclusions taking into account our current and the previous work as will be discussed in the following.

Discussion
Bækbo et al. showed that decomposition of MAI into smaller structures (mainly HI and CH3NH2 ) occurs when 
MAI is evaporated13. The adsorption kinetics were described by Kim et al. discussing the adsorption of PbI2 
and MAI on the substrate surface21. Both groups only measured a minor impact of the MAI flux on the quartz 
crystal balance. Therefore the suggestion of Kim et al. was made that the nucleation process consists of a seed 
layer of PbI2 which is used as preferential bond for the MAI components. MAPI is then formed by diffusion 
processes of MAI through the seed PbI2 layers. These diffusion processes were also described for PbCl2 by Bækbo 
et al. and Chen et al. while the latter work showed a conversion of a 150nm PbCl2 layer into MAPbCl313,22. For 
simultaneous evaporations, Parrott et al. showed that the growth starts with nucleation of small islands of 8nm 
height23. Heinze et al. showed that an initial crystallization of PbI2 is possible during simultaneous evaporation 
depending on the targeted chamber pressure10.

Here, we observed that the pre/post-deposition of one of the two precursors in dual source co-evaporation 
of perovskite absorbers has a strong impact on the absorber properties and solar cell performance. Interestingly, 
PbI2 seed layers (Eva 2) neither lead to better crystallization nor improved solar cell performance. The in situ 
XRD showed that the PbI2 seed layers pre-deposited in Eva 2 were not fully converted to MAPI, but remained 
unreacted throughout the deposition. Therefore, a diffusion-driven formation of MAPI was, at least, not com-
pleted. Heinze et al. reported an increase of solar cell efficiency with the pre-evaporation of PbI2 in the n-i-p 
structure, even with remaining PbI2 XRD peaks10. We therefore conclude that the PbI2 itself is not necessarily 
detrimental to the absorber, e.g. by introducing deep defects at the MAPI/PbI2 interface. On the contrary, PbI2 
has been claimed to have a passivating effect in several works24,25. The detrimental effect of the PbI2 seed layers 
in this work are therefore attributed to their location at the HTL side in the p-i-n structure. In fact, depositing 
PbI2 at the ETL side of the device through post-deposition showed an improvement (EVA 4), similar to the seed 
layers in the n-i-p structure of Heinze et al10.

Furthermore, it was seen that only the processes with an MAI seed layer (Eva 3 and Eva 4) achieved an 
absorber structure with a distinct granular structure, and an improved solar cell performance. Muscarella et al. 
showed that the crystal plane orientation does not necessarily determine the electronic or optic properties, but 
Hsiao et al. assume a positive effect of larger grains because of less interfaces as recombination centres between 
the contacts14,26.

Ou et al. found that the electronic properties of MAPI highly depend on the MAI/PbI2 ratio allowing differ-
ent doping states from p-doped to n-doped which is caused by the placement of donator defects in the crystal 
lattice27. However, the electronic properties are not only influenced by the electrons and holes as charge carriers. 
Eames et al. showed the ionic migration of iodine and therefore effects on the band diagram in dependence of the 
stoichiometry to occur in MAPI28. The EDX measurements revealed that the films prepared during the course of 
this work were on average either nearly stoichiometric, or slightly PbI2-rich. With reference to the work of Ou 
et al., this implies that the MAPI absorbers on average are intrinsic or n-doped to different extents.
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In order to explain the measured differences in solar cell performance, we present two hypothetical models 
as thought experiments. Figures 7 and 8 show illustrations of these possible effects of the different evaporation 
schemes on the electronic structure of our devices. The graphs present schematic sketches of possible band 
diagrams, where the placements of valence band, conduction band and Fermi level correspond to the literature 
data as measured by PES in references24,29–33.

According to these data from literature, due to the band offset in the valence band, an incomplete conversion 
of the PbI2 layer covering the NiO (Eva 2) would lead to a hole blocking barrier as displayed in the band diagram 
presented in Fig. 7. Such an energy barrier for the holes traveling towards the HTL might drastically decrease 
the solar cell performance. Numerical calculations based on experimental data already showed the possibility 
and effect of such a band offset for a PbI2/MAPI interface34.

If unconverted PbI2 (Eva 4) is placed on top of the absorber, however, the effect would be opposite: Here, 
adjacent to the ETL, a blocking of the holes while letting the electrons pass through would actually support the 
filtering effect of the ETL.

TRPL measurements show that the decay times for high illumination intensities are reduced for the samples 
with PbI2 post-deposition. One possible explanation is a larger density of trapping defects in the case of the pure 
MAPI layer or MAPI/PCBM interface, which would artificially prolong the observed decay time beyond the 
charge carrier lifetime through re-emission from the trap states35. A removal of the trap states at the interface 
by passivation with PbI2 would in turn lead to reduced TRPL decay times, which is one possible interpretation 
of our TRPL data.

Golubev et al. numerically investigated the impact of buffer layers especially for a MAPI/C60 interface. They 
calculated the influence of defect states on the open circuit voltage, which increases for a smaller number of 
these states36.

Furthermore, their numerical investigations were built on the experimental work of Liu et al., who reported a 
significant decrease in photoluminescence (PL) intensity and an increase in solar cell performance after placing 
a C 60 layer on top of a perovskite37,38. The numerical studies showed that this performance increase is probably 
a result of higher charge carrier mobility at the perovskite/C60 interface, and therefore an improved charge 
transport across this interface36. This explains the decrease in PL by improved charge carrier extraction from 
the absorber, which leads to less radiative recombination and thus, lower PL intensity. The post-deposited PbI2 
layer could act in a similar way as the C 60 buffer layer does, because the decay times at high intensities in our 
experiments were smaller as compared to the sample without post-deposition, while the open circuit voltage 
increased. These considerations would also match the research of Jacobsson et al., who studied the influence of 

Figure 7.   Schematic illustration of possible band diagrams including unconverted layers of lead iodide. The 
left image shows the solar cell with a fully converted MAPI absorber without residual PbI2 (Eva 1). The middle 
image shows the solar cell with an additional layer of PbI2 on top of the NiO (Eva 2). The right image shows the 
case of an unconverted lead iodide layer on top of the MAPI absorber (Eva 4).

Figure 8.   Schematic illustration of the band diagrams resulting from doping gradients within the MAPI 
absorber. Here, the blue circle illustrates the electrons and the red circle the holes. The left image shows the solar 
cell with a fully converted MAPI absorber without stoichiometry variations/gradients (Eva 1). The middle image 
shows a MAPI absorber with MAI-rich stoichiometry at the NiO interface and PbI2-rich stoichiometry at the 
ETL interface (Eva 4). The right image shows a MAPI absorber whose stoichiometry is PbI2-rich at the NiO 
interface and MAI rich on top of the absorber (Eva 2).
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remnant lead iodide on the MAPI absorber24. They found that lead iodide excess can improve the charge carrier 
extraction and leads to a quenching of the PL. This would be a second possible interpretation of the observed 
reduction of TRPL decay times in combination with an improved open circuit voltage. Additional measurements 
in this respect are needed to lead to more conclusive results.

A different thought model explaining the performance increase for the pre/post-deposition schemes is dis-
played in Fig. 8. As discussed before, the stoichiometry has a direct influence on the MAPI doping27. The n-i-p 
structure showed improved performance when PbI2 was pre-evaporated10,13. Even for fully converted PbI2 layers, 
it could be expected that the first MAPI layers after PbI2 pre-evaporation would possess a PbI2-rich stoichiom-
etry. In the case of the p-i-n structure this would lead to n-doped areas of MAPI close to the HTL27,39,40. The 
other way around, a pre-deposition of MAI would lead to a p-doped absorber interface adjacent to the HTL.

Following this line of thought, the pre- and post-evaporations induce stoichiometry gradients in the absorber, 
which in turn result in doping gradients and a band bending of the absorber at the interfaces. If the band bend-
ing fits the alignment of the ETL and HTL, the charge carrier separation and migration to the corresponding 
contacts is supported. Otherwise the charge extraction is impeded. This would also mean that even if the layers 
of pre-deposited PbI2 were fully converted to MAPI in the (inverted) p-i-n structure, this setup is not preferable 
due to the mismatching band bending. Transferring these considerations to the pre-evaporation of MAI and the 
post-evaporation of PbI2 (Eva 4), the absorber would be p-doped on the NiO interface (MAI-rich), intrinsic in 
the bulk (stoichiometric) and n-doped at the PCBM interface (PbI2-rich), a configuration which would support 
charge extraction. These scenarios are depicted schematically in Fig. 8.

While we are unable to distinguish between the two hypotheses or confirm them further at this point, we 
present them here in order to inspire further thoughts along this line and would like to encourage additional 
research in this direction. It is clear, that both effects could also occur to different extends in parallel.

Conclusion
This work showed that the pre-deposition of PbI2 in the inverted p-i-n structure (Eva 2) is strongly detrimen-
tal for perovskite solar cell performance, in contrast to our previous results for solar cells in the regular n-i-p 
configuration. On the contrary, the pre-evaporation of MAI in combination with the post-evaporation of PbI2 
is beneficial (Eva 4) and showed the best solar cell efficiencies. While the pre-evaporation of MAI strongly 
improved the short circuit current density, the PbI2 post-deposition mainly resulted in an increased fill factor 
and open circuit voltage.

Two thought models potentially explaining the influence of the sequential evaporations schemes on the 
measured performance have been portrayed. The first model presumes the evaporation of an unconverted PbI2 
layer to create an energy barrier for the holes in the p-i-n structure due to the mismatched band offset24,29–33. This 
would be beneficial at the ETL interface (post deposition of PbI2 ), but not desirable at the HTL side. The second 
model assumes a conversion of pre- and post-evaporated layers, but with a remaining stoichiometry gradient, 
ultimately resulting in a doping profile within the absorber. By pre- and post-evaporation of MAI and/or PbI2 , 
it is possible to tune the doping of the MAPI at the top/bottom interface and therefore create a band bending 
which aids or hinders the charge carrier separation13,21,27,39,40. Both models are not in conflict with each other 
and in practice a combination of both effects is considered to be most likely.

For the first time different pre- and post-deposition sequences have been applied to MAPI solar cells in p-i-n 
configuration. Our results underline the importance to consider stoichiometry variations within the absorber 
and at the absorber interface during processing, especially in view of industrial in-line processing with non-
stationary substrates. Together with our previous results, this work stresses the importance of initial and final 
steps of a co-evaporation process and sheds light onto the basic concepts of non-stationary processing schemes 
stimulating both exciting further scientific investigations and innovative technological processing options. We are 
confident that our results and lines of thought will enable and trigger a wide range of further research activities 
on dynamic and pre/post-evaporation schemes for co-evaporated solar cell absorbers.

Data availability
The datasets generated and analyzed during the current study are available from the corresponding author on 
reasonable request.
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Concluding Discussion

The impact of substrate and nucleation conditions on the bulk absorber growth
[(Q3)], will be discussed first. In [H2] the PbI2 seed layer enhances MAPbI3 crys-
tallinity and/or preferential orientation compared to the statically co-evaporated
layer as observed by the peak intensity in the in situ XRD. This effect is known
and discussed for [H1] in section 4.2. Depositing an MAI precursor instead of
PbI2 further increases the MAPbI3 peak intensity compared to the PbI2 precur-
sor in [H2]. This observation is made although a low sticking factor of the MAI on
the substrate is expected [207]. Kim et al. determined the increase of MAI con-
densation on a QCM at a constant impingement rate to increase by 2.7 when PbI2
is present compared to the case without a PbI2 precursor [287]. Therefore, a rea-
sonable condensation rate is still expected in our case for the isolated deposition
of an MAI precursor and it is valid to assume the presence of an MAI precursor
layer in our experiment to which the increase in perovskite peak intensity can be
related.

Olthof et al. investigated four different substrate types and their influence of
condensation behavior during co-evaporation of MAI and PbI2 [211]. They found
the catalytic activity of ITO substrates to cause dissociation of MAI and PbI2
due to the reaction with surface -OH groups, leading to a very slow condensa-
tion due to the lack of N [211]. A MoO3 substrate reduced the condensation of
Pb when MAI dissociates were present and a stoichiometric perovskite deposi-
tion was only possible after establishing a surface passivation layer. The organic
substrates PEIE (polyethylenimine ethoxylated) and and PEDOT:PSS (poly[3,4-
ethylenedioxythiophene]:poly[styrene sulfonate]) actually enabled an improved
condensation rate for MAI dissociates and allowed for perovskite growth right
away. A stable stoichiometric perovskite deposition was reached immediately
(PEIE, PEDOT:PSS), after the deposition of 10 nm (ITO) and 30 nm (MoO3).
Thus, the individual substrates require different thicknesses of surface passivation
layers to enable stoichiometric growth.

The phenomenon of surface passivation may not only determine the compo-
sition, but also the orientation of the MAPbI3 layer. Zhang et al. spin-coated
MAPbI3 layers using a sandwich approach by depositing MAI-PbI2-MAI precur-
sor layers in three deposition steps on a TiO2 substrate [300]. They varied only
the concentration of the solution for the first MAI layer and found a strong in-
crease in preferential orientation in the final MAPbI3 layer with an increasing
MAI concentration. In parallel, the PbI2 peak intensity decreased and the PbI2
peak even disappeared for the highest MAI concentrations. Thus, the observed
dependency of their spin-coated layer on the MAI precursor concentration was
similar to the GIWAXS results in [H1] where different thicknesses of PbI2 pre-
cursors heavily influenced the perovskite orientation. The perovskite component
CsBr has also been successfully employed as a precursor and buffer layer on a NiO
HTL [301]. The CsBr was suggested to relieve the lattice mismatch between NiO
and MA1–xFAxPbI3 and induce a higher order of crystal growth in the perovskite.

Hence, the influence of substrate and nucleation conditions on the bulk per-
ovskite growth [(Q3)] as observed in our work and the literature may be under-
stood as follows. In [H1] and [H2] both MAI and PbI2 precursor layers induce a
stronger preferential orientation in the perovskite bulk than the perovskite that is
grown directly on the respectively investigated substrates. This may be due to the
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passivating functionality of MAI and PbI2, preventing lattice stress and suppress-
ing a high defect concentration in the perovskite lattice which would otherwise
have been induced by the substrate which exhibits different lattice constants than
the perovskite [302]. Both MAI and PbI2 precursor layers may provide lattice-
stress-free perovskite growth conditions due to their reaction towards perovskite
formation with the incoming species.

To explain the optoelectronic behavior induced by the interfacial composition
and aiming to shed light on (Q4), two thought models are proposed in [H2] on
the basis of j-V curves and TRPL (see section 3.4). The first thought model
proposes that a residual interface layer like PbI2 could lead to hole blocking. The
second thought model suggests that the self-doping mechanism of MAPbI3 leads
to advantageous band bending.

Li et al. performed first-principles calculations to find the best NiO/MAPbI3
interface bonds for charge transport [302]. They compared MAI- and PbI2-
terminations of MAPbI3 at the NiO interface and found the PbI2-terminated
interface in MAPbI3-(001) direction to yield the best performing solar cell device.
They assigned this to low valence band offset (high conduction band offset) which
is beneficial for effective hole transport (electron blocking). However, the calcu-
lated current density of their final theoretical device was 3 orders of magnitude
below the current density measured in actual devices. A recent DFT study by
Zhang et al. also observed a strong beneficial effect on charge extraction of the
NiO-PbI2 interaction compared to the NiO-MAI interaction at the NiO/MAPbI3
interface [303]. According to their calculations, the PbI-O interactions yield the
lowest Pb-I bond length distortion at the interface compared to the bulk (this
reduces the likelihood of deep trap states at the interface), the lowest valence
band offset and consequently best charge transport. Considering these theo-
retical studies, an MAI rich interface as in [H2] statistically favoring MAI-NiO
interactions at the interface is expected to downgrade the device performance in
general. However, Zhang et al. also note that the formation of PbI2-NiO bonds
is energetically more favorable compared to MAI-NiO bonds [303], which could
lead to PbI2-NiO bonds at the interface even under MAI rich conditions.

Other works have studied not the interfacial behavior via the individual in-
terface bonds, but the effect of stoichiometric ratios and self-doping on the band
alignment between MAPbI3 and transport layers. Cui et al. [292] and Wang et
al. [115] measured different shifts of Ef relative to the MAPbI3 band edges (con-
duction band minimum, CBM and valence band maximum, VBM) depending on
the MAI/PbI2 ratios in the perovskite bulk. Cui et al. determined a distance of
Ef from the CBM of 1.05 eV, 0.48 eV and 0.32 eV for MAI/PbI2 ratios in the
final layer of ∼1.1, ∼0.95 and ∼0.91, respectively, at a constant band gap of
1.55 eV [292]. Wang et al. also observed a relative rise in Ef with an increas-
ing share of PbI2 [115] and both works observed n-doping in this situation and
p-doping for the case of MAI excess. Cui et al. used this effect to replace the
absorber (i) in an n-i-p structure by an n/p perovskite homojunction to create
an internal electric field in the perovskite to aid the charge transport [292]. They
verified the internal electric field by Kelvin probe force microscopy. Accordingly,
MAI rich nucleation at the HTL interface and PbI2 rich final deposition at the
ETL interface in [H2] are likely to induce the same phenonemon, yielding a shift
in Ef relative to the band edges in the perovskite bulk and inducing an internal
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electric field across the perovskite layer.
Li et al. prepared co-evaporated MAPbI3 layers with a continuous grading

of the MAI/PbI2 ratio by ramping the deposition rates of MAI and PbI2, re-
spectively [40]. They asserted the CBM and VBM as well as the Ef at different
positions in the layer and observed a gradient of Ef with respect to the band edges
within the MAPbI3 absorber, as postulated by Cui and Wang [115, 292]. They
used this approach to prepare n-i-p and p-i-n PSCs and found MAI rich initial
growth and PbI2 rich final growth to be detrimental in the n-i-p structure, but
highly effective in terms of PSC efficiency in the p-i-n structure. Accordingly, the
inverse dynamic growth employing PbI2 rich initial growth was successful in the
n-i-p structure, yielding maximum efficiencies above 20 % in both device struc-
tures. Compared to Li et al. who deposited a stoichiometric gradient throughout
the whole absorber layer [40], the work in [H2] shows that short dynamic evapo-
ration steps at the beginning/end of the absorber deposition may be sufficient to
optimize the perovskite properties.

In conclusion, for the first thought model to be sensible, a segregated PbI2
layer covering the complete interfacial area would need to exist in order to force
the carriers through a PbI2 layer and thereby enable hole blocking. However, the
existence of a residual PbI2 layer at the interface was not conclusively shown for
the best devices in our works [H1, H2], by Li et al. [40] or by Xu et al. [286].
Therefore, at the time being, our second proposed thought model seems to be
more likely compared to the first, since band bending induced by stoichiometric
variations has been postulated and verified by several groups. Therefore, the
influence of interfacial precursors and consequently local perovskite stoichiometry
on the optoelectronic properties [(Q4)] may be determined by the reduction of
perovskite lattice stress as well as bulk defects and the induced band bending by
the self-doping mechanism in metal halide perovskites.
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4.4 Stoichiometry Variations of Co-Evaporated APbX3

Opening Remarks

We have shown that the local composition in MAPbI3 can be optimized in terms
of MAI/PbI2 ratio to improve the growth and optoelectronic properties. The
question remains if the conclusions drawn in [H1] and [H2] can be generalized
and extrapolated to other perovskite compositions. The main interest in per-
ovskite absorbers has shifted from MAPbI3 to FAPbI3 as explained in section 2.2.
Therefore, the follow-up investigations [H3,H4] aim to provide a basis for the ap-
plication of the principles determined for MAPbI3 in [H1] and [H2] to perovskite
absorbers based on FAPbI3.

By (Q1) the stoichiometric range for bulk single-phase growth and/or seg-
regation is ascertained. In MAPbI3, the bulk stoichiometry can influence the
intrinsic stability and segregation of PbI2 can be observed at low excess [215]
while high MAI excess is needed for secondary phases to form [283]. Nonethless,
the tetragonal room-temperature MAPbI3 phase can be grown under a broad
range of stoichiometric conditions and its stability is mainly a long-term issue
due to the volatile MAI.

On the other hand, FAPbI3 suffers from polymorphism at room temperature,
i.e. competing cubic α and hexagonal δ crystal phases between 151 K and 420 K
and preferred growth of/transition to the δ phase [71, 78] (see section 2.2). For
PSCs, the growth process needs to be conducted so that the cubic α phase becomes
favored during growth and the δ phase is suppressed. During co-evaporation of
FAPbI3, the δ phase is energetically favored and Borchert et al. found that an
annealing step is normally necessary to convert the film to the α phase [72].

However, some studies have shown there can be a shift in preferential phase
growth to the α phase at lower temperatures depending on the stoichiometry.
Solution-based approaches have been conducted previous to [H3], which investi-
gated the influence of AX/PbX2 ratios on the growth of (Cs,FA)PbI3 [304] and
FAPbI3 [84], unveiling a significant influence of stoichiometric excess/deficiency
on the grown phases and their performance as active materials in diodes. Only
one study published during our work on [H3] by Roß et al. investigated FAPbI3
PSCs prepared via co-evaporation with low FAI excess and found this to be ben-
eficial for stabilization of the α phase at room temperature [80]. For CsPbI3,
Becker et al. showed that the 3D perovskite γ phase can be fabricated at only
50◦C (compared to the commonly necessary post-annealing at 300◦C [305, 306])
via PVD by evaporating an excess of CsI [23]. Ma et al. showed that an excess
of CsBr stabilized CsPbI2Br against air exposure [307]. Cho et al. obtained the
highest efficiency and stability for (Cs,FA,MA)Pb(I,Br)3 PSCs by preparing a
PbI2 deficient absorber [291].

Clearly, evidence towards the beneficial influence of bulk stoichiometric vari-
ations on the absorber growth of several perovskite compounds based on FAPbI3
exists for several preparation methods. Nonetheless, a systematic variation via
PVD that shows the stoichiometric range for the different perovskite compounds
based on FAPbI3 is missing. Accordingly, the stoichiometric range for single-
phase and/or segregated growth addressed by (Q1) has not been exhausted for
evaporated absorbers based on FAPbI3. Therefore, in [H3] the AX/PbX2 ratio
is varied for A-cations A and halides X in mixed absorbers FAPbI3, (Cs,FA)PbI3
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and (Cs,FA)Pb(I,Br)3 during co-evaporation of FAI, CsI, PbI2 and PbBr2. The
preferential phase formation, segregation and crystallinity are investigated and
the stoichiometrical and compositional phase space of APbX3 is quantified.
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Due to its scalability, thermal evaporation is an important processing route for perovskites in order to

ensure the transition from research to commercialization. In this study, we focus on vacuum co-

deposition of (i) FAPbI3, (ii) (Cs,FA)PbI3 and (iii) (Cs,FA)Pb(I,Br)3 at room temperature and investigate the

influence of stoichiometrical variations on the development of a and d phases. Considering the standard

perovskite term APbX3, where A = FA and/or Cs and X = I and/or Br, we use EDX to determine the

specific ratios of A/Pb, Cs/FA as well as X/Pb, respectively. We find, that at room temperature, the FAPbI3
d phase is not easily suppressed. But, in both, FAPbI3 and (Cs,FA)PbI3, more AX leads to a strong increase

in a phase growth while more PbI2 leads to an increase in d phase. Incorporation of Cs slightly reduces

the observed AX/PbX2 threshold, at which the d phase is suppressed. Finally, when Br is introduced to

the layer, this threshold is reduced far below 3.

1 Introduction

The popularity of organic–inorganic perovskite materials in
research has skyrocketed since their discovery as solar cell
absorbers in 2009.1 Since then, maximum solar cell efficiencies
have surpassed 25% for single-junction solar cells and above
29% for monolithic perovskite/silicon tandems during 2021.2

Modern lead halide perovskite materials are versatile semi-
conductors, with diode efficiencies also climbing to above 23%.3

The unstable and hygroscopic initial absorber material MAPbI3

(MA: methylammonium)4–6 has nowadays been widely replaced
by thermally more stable FAPbI3 (FA: formamidinium) or multi-
cationic mixtures.7–9 Optoelectronically favorable, photoactive
cubic ‘‘a’’ phase FAPbI3 suffers from a self-driven phase transition
to its hexagonal ‘‘d’’ phase counterpart under ambient conditions,
resulting in an unstable device operation.10–12 Several experi-
mental series have been conducted in the past trying to mitigate
this problem and to stabilize FAPbI3-based perovskites for
efficient optoelectronic devices. These relied mainly on shifting
the Goldschmidt-Tolerance factor of FAPbI3 to a value below 1 by
incorporating the smaller cations MA+,13–15 Cs+ 16–18 and even Rb+.19

Another approach has been ventured by grain surface passivia-
tion with the large organic molecule SF-PEA (sulfonyl fluoride-
functionalized phenethylammonium salt) for FAPbI3

20 and by
PEAI (Phenetylammonium iodide) for CsPbI3.21 Optimizing the
stoichiometry in view of the AX (FAX, MAX, CsX) to BX2 (PbX2)
ratio has been shown to improve phase stability and photo-
voltaic performance for CsPbIBr2 absorbers.22,23 Stoichiometry
also strongly influences grain size, crystal properties and
photovoltaic performance at room temperature for the com-
pounds (Cs,FA)PbI3

24 and (Cs,FA)Pb(I,Br)3.8 Building on these
previous findings, our current investigation is aligned towards
finding optimal stoichiometry parameters for the phase stabili-
zation of co-evaporated FAPbI3 thin films.

A critical concern in perovskite layer preparation can be the
temperature. Standard recipes for metal–halide perovskite layers
for optoelectronic devices often rely on a post-annealing step
after preparation, leading to a defect reduction and often to a
transition to the preferred photoactive phase. Reported annealing
temperatures are between 100 1C and 180 1C for wet-chemical25–27

as well as preparation via evaporation.8,28,29 However, submitting
layers to these temperatures for longer periods of time to stabilize
their crystal structure can also lead to thermal decomposition and
outgassing of organic components.30,31 Additionally, the above-
mentioned annealing temperatures lie far above the operating
temperatures of standard diodes (41 1C)32 and solar cells
(50 1C),33,34 which could mean a reversion of the previous crystal
structure transition is to be expected at operating temperatures
due to a resulting stress by reduction of lattice parameters.35,36
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A more sustainable stabilization could be achieved by preparing
the respective photoactive layers solely at temperatures closer to
the operating regime and out of reach of thermally activated
phase transitions. Therefore, in our current work we focus on the
stoichiometry dependent phase evolution of the photoactive a
phase at room temperature.

In the past, slight variations concerning the absorber stoi-
chiometry have been investigated, with contradictory results.
Some groups found a PbI2 excess to be advantageous for the
absorber stability and device performance,37–39 while others
found a slight PbI2 deficiency to improve the long-term stability
of MAPbI3 as well as mixed-cation perovskites.40,41 The impact
of a more pronounced variation of the AX/PbX2 ratio has been
studied for MAPbI3,42,43 but only few approaches have been
made for FAPbI3

44 and (Cs,FA)PbI3.24 To the best of our knowl-
edge, the only studies performed on stoichiometry control via
co-evaporation were on FAPbI3

45 and (Cs,FA)Pb(I,Br)3.8

Even though it is clear that stoichiometry variations of lead
halide perovskites based on formamidinium play an important
role in determining the crystalline phase distribution and
potentially the final optoelectronic properties of these layers,
this property is ignored to a great extent. In fact, it seems that
systematic investigations of the phases present in the FAX/PbX2

system that could lead to the presentation of a pseudobinary
phase diagram are still missing up to now. Importantly, only
few of the above-mentioned works determine the elemental
composition of their layers after preparation. Especially for
thermally evaporated, post-annealed samples, the impinge-
ment rate onto the sample and incorporation into the layer
will not be the same.45,46 There has been clear evidence for the
influence of substrate type and temperature on the crystal-
lisation properties45,47,48 raising the question if the substrate
choice influences growth by stoichiometry control.

The goal of this study is to systematically investigate the phase
evolution of formamidinium-based perovskite compounds with
various stoichiometries synthesized by co-evaporation at room
temperature in order to achieve a clear understanding of the
preferential phase growth for the different material fluxes and to
set a framework for further investigation. To achieve this, we have
conducted three series of experiments, in which we (i) varied first
the FAI/PbI2 ratio in ternary FAPbI3 perovskites (ii) then studied
variations of these absorbers with added amounts of CsI and
(iii) finally added also Br and studied absorbers with different
compositions with general compositions around (Cs,FA)Pb(I,Br)3.

Similar studies on the influence of stoichiometry of wet-
chemically prepared ternary FAPbI3

44 and quartenary (Cs,FA)PbI3
24

have been performed for perovskite diodes via spin-coating and low
temperature annealing, but did not analyze the phase growth
behaviour in detail. We build on these studies with the intent to
transfer them to vacuum-based processing. The work aims at the
identification of crucial compositions in the respective phase
diagrams and an improved understanding of compositionally
driven preferential growth of the cubic FAPbI3 perovskite. For our
experiments, we perform co-evaporation, which is advantageous
due to its scalability and can provide the stepping stone to
industrializiation for perovskite thin films, since it generally offers

good control on film growth, stoichiometry and thickness. Our
in situ X-ray diffraction setup enables us to monitor the crystal
growth in real-time under vacuum conditions, as we have shown in
previous studies.49,50,51 However, the basis for this study are the
y–y scans performed under vacuum just after deposition. We co-
evaporated FAI, PbI2, PbBr2 and CsI in order to synthesize FAPbI3

and (Cs,FA)PbI3 as well as (Cs,FA)Pb(I,Br)3 thin films in high
vacuum and at room temperature. Their crystallinity and phase
evolution are then analyzed with an X-ray diffraction system directly
attached to the evaporation chamber. This way, we were able
to conduct the synthesis and phase characterization in the same
vacuum chamber without exposing the films to ambient condi-
tions/humidity, which is important considering the phase instabil-
ity of these perovskites. The principal set of parameter variations
was conducted through changes of the relative evaporation fluxes,
therefore varying perovskite composition along the Cs/FA, AX/PbX2

and I/Br axes. We determined the elemental composition via EDX
spectroscopy.

2 Experimental details
Substrates

For all processes we used glass substrates provided by Berliner
Glas. The substrates were cleaned in an ultrasonic bath, sub-
sequently in water – using 1% EMAG EM-080 cleaning soap –
and isopropanol for 15 min. each. Then, a 130 nm thick ITO
layer was sputtered on the glass, before 25 nm of NiO was
deposited via e-beam evaporation inside the same vacuum
chamber. The samples were then transferred to a glovebox.
This glovebox is attached to a second evaporation chamber, in
which the perovskite layers were deposited.

Perovskite deposition

CsI, PbI2 (both 99.999%, Thermo Scientific), FAI (499.5%,
Ossila) and PbBr2 (99.999%, Sigma) were handled in a glovebox
attached to the vacuum chamber and used as received. The
perovskite layers were deposited by physical vapor deposition in
a co-evaporation process. CsI, PbI2, FAI and PbBr2 were nomin-
ally deposited at 0.6–0.8 Å s�1, 0.5–1 Å s�1, 0.1–0.85 Å s�1 and
0.08–0.12 Å s�1 respectively. The total film thickness was mon-
itored using a quartz crystal microbalance. The base pressure of
the system is 1.5–2 � 10�5 mbar due to the Kaptons windows
that allow a transmission of X-rays for the in situ X-ray diffraction
measurement. The chamber pressure was monitored with an
Edwards WRGS-NW35 wide range gauge. A sketch of the eva-
poration system with the in situ X-ray diffraction (XRD) setup is
depicted in Fig. S1 in the ESI.†

X-Ray diffraction (XRD) measurement

XRD was measured in situ through exchangeable Kaptons

windows in the evaporation chamber by diffraction of Cu-Ka

radiation with a wavelength of 1.54 Å generated at 1.4 kW
(35 kV, 40 mA). Three Dectris Mythen 1 K detector modules are
assembled in a row enabling the measurement of 2y angles
covering a range of 281. The Kb radiation is attenuated through
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a Ni filter to 5% of the Ka intensity. For y–y scans from 10 to 501,
41 single scans with a 281 range were recorded. For every scan,
source and detector are rearranged, so that the detector center
corresponds to the 2y angle. A y–y scan consists of the respective
central 11 from the 41 single scans. Fitting of the XRD peaks was
performed with PDXL version 2.8.1.1 by Rigaku inc. employing a
split pseudo-Voigt peak fit. The calculated errors were used for
the error bars in the graphs in this publication.

Film characterization

SEM was performed with a Zeiss Supra 40 VP. Grain size areas
were calculated from the SEM images shown in this manuscript
using ImageJ by tracing the apparent grain boundaries. The grain
area was approximated to be circular (A = p�(d/2)2), so the averaged
pseudo-diameter d could be used as reference for comparison. For
the EDX measurements, a Bruker detector employing the ESPRIT
Compact Software was used. The EDX measurements were con-
ducted with an accelerating voltage of 10 kV, a working distance of
8 mm, and a magnification of 500. For quantification, Pb M-lines
and I, Br and Cs L-lines were used. Background correction was
done by a standardless peak to background (P/B) ZAF fitting.
The errors calculated by Bruker’s Compact program were used
for Gaussian error propagation to calculate atomic ratio errors. PL
measurements were conducted on a LabRAM HR Evolution using
a wavelength of 532 nm, an objective with 50-fold magnification at
0.01% intensity.

3 Results

The composition of our films was determined from measuring
solely the I/Pb/Cs/Br signals, because of the difficulties to
quantitatively evaluate lighter elements such as H,C,N in standard
EDX detectors. We calculate the A/B cation ratio indirectly from
the I/Pb ratio, assuming that each A cation (FA,Cs) brings along
one halide X anion (Br, I or Cl), and each Pb cation is associated
with two X anions. Following the standard perovskite formula
ABX3, an I/Pb ratio of 3 is therefore characteristic for a stoichio-
metric layer with an AI/BI2 ratio of 1. An I/Pb below 3 indicates
an excess of PbI2 and a deficiency of AI in comparison to the
stoichiometric perovskite. I/Pb above 3 corresponds to an AI
excess and a deficiency of PbI2. The common term for this is
shown in (1), where n represents the AI content relative to PbI2.

FAnPbI2+n and (Cs,FA)nPbI2+n (1)

As mentioned above, the FA content cannot be determined
directly via EDX. Consequently, we use the I/Pb ratio to indir-
ectly determine n. I/Pb = 2.5 corresponds to a PbI2 excess of
100%, which would give n = 0.5. An I/Pb = 4 represents an
AI excess of 100% and n = 2. Using the Pb content as reference
and normalizing it to 1, the AI/PbI2 ratios can be calculated
via (2).

I� 2 � Pb� Cs� FA ¼ 0! FAþ Cs

Pb
¼ I� 2

Pb
(2)

The PbI2 excess EPbI2
and AI-cation excess EA values are given by

(3). Note, that EA and EPbI2
each only exist, if their respective

value is greater than 0.

EPbI2 ¼
3 � Pb� I

I� 2 � Pb and EA ¼
I

Pb
� 3 (3)

In the following, we will use the I/Pb ratios measured via EDX
in order to express the AI/BI2 ratio in our evaporated layers.
At first, we will investigate the impact of the AI/BI2 ratio
(the FAI/PbI2 ratio) on the phase evolution in ternary FAPbI3

thin films with different FAI/PbI2 ratios in a set of FAPbI3 thin
films with FAI/PbI2 ratios between 2.4 and 5.4. Later on, we will
study the influence of additionally co-evaporating CsI in a
second set of (Cs,FA)PbI3 thin films with (CsI + FAI)/PbI2 ratios
(A/B ratios) between 2.4 and 4.3 and Cs/FA ratios from 0.03 to
0.57. Finally, we will briefly investigate the influence of Br/I
ratios from 0.14 to 0.24.

Fig. 1 shows a group of FAPbI3 (blue) and a group of
(Cs,FA)PbI3 (purple) y–y diffractograms measured directly after
the thin film synthesis. The respective atomic ratios are given at
the top of each diffractogram, in which the first number repre-
sents I/Pb. The second number, only displayed for (Cs,FA)PbI3,
gives the Cs/FA ratios. Within the FAPbI3 and (Cs,FA)PbI3 groups,
respectively, the I/Pb ratio increases from bottom to top.

In general, three distinct phases with varying contributions
can be identified in these diffractograms: the two phases of the
polymorphic FAPbI3 perovskite (cubic a FAPbI3 and hexagonal
d FAPbI3) and the secondary phase PbI2. Their corresponding
most intense peaks are indexed in the graph. We observe that
for increasing I/Pb ratios, the main peaks associated with the
FAPbI3 a phase grow. These are namely the a-(100) (short: a1),
(200) (short: a2) and (210) peaks. In parallel, the intensity of the
d (001) peak (short: dFA) decreases. The same trend is observed
for the (Cs,FA)PbI3 mixed perovskite. In the following, the peak

Fig. 1 y–y diffractograms of FAPbI3 (bottom three plots in blue) and
(Cs,FA)PbI3 (purple and pink plots) perovskites with different I/Pb and
Cs/FA ratios. FAPbI3 and (Cs,FA)PbI3 a phase peaks are represented by a1
and a2 labels (corresponding to (100) and (200) peaks) as well as a-(210)
label. dFA represents the d (100) peak. PbI2 marks the PbI2 (001) peak.
The PbI2 (001) appears at the same position as the Kb of the a1 peak. The *
marks ITO substrate peaks.
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area proportions of the different phases for both FAPbI3 and
(Cs,FA)PbI3 will be assessed in detail with respect to the I/Pb
ratio. Here, the peak areas extracted from the y–y scans are to a
first approximation assumed to be proportional to the amount
of respective phases present in the investigated layer. Peak area
intensities are normalized with respect to the incident X-ray
intensity in order to reduce the impact of X-ray attenuation.

Fig. 2a shows the change in PbI2 (001) X-ray diffraction
(XRD) peak area over a range of I/Pb ratios for the first set of
FAPbI3 absorbers. The scattered vertical line splits PbI2 rich and
FAI rich domains. The dotted arrows provide a guide to the eye
for a suggested, likely course of y-value development. For the

calculation of error bar values, see the experimental details. We
note that in several experiments we were not able to grow
FAPbI3 layers with a small FAI excess by adjusting the respective
FAI and PbI2 fluxes, as determined via EDX. Whether this was
just a coincidence or is a systematic feature of the FAI/PbI2

phase diagram has to be confirmed. Roß et al. report slight FAI
excess in their grown layers, but do not confirm this via e.g.
EDX or XPS.47

Finally, photoluminescence (PL) of the thin films was mea-
sured in air (Fig. S2 and S3 in the ESI†). Peak positions
determined via Gauss fits are depicted in Fig. S5 in the ESI.†
We observed peaks in the range from 1.55 eV to 1.6 eV,
corresponding to a slightly blue-shifted photoluminescence
with respect to the a phase of FAPbI3. A similar energy shift
is also observed by Ma et al. in FAPbI3 samples with different a/
d phase contributions, and is thoroughly discussed in ref. 44.
We have to note that PL measurements had to be carried out a
posteriori in air, and an effect of the air humidity on the
samples cannot be excluded (e.g. with respect to the a/d phase
transition). However, for a comparative analysis and for com-
pleteness, these results have been added to the ESI.†

As one would expect, PbI2 segregates in PbI2 rich layers (I/Pb
smaller than 3). For stoichiometric and FAI-rich layers, no
significant amounts of PbI2 are observed. It follows, that an
excess of PbI2 during co-evaporation leads to the segregation of
an increasing amount of PbI2 as a secondary phase, which is
intuitive. The absence of crystalline PbI2 in the FAI-rich layers
suggests the complete reaction of the deposited PbI2 with FAI.

Interestingly, the evolution of the dFA peak roughly follows
the peak area development of the PbI2 (Fig. 2b), with increasing
amounts of the d phase for PbI2-rich layers and no d phase for
FAI-rich layers. Ma et al. prepared FAPbI3 via spin coating with
an FAI excess of up to 300% and low annealing temperatures of
only 60 1C. They observed a full suppression of the d phase for
100% FAI excess upwards, similar to our results.44

Inversely to the d phase, in Fig. 2b the a1 peak area initially
increases for an increasing I/Pb ratio reaching a maximum at
3.9. For even higher I/Pb ratios, the a1 peak area decreases
again, possibly because the large excess of FAI hinders the
formation of well-formed FAPbI3 crystal lattices. The a1 FWHM
takes the opposite course, with a minimum at 3.9, supporting
the idea of decreasing crystallinity/crystallite sizes at larger I/Pb
ratios. (Fig. S15 in the ESI†). This trend is confirmed by the
SEM images shown in Fig. 3. Fig. 3a shows a blurry surface and
a morphology with small grain sizes of 49 nm in average for a
sample with I/Pb of 2.5. When the I/Pb ratio is increased to
2.95, the surface remains rough, but an average grain size of
74 nm can be observed. Finally, Fig. 3c depicts 164 nm grain
sizes in average with a smooth surface on a FAPbI3 sample with
I/Pb of 3.9 (Fig. S22, ESI†).

It should be noted, that only for the highest FAI excess did
we detect a distinct crystalline FAI phase in our XRD (see Fig. S6
in the ESI†). For the other cases, we assume that the excess FAI
is incorporated into the perovskite crystal lattice. This in turn
causes a change of the lattice constants, which we observed as a
shift of the a1 peak positions to smaller diffraction angles with

Fig. 2 Changes in y–y scan peak properties for varying I/Pb ratios in
FAPbI3 : PbI2 (001) peak area (a), dFA (b) and a 1 peak areas (c). All peak areas
are normalized to the X-ray intensity through Kaptons windows. Sample
EDX spectra for FAPbI3 are shown in the ESI,† in Fig. S6 and S8.
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greater I/Pb ratios (Fig. S17 in the ESI†). Point or interstitial
defects would lead to a dilation of the lattice, an increase of the
lattice constants and thus a reduction of the respective diffraction
angle. Accordingly, the 2y a1 angle increases for a smaller I/Pb
ratio due to vacancies and a shrinkage of the lattice. Rothmann
et al. observed PbI2 and FAPbI3 grains growing without grain
boundaries, showing that both materials can intergrow and thus
influence each other’s lattice parameters.52

The smaller A cation Cs is expected to stabilize the a
perovskite phase,16,53 and in the second set of experiments
we investigated a range of mixtures of both A-cations with
Cs/FA ratios from 0.03 to 0.57. In line with the results above,
the effect of varying I/Pb ratios will be discussed first. We
observe similar trends for the three investigated phases.
Fig. 4a shows the PbI2 (001) peak for varying I/Pb ratios. Again
and as expected, the PbI2 (001) peak area is large for I/Pb ratios
below 3 (PbI2-rich layers), decreases for a rise in I/Pb ratios and
eventually drops to zero for AI rich layers. The vanishing PbI2

(001) signal indicates the complete conversion of the evapo-
rated PbI2 into the perovskite (Cs,FA)PbI3. Similar to the first
series, no unreacted CsI or FAI could be observed in the XRD.
While the XRD signal of the organic FAI in general is weak and
makes the detection of segregated FAI phases rather difficult,
the absence of a CsI signal suggests that this compound is also
completely incorporated into the perovskite phase (or formed an
amorphous phase undetected by XRD). The dFA peak area
decreases with increasing I/Pb, but was only fully suppressed at
an AI excess of 90% (Fig. 4b). Yuan et al. prepared (Cs0.1FA0.9)1+nP-
bI3+n via spin coating with excesses of (Cs0.1FA0.9).24 They only
observed a full suppression of the dFA phase for 100% FA excess
upwards, in good agreement with our results.24 In a similar
experiment, Becker et al. observed yellow d and dark g
(distorted a) phase CsPbI3 growth via evaporation depending
on the stoichiometry.23 At PbI2 rich conditions they observed
the d phase while at CsI rich conditions g-CsPbI3 was observed.
They also suggested an intercalation mechanism of CsI into the
layer, stabilizing the dark g phase.

Fig. 4c shows the development of the a1 peak area for
(Cs,FA)PbI3. Again, the a1 peak area behaves similar as for FAPbI3,
suggesting similar preferential phase selection mechanisms for
the single and mixed-cation absorber types. This can also by seen
by comparing dFA/a1 relative peak areas for single- and double-
cation perovskite, as shown in Fig. 5. The a1 peak area is lowest
for high PbI2 contents and shows an increase for larger I/Pb ratios.
This trend to an enhanced crystallinity is supported by a drop of
the FWHM for the a1 peak with increasing I/Pb (Fig. S18 in the
ESI†). Interestingly, the maximum a1 peak intensity and the

minimal FWHM lie at an I/Pb ratio of 3.9 to 4, which corresponds
well to the values observed with FAPbI3. The morphology is
validated by SEM images shown in Fig. 6. An average grain size
of 39 nm can be observed in Fig. 6a with I/Pb of 2.61. The average
grain size increases to 105 nm in Fig. 6b when I/Pb reaches 3.03.
Increasing I/Pb to 4.1 yields the largest grain sizes with pseudo
diameters of 204 nm (Fig. S23, ESI†). So far, FAPbI3 and
(Cs,FA)PbI3 investigations showed similar trends of the phase
evolution with respect to the AI/PbI2 ratio. It is worth noticing,
that we always only observe perovskite peaks from a single phase,
indicating a good homogeneous mixing of the two types of A
cations. The insertion of Cs resulted in a small shift to larger

Fig. 3 FAnPbI2+n samples with I/Pb ratios of 2.5 (a), 2.95 (b) and 3.9 (c).
The green scalebar corresponds to 500 nm.

Fig. 4 Changes in y–y peak properties of (Cs,FA)PbI3 in dependence of I/
Pb ratio: PbI2 (001) peak area (a), dFA (b) and a 1 peak areas (c). All peak
areas are normalized to the X-ray intensity through Kaptons windows.
Sample EDX spectra for (Cs,FA)PbI3 are shown in the ESI,† in Fig. S9–S11.

Materials Advances Paper

O
pe

n 
A

cc
es

s 
A

rt
ic

le
. P

ub
lis

he
d 

on
 1

2 
O

ct
ob

er
 2

02
2.

 D
ow

nl
oa

de
d 

on
 5

/1
0/

20
23

 2
:0

8:
19

 P
M

. 
 T

hi
s 

ar
tic

le
 is

 li
ce

ns
ed

 u
nd

er
 a

 C
re

at
iv

e 
C

om
m

on
s 

A
ttr

ib
ut

io
n 

3.
0 

U
np

or
te

d 
L

ic
en

ce
.

View Article Online



8700 |  Mater. Adv., 2022, 3, 8695–8704 © 2022 The Author(s). Published by the Royal Society of Chemistry

diffraction angles, e.g. a1 which was detected at 14.2 in compar-
ison to 14.1 for the a1 peak of FAPbI3 (Fig. S19 in the ESI†), as
would be expected from the smaller lattice constant resulting
from alloying with Cs.54 We also observed a small a1 peak shift for
an increasing I/Pb ratio for FAPbI3 (Fig. S17 in the ESI†), but did
not see the same for the a1 peak in (Cs,FA)PbI3 (Fig. S19 in the
ESI†).

Furthermore, we observed an increase of the a1/a2 peak
ratio in (Cs,FA)PbI3 with increasing I/Pb ratios (Fig. S20 in
the ESI†), for which we do not yet have a clear explanation.
For different Cs/FA ratios, the atomic form factor in the
perovskite lattice changes, leading to different theoretical
predictions for the different peak intensities and the a1/a2
peak ratio. For example, the peak ratio of the a-(100)/a-(200)
peaks for the pure ternary CsPbI3 and FAPbI3 perovskite phases
are 0.454 and 1.21,55 respectively. However, the a1/a2 peak ratio
does not seem to be directly and solely linked to the Cs/FA ratio.
An increasing a1/a2 peak ratio could therefore possibly indicate
that FA-cations are better incorporated at higher I/Pb ratios,
and segregate preferentially in the d phase of FAPbI3 for lower
I/Pb ratios.

In the third series of experiments, we introduced Br to the
perovskite structure by additionally co-evaporating PbBr2. This
opens another path in the multi-dimensional phase space, with
a multitude of variable parameters, of which this work can and
will only scratch the surface. We will focus on showing, that
co-mixing of Br leads to a significant stabilization of the growth

of the perovskite a phase. In the following, the X/Pb ratio, in
which X = I + Br, will replace the I/Pb ratio. In this series, we
prepared samples with slightly varying Br/I ratios between 0.13
and 0.24. Fig. 7 shows selected y–y diffractograms of (Cs,FA)P-
b(I,Br)3 samples with different X/Pb ratios of 2.64 (low), 3.09
(medium) and 3.89 (high). The original data along with Cs/FA
and Br/I ratios are presented in Table S1 in the ESI,† the
respective EDX spectra are shown in Fig. S12–S14 in the ESI.†
Afterwards, PL measurements of all three samples were con-
ducted in air (Fig. S4 in the ESI†). Positions of the PL peaks are
compared with FAPbI3 and (Cs,FA)PbI3 samples in Fig. S5 in the
ESI.†

Again, a1 and a2 peaks represent the (100) and (200) peaks
of the perovskite a phase, respectively. a-(210) also correspond
to the a phase, while PbI2 indicates the phase’s (001) peak.
At medium and high X/Pb no PbI2 or PbBr2 residues are visible.
With increasing X/Pb, the a1, a2, and (210) peak areas increase,
indicating an increase of the share of perovskite in the layer. The
a1 peak area is highest for the sample with highest X/Pb. The peak
at 12.7 corresponds to the a1 Kb peak. While there is a large PbI2

peak visible in the sample with low X/Pb, no dFA peak can be
observed, indicating a full suppression of the d phase even for low
X/Pb ratios. No PbBr2 peak was observed, suggesting preferential
incorporation of Br for perovskite growth.

At even smaller X/Pb ratios, small peaks corresponding to
the d phase could be observed. An example for a layer with X/Pb
of 2.54 can be found in Fig. S21 in the ESI.† This means that
inclusion of Br does not generally lead to a complete d suppression,
but substantially lowers the AX content limit, at which the d phase
can be suppressed. This is a clear difference in comparison to the
samples without Br, where the dFA peak was observed at I/Pb ratios
of up to 3.6 (Fig. 4b). The SEM images of samples with Br are
conclusive. At low X/Pb, supposedly PbI2 platelets surrounded by
the smallest perovskite crytallites with slim, long shapes are grown.
Although lighter spots, that can indicate PbX2 rich domains in the

Fig. 5 dFA/a1 peak ratio for FAPbI3 as well as dFA/a1 peak ratio for
(Cs,FA)PbI3 – each with respect to I/Pb ratios.

Fig. 6 (Cs,FA)nPbI2+n samples with Cs/FA ratios of 0.05, 0.05 and 0.08
and I/Pb ratios of 2.61 (a), 3.03 (b) and 4.07 (c). The scalebar represents
500 nm.

Fig. 7 y–y scans of (Cs,FA)Pb(I,Br)3 layers with different X/Pb ratios (X =
I + Br). I/Br ratios vary between 0.13 and 0.24, as listed in Table S1 in the
ESI.† EDX spectra for each sample are shown in Fig. S12 and Fig. 8c in the
ESI.† The * marks ITO peaks.
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previously discussed SEM images in Fig. 3a and 6a, were visible,
no such dominant segregation between PbX2 rich and perovs-
kite phases was seen without Br. This could hint to a stronger
tendency towards perovskite growth, when Br is included, thus
modifying the lattice parameters and making intergrowth of
perovskite and PbX2 rich phases less likely. At medium X/Pb in
Fig. 8b, the average crystallite sizes increase considerably as
they take round, pillar-like shapes. At highest X/Pb, the surface
consists only of large grains and appears to be smoothed by the
coverage of organic excess (Fig. S24 in the ESI†). The organic
excess becomes apparent when considering the dark pinholes
in Fig. 8c, that appear after several seconds of irradiation by the
electron beam in organic rich layers.52,56

4 Discussion

We have observed stoichiometry-dependent trends in the pre-
ferential phase distribution during the growth of formamidinium-
based perovskites and evaluated these trends along the X/Pb, Cs/
FA and Br/I axes. In the following discussion, for simplicity, we
will not discuss FAPbI3 and (Cs,FA)PbI3 separately.

In our experiments a clear correlation between the perovskite
growth and the AX/PbX2 ratio was found, with increasing crystallite
sizes and an increasing relative content of the a perovskite phase
share for an excess of AX. This phenomenon has been observed
for wet-chemical24,44 as well as evaporated FAPbI3

45 and (Cs,FA)P-
b(I,Br)3

8 layers, but up to now, only superficial explanations have
been proposed for this mechanism including the creation of
interstitial defects23 or defect and surface passivation44 similar to
the effect that large organic cations have.21 Even though degrada-
tion mechanisms10,11,57–59 of FAPbI3 a to d phase are well explored,
to the best of our knowledge, no calculations or theories explaining
the simultaneous growth of a and d phases of FAPbI3 exist.

In a stoichiometric absorber, the FAPbI3 d phase is favored
at room temperature due to the oversized FA+ cation, as has
been shown by many groups.47,60–63 Yet, freshly grown layers
often contain large shares of the a phase and this share is
increased by including a larger amount of A-cations.

A possible explanation for the observed co-existence could
be local compositional deviations, as has been shown to occur
for mixed-halide-64 and mixed-cation-perovskites.65 During
co-evaporation, local compositional deviations could result from
island-like growth-behaviour due to an increased adsorption
coefficient at certain surfaces,66,67 e.g. favoring FAI rich growth
where FAI is already present at the surface. This would lead to

crystallites with different AX/PbX2 ratios and thus potentially to
different preferential crystal phases.

The question remains how the composition impacts the
tendency of the material to grow in one phase or the other.
Oner et al. investigated surface energy and defect formation
energy caused by different types of surface-terminations in a
FAPbI3 and found FAI-terminated surfaces to be the most
energetically favorable and resilient to defect formation, more
so than PbI2-terminated ones.68 An excess of FAI could therefore
inhibit the formation of unfavorable defects and decrease the
formation energy for a FAPbI3. A similar effect has been calculated
to occur for iPAmH+

2/15FAI14/15PbI46/15,60 where the formation
energy for the a phase was decreased below the value for the d
phase by overstoichiometric addition of the large cation. We
speculate, that surface passivation and defect formation resulting
from FAI excess and consequently including the FA+ and I� ions
could be less favorable in the d phase than in the a phase.
These defects could include theoretically predicted I3

� trimers,61

interstitials FAi and Ii or the antisite defect FAPb, resulting
in a stretched scaffold, large enough to hold FA+ cations due to
reduced surface stress. The decrease in lattice constant in Fig. S17
and S19 in the ESI† likely also points in this direction.

The incorporation of Br in combination with Cs significantly
stabilized the growth of the (Cs,FA)PbI3 a phase even for low Br/
I in our experiments. This can be ascribed to a strong reduction
of lattice strain in the (111) direction in FAPbI3 by the addi-
tional components.69 Amongst others, Zheng et al. observed a
similar structural stabilization of FAPbI3 with MABr and
assigned the beneficial effects to a more compact lattice by
the smaller A cation and halide.15

In general terms, we investigated the phase relations of
polymorphic FA-based perovskite thin films and their preference
to grow in the desired, photo-active a perovskite phase along
three parameter axes: the X/Pb ratio, the Cs/FA ratio and the I/Br
ratio. While the incorporation of Br successfully suppressed the
growth of the photo-inactive d phase, the incorporation of Br will
also significantly impact the bandgap, and might not be desired
in all applications. Contrary to our expectations, the Cs/FA
variation did not significantly impact the segregation of d
domains in the film. However, a strong impact of the X/Pb ratio
on the a/d relation was observed. As a consequence, special
attention has to be paid to the X/Pb ratio in vacuum-based
deposition of FA-based perovskites (and perovskites in general).

Nevertheless, in our contribution, we solely investigated the
impact on the crystal lattice and phase relations. Obviously, the
X/Pb ratio also strongly affects the opto-electronic properties,47,70

charge carrier densities71 and stability of the films, which also
has to be taken into account for a complete solar cell device
optimization. This has proven to be a complex task and seems to
depend on several yet unknown factors. E.g., Chiang et al. found
an optimized efficiency for evaporated (Cs,FA)Pb(I,Br)3 solar cells
at an X/Pb ratio of 2.95, reducing crystallinity, but improving
long-term structural stability by the excess of PbI2 in the layer.29

Ma et al. concluded excess PbI2 to be beneficial, but also observed
increasing efficiency over time via degradation to PbI2 and resulting
passivation.72 Cho et al. investigated (Cs,FA,MA)Pb(I,Br)3 solar cells

Fig. 8 (Cs,FAnPb(I,Br)2+n) samples with X/Pb ratios of 2.64 (a), 3.09 (b) and
3.89 (c) and Br/I ratios of 0.2, 0.24 and 0.13, respectively. Detailed EDX data
are presented in Table S1 in the ESI.† The scalebar represents 500 nm.
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and found the optimum X/Pb ratio to be at about 3.4, noticing
an enhanced optical and cell stability for overstoichiometric
samples,71 while Roß et al. produce FAPbI3 solar cells with
PbI2 and FAI excess, respectively, showing similar efficiencies.
In a more general approach it was shown, that unreacted PbI2

is detrimental for (Cs,FA,MA)Pb(I,Br)3 solar cells,40 hinting
towards a natural benign effect of A-cation excess in perovskite
absorbers. According to several groups, the effect of X/Pb
at specific interfaces has to be considered, where PbI2 is
beneficial at the ETL interface51,73,74 and A-cations at the HTL
interface.73,75

5 Conclusions

In summary, we investigated the influence of compositional
variations on the growth of FAnPbI2+n and double-cations
(Cs,FA)nPbI2+n as well as (Cs,FA)nPb(I,Br)2+n perovskites and
the occurence of possible secondary phases at room tempera-
ture. The results from our systematic study show consistently,
that it is possible to preferentially grow the a phase and
suppress the d phase for all absorber types when the AX/PbX2

cation ratio is high enough. Without Cs, the threshold for
suppression was found to be between I/Pb ratios of 3 to 3.9
The incorporation of Cs reduced the threshold to 3.6. However,
solely through the introduction of Cs, the d phase could not be
completely suppressed for stoichiometric absorbers.

Apart from the preferential a phase growth at higher I/Pb
ratios, the respective peak intensities increased while the
FWHM decreased and the observed crystallite sizes increased.
The introduction of Br strongly enhanced the suppression of
the d phase even for smaller AX/PbX2 ratios. The threshold for d
phase suppression was then substantially reduced to a AX/PbX2

ratio of 2.6, showing the potential of a phase stabilization by
mixing halides. These results lead to three generalized design
rules for the preferential growth of the a phase in
formamidinium-based lead halide perovskites: (i) FAI-rich
synthesis; (ii) small beneficial effect due to the incorporation
of CsI (iii) strong impact upon the addition of the smaller
halide anion Br.
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47 M. RoÃŸ, S. Severin, M. B. Stutz, P. Wagner, H. Köbler,
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Concluding Discussion

[H3] extensively addresses (Q1) by providing a firm grasp on the stoichiometrical
and compositional phase space of FAPbI3. The results in [H3] show clearly that
the FAPbI3((Cs,FA)PbI3 α phase can be promoted instead of the δ phase at room
temperature if a sufficient excess of A-cations is incorporated or I is partially
substituted with Br. This was determined via the X/Pb ratio.

Therefore, the works by Roß et al. on co-evaporation [80] and Ma et al. [84] and
Yuan et al. [304] on spin-coated preparation, exhibiting the partial suppression
of δ phase growth in FAPbI3 by FAI excess are confirmed by [H3]. In addition,
in [H3] the bulk growth in FAPbI3 is investigated within a broader stoichiometrical
range and it is shown via XRD that a further increase of the A-cation excess leads
to a stronger suppression of the δ phase and finally, at high excess, to an exclusive
α phase growth. Stoichiometric ranges for exclusive α phase growth are given. For
FAPbI3, exclusive α phase growth is observed for I/Pb ratios from 3 to 3.9 and
above. At an I/Pb ratio of 5.4 the segregation of FAI is visible. Ma et al. observed
the step-wise shift in preferential growth of the δ phase towards the α phase with
increasing FAI/PbI2 ratio from 0.9 to 2 (I/Pb ratio of 2.9 to 4) and identified the
segregation of FA3PbI5 at an FAI/PbI2 ratio of 3 (I/Pb ratio of 5) [84]. They
related the increase in α phase share in the film to a reduction in colloidal size in
the solution and therefore a reduction in grain size, which may lead to a relative
increase of the total free energy (surface and bulk) of the δ phase [84]. This is
the opposite of the observation in [H3], where the grain size is shown to increase
for a higher FAI content. This clearly demonstrates the impact of different film
formation phenomena on perovskites deposited by solution-based and vapor phase
techniques. However, the similarity remains - as for MAPbI3 - that excess PbI2
segregates and excess FAI does not, but rather seems to be integrated into the
perovskite. On a side note, excess FAX (X=I, Br) has been shown to lead to
the formation of 2D Ruddlesden-Popper FAn+1PbnX3n+1 phases which exhibit
distinct optical properties [308]. This family of phases is neglected here, but may
be interesting for optoelectronic devices due to their optical tunability and the
reduction of halide migration and segregation [309].

Roß et al. compared stoichiometric FAPbI3 to absorbers with 15 % of PbI2
excess and FAI excess, respectively, and observed the formation of PbI2 even for
excess FAI on MeO-2PACz ([2-(3,6-Dimethoxy9H-carbazol-9-yl)ethyl]phosphonic
Acid) [80]. However, they determined the stoichiometry from the evaporation
rates and did not measure the stoichiometry in the as-prepared film. Therefore,
the condensation behavior of the evaporated materials on the substrate was ne-
glected and the film resulting from excess FAI deposition rates might even have
been rich in PbI2. However, their study is a reminder that the substrate strongly
influences film formation, as deposition on the unwashed MeO-2PACz suppos-
edly allowed for a larger condensation rate of FAI leading to the shift towards
preferential growth of the α phase [80] as discussed above. They also observed
an increase in XRD peak intensity under FAI excess which is maintained during
annealing at 100◦C, indicating improved crystallinity as in [H3].

When FAI is partially substituted with CsI in [H3], the I/Pb threshold ra-
tio above which exclusive α phase occurs decreases to 3.6 and again an increase
in crystallite sizes is observed. Yuan et al. employed a solution-based approach
investigating (Cs,FA)PbI3 for LEDs and observed a suppression of the δ phase
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between (CsI+FAI)/PbI2 ratios of 1.5 and 2 (I/Pb ratios of 3.5 to 4) after anneal-
ing at 100◦C [304]. Similar to Ma et al., they also notice a decrease in colloidal
sizes in the solution with an increasing excess of (CsI+FAI), but the implication
for crystallite sizes is not as clear.

The partial substitution of I with Br for (Cs,FA)Pb(I,Br)3 resulted in the
complete suppression of the δ phase for all films with X/Pb (X=I+Br) ratios
above 2.64 in [H3]. Below an X/Pb ratio of 3, PbI2 segregated and Br was
preferentially incorporated into the perovskite crystal lattice. Above an X/Pb
ratio of 3, no PbX2 was observed. The quantification of stoichiometric ranges in
which certain phases are preferred and/or others segregate is a novelty provided
by [H3] and a huge leap towards answering (Q1).

[H3] does not give a final explanation for the preferred α phase formation at
given stoichiometric conditions. Oner et al. performed first-principles calculations
for FAPbI3 and found the lowest grain surface energies, corresponding to the most
stable grain surfaces, for surfaces terminated with FAI compared to PbI2-/I-/PbI-
terminated surfaces [82]. They found FAI-terminated surfaces invoked the highest
average defect formation energies compared to the other surface terminations. In
fact, all considered defect formation energies were calculated to be above 1.5 eV
in FAI-terminated surfaces. A stabilization of the α phase by FAI excess in [H3]
may thus be correlated to grain surface passivation by the FAI.

Since an annealing step is necessary to drive the δ→α phase transition nor-
mally, a certain activation energy is required to grow the α phase. Therefore, the
question remains why the α phase is formed preferentially in the first place for
an excess of FAI in [H3]. Park et al. showed via DFT calculations that when the
large cation iPAmH+ ( isopropylammonium iodide) was introduced to FAPbI3
via solution-based preparation, it passivated the grain boundary of the FAPbI3
grains, greatly reducing the formation energy of the α phase compared to the
δ phase as well as lowering the defect formation in general [81]. Therefore, grain
boundary passivation by FAI as postulated by Oner et al. may not only be cor-
related to stabilization, but also to reduced formation energy of the α phase.

PSCs are not discussed in [H3]. The impact of bulk stoichiometry on the PSC
performance [(Q2)] is investigated for FAPbI3 by Roß et al. [80]. In their approach,
the maximum single efficiency is obtained for FAI excess and the highest aver-
age efficiency of 14.7 % is measured for the stoichiometric absorber although all
the average efficiencies are close to 14.5 % in a p-i-n structure using ITO/MeO-
2PACz/perovskite/C60/BCP/Cu [80]. In a sequential solution-based approach
by Cho et al. the hysteresis was reduced and the overall efficiency and stability
of FAI-rich (Cs,FA,MA)Pb(I,Br)3 was significantly improved by incorporating a
∼50 % excess of the organic component as measured in the final film [291]. The
optimized efficiency of 20.5 % was attributed to the enhanced suppression of Pb-I
antisite defects compared to compositions with ∼30 % excess and balanced stoi-
chiometry. During the stability test 95 % of the initial efficiency were maintained
in the optimized device at constant operation under 1 sun compared to a few
hours for the device with balanced stoichiometry. They employed an n-i-p device
structure using ITO/SnO2/perovskite/Spiro-MeOTAD/Au. Roß et al. and Cho
et al. demonstrated improved jsc and slightly reduced VOC in their devices with
organic excess, thus generally suggesting that excess of organic components in
the bulk may be able to push the PSC efficiencies further[(Q2)]. In comparison
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to other works optimizing PSC devices by varying deposition techniques, inter-
mediate steps, dopants or optimized transport layers [157], the approach to vary
the bulk stoichiometry aiming for greater PSC efficiencies is very rare and should
be pursued more when considering the discussed results.
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4.5 Sequential Evaporation of APbX3

Opening Remarks

In [H1–H3] stoichiometry-driven reactions in various APbX3 thin films were in-
vestigated and the growth behavior during static and dynamic evaporation were
analyzed via in situ XRD. In particular, the influence of PbI2 and MAI seed
layers on the formation and properties of the interface and bulk were studied in
standard n-i-p and inverted p-i-n PSC structures. For MAPbI3 PSCs prepared
at room temperature, the limited diffusion reaction determined an optimum PbI2
seed layer thickness, above which the efficiency decreased, indicating an unre-
acted PbI2 layer at the interface due to the existence of a diffusion barrier. Such
a diffusion reaction barrier can be overcome and some works have successfully
demonstrated full conversion of the PbI2 precursor layer to the perovskite phase
during sequential evaporation by a post-annealing step for MAPbI3 [275,310] and
FAPbI3 [186,311].

For (Cs,FA)PbI3, one of the to-date maximum efficiencies for evaporated PSCs
has been achieved via sequential thermal evaporation of PbI2, FAI and CsI in this
order [39]. Nonetheless, further optimization is necessary and a study showcasing
the limits of the diffusion-driven reactions at the interfaces during deposition
and throughout the bulk during post-annealing is missing so far. In addition,
no variations of the sequence order have been investigated for (Cs,FA)PbI3 and
(Cs,FA)Pb(I,Br)3 albeit the positive influence on charge transport as determined
for interfacial reactions and gradients in MAPbI3 PSCs in 4.2 and 4.3.

Therefore, [H4] investigates the variation of deposition sequence and reaction
of precursors during sequential thermal evaporation. It aims to understand the
phase formation and diffusion reactions in order to optimize the growth con-
ditions to obtain single-phase perovskite thin film layers for (Cs,FA)PbI3 and
(Cs,FA)Pb(I,Br)3.
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Structural Evolution of Sequentially Evaporated
(Cs,FA)Pb(I,Br)3 Perovskite Thin Films via In Situ X-Ray
Diffraction

Karl L. Heinze, Tobias Schulz, Roland Scheer, and Paul Pistor*

1. Introduction

Perovskite solar cells (PSCs) have almost reached the power con-
version efficiency (PCE) of silicon-based solar cells (26.1% and
26.8%, respectively[1,2]). However, to date, the most prominent

deposition technique is spin-coating, which
bears two main disadvantages. Spin-coat-
ing cannot be upscaled to produce devices
on large areas for industrial applications,
and solvents such as dimethylformamide
or dimethylsulfoxide are needed.[3,4]

These solvents are toxic[5] and costly, have
a bad environmental footprint,[6] can cause
damage to underlying layers[7] and thus
their usage is ideally minimized.

A completely solvent-free perovskite
synthesis can be realized by evaporation
via physical vapor deposition (PVD), which
allows for homogeneous large area growth
on various substrate morphologies.[8–12]

Compared to co-evaporation, sequential
evaporation enables good crystallinity and
better process control.[8,13,14] Feng et al. have
shown that homogenous formamidinium
(FA)-based perovskite layers can be depos-
ited with a sequential roll-to-roll process
on large areas, and applying an optimized
low temperature annealing at 60 °C a high
PCE of 21.3% could be obtained.[6] A record
PCE of 24% for sequentially deposited

CsFAPbI3 was reported by Li et al. in 2022.[15] In sequential lead
halide perovskite deposition, usually the inorganic components,
typically PbI2, are deposited first, and their properties and mor-
phologies might therefore strongly influence subsequent perov-
skite formation. For sequential wet-chemical processing routes,
i.e., the so-called two-step-deposition methods, many reports focus
on the optimization of the inorganic precursor deposition in view
of solar cell performance, emphasizing its significance. There, sol-
vent additives or variations of different preparation techniques are
used to obtain optimal morphologies,[16–18] and the consensus is
that a highly oriented and porous PbI2 precursor layer favors a full
conversion to the perovskite phase leading to high-performance
PSCs.[19–23]

However, few reports exist regarding the optimization of the
inorganic precursor deposition in the context of PVD. Instead of
a solution penetrating the inorganic precursor, during sequential
evaporation a condensed organic (e.g., formamidinium iodide
[FAI]) layer is formed, and solid-state diffusion determines the
reaction kinetics. As a consequence, optimal precursor morphol-
ogies for a fast and complete conversion into high-quality perov-
skite layers might be different for vacuum-based approaches as
compared to a solution-based conversion step. Using PVD,
Hoerantner et al. speculate that the porosity of PbI2 could be
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Evaporation of perovskite thin films for solar cell applications is a solvent-free,
well controllable, and scalable deposition path with promising prospects for
commercialization. Compared to commonly applied simultaneous co-evapora-
tion of various halide precursor salts, sequential evaporation followed by an
annealing step allows to better control the amount of deposited precursors, and
has the potential to largely improve reproducibility. In this work, Cs/formami-
dinium (FA)-based lead iodide perovskites are deposited via sequential evapo-
ration in a vacuum chamber and the phase formation and evolution of different
precursor-stacking sequences and annealing conditions are investigated with
in situ X-ray diagnostics. In addition, some Br is added to investigate the effect of
halide intermixing. The stacking sequence is found to strongly influence the
formation of dominant phases as well as the preferential orientation and
HGHmorphology of the as-deposited films. These variations in turn affect the
diffusion and conversion during thermal annealing and ultimately the conversion
ratio of the final perovskite layers. For example, it is found that starting the
stacking sequences with the A cations (CsI, FAI) favors a fast and complete
conversion of the perovskite phase. However, the result is the formation of
perovskite layers with large voids.
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advantageous for its conversion to MAPbI3.
[24] Li et al. maxi-

mized their PCE by enhancing the crystallinity of their PbI2 seed
layer and produced a smoother and more condensed surface
by incorporating a small amount of CsI and PbCl2.

[15] Wang
et al. employ spin-coated PbI2/PbCl2 and find larger precursor
grains to be beneficial for perovskite formation during FAI evap-
oration.[14] The optimization of the PbI2 precursor layer is even
more important, as PbI2 is a highly versatile material with many
different polytypes[25] and morphologies, and its full potential for
optimized sequential evaporation is still to be unfolded.

Solid-state diffusion through PbI2 is driven by concentration
gradients. However, there is still limited knowledge and under-
standing about the interdiffusion during the annealing of the
precursors for perovskite conversion. As the lead halide salts share
a similar octagonal lead halide configuration in the lead halide
recursor as in the final perovskite phase, the conversion is some-
times called intercalation of the A cation. ForMAPbI3, Eames et al.
found that primarily I� and MAþ diffused within the perovskite
lattice, while the Pb2þ ions mostly remained stationary.[26] This
effect has been scarcely discussed for FA-based perovskites up
to now and our experiments are specifically designed to elaborate
on this knowledge gap.

Therefore, we investigate the sequential deposition of
ðCs;FAÞPbðI;BrÞ3 thin films via sequential thermal evaporation
of the precursors in a vacuum chamber followed by an annealing
step. We prepare perovskite absorbers using different sequences
of the components FAI, cesium iodide (CsI), lead iodide (PbI2),
and lead bromide (PbBr2) and analyze the crystal structure
evolution of the different phases present during deposition
and post annealing. For this purpose, we use an in situ X-ray
diffraction (XRD) setup,[27] which allows us to observe the
evolution of crystalline phases during growth and annealing.
In the first part of this work, the iodine-based perovskite
ðCs;FAÞPbI3 is synthesized comparing two different precursor
stacks: the conventional one starting with the B cation
(Sequence B, PbI2–FAI–CsI) and an alternative approach where
the PbI2 is deposited last (Sequence A, CsI–FAI–PbI2). We detect
large differences in the preferred phase formation, phase evolu-
tion during annealing, and morphology using in situ XRD, scan-
ning electron microscopy (SEM), and energy-dispersive X-ray
spectroscopy (EDX) measurements. The in situ XRD allows us
to distinguish between the growth of two different PbI2 poly-
types: the hexagonal 2H phase and the rhombohedral 6R phase.
Our results give evidence that the different precursor configura-
tions can have a large impact on the conversion and final
perovskite formation. In addition, we explore different options
to optimize conversion into the perovskite phase such as nonstoi-
chiometric precursor ratios, the deposition of split/multiple pre-
cursor layer stacks or the variation of the precursor morphologies
by varying the substrate temperature during deposition.
Finally, we investigate how the introduction of small amounts
of Br in the form of PbBr2 affects the aforementioned and
analyze two different precursor sequences for the deposition
of the mixed-halide perovskite ðCs; FAÞPbðI;BrÞ3: one similar
to sequence B, where the lead halides are deposited first
(PbBr2–PbI2–FAI–CsI) and one where they are evaporated first
and last, respectively (PbBr2–FAI–CsI–PbI2). We observe a strong
effect of the sequence on the formation of preliminary Br-rich and

I-rich phases and their reaction speed toward a singlemixed-halide
perovskite phase.

2. Results

In total, we have conducted three different experimental series.
In the first set of experiments, we compare different stacking
orders of the precursors for the sequential formation of
ðCs;FAÞPbI3, namely depositing the A cations first (sequence
A: CsI–FAI–PbI2) and B cation first (sequence B: PbI2–FAI–
CsI). This is followed by precursor sequences where the PbI2
layer is split into two parts with different ratios (sequence with
split PbI2), one of them at the bottom of the precursor stack, and
the other on top (see Figure 1). Based on these simple experi-
ments, we conduct a second series of experiments in the attempt
to improve the conversion of the precursors into a perovskite film
by comparing different processing conditions where the PbI2
layer is deposited first (in that sense, variation of sequence B):
PbI2 layers synthesized at different process conditions (substrate
temperature, wet-chemical deposition) and by applying overstoi-
chiometric (os) amounts of FAI. The single component
thicknesses were 21, 224, and 261 nm for CsI, FAI, and PbI2
in each respective sequence. Details can be found in the
Experimental Section.

Finally, we briefly investigate how the addition of PbBr2 as a
source of Br to the precursor layer stack impacts the film forma-
tion and perovskite conversion in the last series of experiments.
In these layer stacks, CsI and FAI thicknesses were again 21
and 224 nm, respectively, while 106 nm of PbI2 and 115 nm of
PbBr2 were evaporated. We will start with the thorough analysis
of the phase formation and evolution through deposition and
annealing of the precursor stack with the A cation at the bottom
(sequence A).

2.1. Precursor Order I: CsI/FAI First, PbI2 Last (Sequence A)

Sequence A is a novelty for sequential evaporation of perovskites
and thus promises to give valuable insight into the growth and
reaction dynamics of the layer stack. The in situ diffractograms
recorded during the deposition of sequence A are depicted as
color plots in Figure 2a. Here, the XRD intensity is color coded
and the x/y axes correspond to the process time and the 2Θ angle,
respectively. Above the color plot, the respective deposition rates
of CsI (blue background), FAI (red), and PbI2 (yellow) are shown.
Below the color plot, the peak area (given as integrated intensity:
Int. I) evolution of the most relevant peaks for each precursor
component and phase is depicted. The representative peaks

A B

Figure 1. Schematic layer stacks after evaporating A, B, and split PbI2
sequences. The layers providing A cations CsI and FAI are shown in light
and dark green, respectively. PbI2 layers are yellow.
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shown here are marked by triangles next to the color plot, accord-
ing to the literature value of their respective 2Θ positions. Before
evaporation, substrate peaks at 20°, 21.5°, 30.5°, and 35.4° are vis-
ible, mainly from the cubic indium tin oxide (ITO) phase.[28]

These are attenuated during the evaporation process due to
absorption of X-rays in the deposited layers. To evaluate the
formed crystalline phases in more detail, Θ–Θ scans of the layers
directly after deposition and after annealing (i.e. at the end of
each color plot) are shown in Figure S4 (Supporting
Information). During the first evaporation step, the characteristic
(110) peak of the cubic CsI phase appears at 27.6°.[29] Throughout
the later stages of this process, superposition of this peak with
peaks from other phases impedes its quantification, and as a

simplification we assumed its intensity to be constant during
PbI2 deposition (indicated by the dashed line). After 22min,
the FAI monoclinic crystal phase becomes visible with its main
peak at 24.7° corresponding to the (121) lattice plane.[30]

Subsequently, during PbI2 evaporation, first the characteristic
(100) peak of the FAPbI3 perovskite α phase at 13.9° appears[31]

after approximately 70min of processing time. At this point, we
cannot determine, if the perovskite α phase contains low
amounts of Cs, so we will refer to the α phase as
ðCs; FAÞPbI3 (labeled Pero in Figure 2). Please note that, while
we do observe a low intensity peak at 11.5°, close to the (001) peak
of the FAPbI3 δ phase,[32] we assume that no δ phase is formed,
as explained in the SI on the basis of Figure S1 (Supporting

(a) (b)

(c) (d)

Figure 2. Process diagrams for evaporation of sequences a) A and b) B: The diagrams include rates of CsI–FAI–PbI2 (blue, red, and yellow backgrounds,
respectively–top), in situ XRD color plot (center) and development of integrated peak intensities (Int. I–bottom). Corresponding 2Θ peak positions for
evaluated peaks from the literature are displayed as triangles next to the color plot. In sequence A, CsI (110) Int. I is continued as a constant dashed line
during PbI2 deposition since evaluation is made impossible due to superposition with ðCs; FAÞPbI3 (200) (labeled Pero) and PbI2 6R (104) peaks, both
broad near 28°.[25,29,31] In sequence B, FAI and CsI Int. I are not shown, since their intensities are too low. Process diagrams of sequences c) A and d) B
during annealing: The diagrams show substrate temperature (top), in situ XRD color plot (center) and integrated intensity (Int. I) peak development
(bottom). The sample temperature is increased from 60 to 100 °C over 150 min to fully convert the layer stack to the perovskite α phase.
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Information). FAI and ðCs;FAÞPbI3 peaks decrease in intensity
slightly starting at 80 min and shortly after the (001) peak of the
hexagonal PbI2 2H phase at 12.7° forms.[33]

Starting at 90 min, a peak at 22.9° dominates during PbI2 evap-
oration and the 2H (001) peak shrinks. The newly observed peak
at 22.9° is strongly shifted compared to the 2H (100) peak at
22.5°.[33] We deduce that the PbI2 phase not only undergoes a
change in preferential orientation, but a different phase starts
to grow. We allocate this to the PbI2 6R phase (see Figure S2,
Supporting Information), which exhibits one of its main peaks
at 22.9°, stemming from its (101) lattice plane. The 6R phase has
been observed to develop via evaporation under vacuum condi-
tions.[25] In our experiment, the 6R (101) peak then grows line-
arly, making up all the crystalline PbI2 phase growth visible in
the diffractograms. The 6R (104) peak at 28.3° also develops
clearly, but cannot be quantified due to superposition with the
CsI (110) and ðCs;FAÞPbI3 (200) peaks. The transition from
the growth of the 2H to the growth of the 6R polytype is a trend
observed in many of our PbI2 layers grown under vacuum
(Figure S3, Supporting Information). For a summary of the most
relevant peaks, see Table 1.

To investigate the conversion into the perovskite thin
film resulting from sequence A, the layer was annealed at three
different temperatures (Figure 2c). The top graph shows the sub-
strate temperature, while the peak area development is displayed
at the bottom. At 60 °C, a slow reaction between the three pre-
cursor layers takes place, resulting in a slow increase of the
ðCs;FAÞPbI3 (100) peak intensity. Increasing the substrate tem-
perature to 80 °C enhances this reaction, as ðCs; FAÞPbI3 (110)
and (210) peaks appear at 19.7° and 31.4°, respectively. At the
same time, the triple peak at 28° begins to narrow down to a sin-
gle peak. This hints toward an amorphization of CsI or, more
likely, diffusion of CsI into the perovskite layer. We suspect
the ðCs; FAÞPbI3 (200) peak to be dominant at 28° due to PbI2
conversion to the perovskite phase. Simultaneously, the 2H
(001) and 6R (101) PbI2 peaks begin to decrease in intensity.
After approximately 150min and at a temperature of 100 °C,
the reactions described earlier are concluded and peak develop-
ments come to a halt in the timescale visible in our experiment.
Perovskite peaks dominate the resulting layer and only slight
traces of residual PbI2 and FAI remain visible.

2.2. Precursor Order II: PbI2 First (Sequence B)

Sequence B is the usual deposition order for sequentially
evaporated perovskites and the logical counterpart to sequence A.
We investigate this sequence via in situ XRD to expand the
understanding on the reaction kinetics between precursor layers
during evaporation and annealing. For sequence B PbI2, FAI,
and CsI were evaporated sequentially in this order. The in situ
process diagram is shown in Figure 2b. Upon PbI2 evaporation,
a strong 2H (001) peak develops, which saturates after 30–40min
and then decreases in intensity slightly, while the 6R (101) and
(104) peaks, respectively, evolve. FAI evaporation starting at
102min leads to the formation of FAPbI3 as can be seen by
the low intensity ðCs; FAÞPbI3 (100) peak. Neither FAI nor
CsI peaks appear in the XRD during their respective evaporation
step, suggesting either strong diffusion and reactivity and/or low
crystallinity of the unreacted species.

During annealing of sequence B (Figure 2d), the layer stack
reacts well and all major perovskite peaks develop, increasing
in intensity with each temperature step (60 °C, 80 °C, and
100 °C). Still, a small residual 2H (001) peak remains. FAI
re-evaporation is an unlikely cause for remaining PbI2, since
we were only able to evaporate FAI above 140 °C in vacuum.
At standard conditions, FAI has been shown to evaporate at
230 °C.[30] In consequence, the incomplete reaction of the layer
stack is not a result of FAI desorption, but indicates that the
provided heat does not enhance diffusion enough to fully react
the layer stack during our experiment. This is consistent with the
correct stoichiometry of annealed films (as correct by EDX, see
the next paragraphs).

2.3. SEM and EDX

The characteristics of sequences A and B are further investigated
by SEM and EDX measurements. The SEM cross section of
sequence A in Figure 3a shows a homogeneous bulk with
distinct properties at the surface and the substrate interface.
At the surface small, bright crystallites and platelets can be
seen. These are assigned to PbI2 surface species. At the NiO
interface, clearly visible voids suggest a peculiar upward diffu-
sion behavior of the A cations into the PbI2. We use EDX to

Table 1. Overview of relevant reference 2Θ diffraction peaks for the evaporated components. 2H and 6R refer to different polytypes of the PbI2 compound
with hexagonal and rhombohedral crystal structures, respectively. I-rich (IPer) and Br-rich (BrPer) perovskite phases do not correspond exactly to the
FAPbI3 and FAPbBr3 phases and XRD peaks given here, since IPer and BrPer phases might include varying shares of the respective other halide, resulting
in a shift of the peak positions. Additionally, the incorporation of CsI leads to a small shift to higher diffraction angles.

Material Crystal Space Lattice XRD 2Θ Source

Structure Group Plane Angle

CsI Cubic Pm-3m (221) (110) 27.6° [29]

FAI Monoclinic P21/a (14) (121) (002) 24.7°, 25.6° [30]

PbI2 2H P-3m1 (164) (001) (002) 12.7°, 25.5° [33]

PbI2 6R R-3m (166) (101) (104) 22.9°, 28.3° [25]

FAPbI3 Cubic Pm-3m (221) (100) (110) (111) (200) (210) 13.9°, 19.7°, 24.2°, 28.0°, 31.4° [31]

PbBr2 Orthorhombic Pnam (62) (200) (111) (220) 22.0°, 22.7°, 29° [40]

FAPbBr3 Cubic Pm-3m (221) (100) (110) (200) 14.8°, 20.9°, 29.8° [67]
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quantify the stoichiometry in our samples. Since the
organic components in FAI cannot be quantified well with
our EDX system, we use the I/Pb ratio as a manner to quantify
the composition. Measurements for sequences A and B are
shown in Table 2. The sample from sequence A exhibits a
near-perovskite stoichiometry, in good agreement with the
XRD results.

The SEM image of sequence B in Figure 3b depicts a bulk with
visibly larger crystallites compared to A, while exhibiting a thin,
separated layer close to the substrate. As this layer appears
brighter in the SEM image, we assume that it is PbI2 rich.
Therefore, the unreacted crystalline PbI2, observed by XRD, is
located at the NiO interface, as one could expect from the evapo-
ration sequence. Similar to sequence A, the EDX measurements
in Table 2 show a near-perovskite stoichiometry. Considering the
PbI2 at the bottom and the I/Pb ratio of 3, this suggests some
remaining unreacted FAI and CsI resulting from lack of

diffusion. Noticeably, no voids are visible at the NiO interface,
supporting the idea of an A cation-dominated diffusion.

2.4. Precursor Order III: PbI2 at the Top and at the Bottom
(Sequence with Split PbI2)

To investigate the A cation diffusion behavior more deeply and in
an attempt to achieve a more homogeneous film formation, we
tested splitting the evaporated PbI2 layer and depositing different
shares x (and 1–x) of PbI2 first (and last): (x)PbI2–FAI–CsI–
(1–x)PbI2. We achieved a full reaction to the perovskite
α phase with x= 10%, 30%, 50%, and 70% according to XRD
(Figure S5–S7, Supporting Information). However, we were
not able to suppress the void formation, as long as part of the
PbI2 was evaporated last. Instead, the position of the voids moved
upward in the perovskite layer with increasing x. As can be seen
in the respective SEM images (Figure 3c–f ), the voids mark the
position of the FAI layer prior to annealing.

2.5. Modifications of Sequence B (PbI2 First)

So far it was found that sequences A and precursor order III
caused void formation and can therefore lead to mechanical
destabilization of the layer. Consequently, we explored several
modified paths for sequence B to achieve full conversion to
the perovskite phase. To drive the conversion of the residual,
unreacted PbI2 in sequence B, we I) supplied an os amount
of FAI, II) used cooled (�30 °C) and heated (100, 170 °C) sub-
strates only during PbI2 deposition to benignly alter the PbI2
properties and (III) employed the spin-coating technique to fab-
ricate a completely different PbI2. A schematic overview of the
modifications is provided in Figure 4.

(a) (b)

(c) (d)

(e) (f)

Figure 3. Scanning electron microscopy (SEM) cross sections after annealing. a) Sequence A (CsI-FAI-PbI2). Voids at the interface to the substrate are
marked by red arrows. b) Sequence B (PbI2-FAI-CsI) after annealing. c–f ) Processes with split PbI2 (sequence [x]PbI2–FAI–CsI–(1–x)PbI2) after annealing
with x= 10%, 30%, 50%, 70%. The green scale bar represents 200 nm.

Table 2. Ratios of X/Pb determined via EDX for different evaporation
sequences for the perovskite films after annealing. X corresponds to I for
sequences resulting in ðCs; FAÞPbI3 and represents the sum of I and Br for
mixed-halide processes Br-1 and Br-split. Please note that the quantification
of the Br halide with EDX exhibits a relatively large experimental error. For a
stoichiometric perovskite, an X/Pb ratio of 3 is expected.

Sequence Materials X/Pb ratios

A CsI–FAI–PbI2 3.04

B PbI2–FAI–CsI 3.08

Br-1 PbBr2–PbI2–FAI–CsI 3.47

Br-split PbBr2–FAI–CsI–PbI2 3.27
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2.5.1. I: Oversupply of FAI

To provide an oversupply of FAI, we deposited the full PbI2 layer
first, but drove further reaction either by directly evaporating an
os amount of FAI in the sequence Bos: PbI2–(os)FAI–CsI or by
post depositing additional FAI in the sequence Bpost: PbI2–FAI–
CsI–(post)FAI. Both modifications successfully lead to a full con-
version of the layer to the α perovskite phase, as can be seen in
Figure S8 (Supporting Information). In the cross-sectional SEM
images of Bos and Bpost (Figure S9, Supporting Information),
the layer stack is fully reacted. We observe a dependence of the
crystallite size on the position in the layer, with larger grains toward
the top. This is assumed to be related to a stoichiometry gradient in
the layer. As has been shown previously, a larger concentration of A
cations can lead to an increase in crystallite size.[34–36] Additionally,
the pinholes in the top layer caused by the electron beam point to
an organic-rich stoichiometry. Therefore, we assume that the reac-
tion in our layers is still diffusion-limited and the FAI is not dis-
tributed completely homogeneously.

2.5.2. II: Substrate Temperature during PbI2 Deposition

In our evaporation process, PbI2 tends to grow with weak pref-
erential orientation and in a porous manner (SEM cross section
in Figure S10, Supporting Information). Similar behavior was
observed by other groups by growth of porous, polycrystalline
PbI2 films with small crystallite sizes.[24,37,38] Other publications
have shown that PbI2 can be evaporated as a compact layer with
strong preferential orientation[6] and low roughness.[15] In an
attempt to ameliorate the PbI2 properties for the diffusion reac-
tion process, we deposited PbI2 at different substrate tempera-
tures (�30, 100, and 170 °C; SEM in Figure S11, Supporting
Information). Both heating and cooling resulted in strongly
2H-dominated growthmodes of PbI2. However, none of the layer
stacks were fully converted to the perovskite phase, even though
the PbI2 morphology and texture was strongly altered (Figure S12
and S13, Supporting Information). So far, only sequence A and
the processes with split PbI2 resulted in fully converted layers
without excess A cations. All of these exhibit 6R growth giving
rise to the idea that the diffusion–reaction kinetics of the perov-
skite conversion benefit from the presence of this PbI2 species.

2.5.3. III: Spin-Coated PbI2

In an additional experiment, we first spin-coated a layer of PbI2
and achieved a more homogeneous, smooth PbI2 growth (SEM

cross section in Figure S14, Supporting Information). For this
sample, high-intensity perovskite peaks appear already during
evaporation of FAI and CsI. Here, the perovskite peaks during
evaporation are much larger than for evaporated PbI2 in
sequence B. Subsequently, we observe a clear ðCs;FAÞPbI3
(100) peak shift during evaporation of CsI (Figure S15,
Supporting Information). In the SEM cross section of the fin-
ished layer, large columnar perovskite crystallites can be seen
(Figure S16, Supporting Information). In contrast to the previous
attempts with evaporated PbI2, here the perovskite crystallites
stretch through the full layer. The qualities of an evaporated
PbI2 precursor could potentially be improved by co-evaporating
CsBr or PbCl2 and CsI, as has been successful in other
works.[15,39] Further ideas will be touched upon in the discussion
section. We conclude that the PbI2 morphology strongly impacts
the reaction and diffusion dynamics of the perovskite conversion.
The results with spin-coated PbI2 show that the A cations’
diffusion–leading to perovskite conversion–can be optimized
and a compact PbI2 host structure can be beneficial for the trans-
port and diffusion of the FAI.

2.6. Mixed I/Br Perovskites

Halide diffusion is a relevant aspect when preparing homo-
geneously mixed perovskite ðCs; FAÞPbðI;BrÞ3 and ensuring
the stability of a single stable phase. We prepared mixed I/Br
perovskite compositions in two different sets of evaporation
sequences (see Table 2).

2.6.1. Precursor Order I: Lead Halides PbX2 First (Br-1)

For the sequence Br-1, we evaporated the sequence PbBr2–PbI2–
FAI–CsI. During evaporation, the components crystallize with a
strong preferential orientation, as can be seen in the process
diagram in Figure 5a (Additional Θ–Θ scans in Figure S17,
Supporting Information). First, orthorhombic PbBr2 (200),
(111), and (220) peaks appear at 22.0°, 22.7°, and 29°, respec-
tively.[40] Upon PbI2 evaporation, some PbI2 is incorporated into
the PbBr2 structure as we observe in a peak shift of PbBr2 (111)
peak by 0.07° (Figure S18, Supporting Information). The PbBr2
incentivizes the PbI2 to grow only in the 2H phase, as only the
correspondent (001) and (002) peaks appear.[33] Peaks corre-
sponding to the 6R polytype do not evolve. We were able to con-
firm these observations concerning preferential orientation
and polytype during evaporation of an additional process,
where only PbBr2–PbI2 were deposited (Figure S19, Supporting

Figure 4. Schematic overview of modifications of sequence B (PbI2 first). From left to right: I: oversupply of FAI during deposition (Bos) or as a
post treatment (Bpost); II: substrate temperature during PbI2 deposition; and III: spin-coated PbI2.
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Information). In Br-1, the 2H (001) Int. I increases quickly dur-
ing PbI2 evaporation and decreases upon the subsequent evapo-
ration of the A cations (detailed development shown in Figure
S18, Supporting Information). During the FAI-deposition step,
I-rich ðCs;FAÞPbðI;BrÞ3 perovskite (IPer) (100) and (200) peaks
are formed first.[31] Subsequently, the monoclinic FAI phase is
formed, manifested through the appearance of a double peak
at 24.7° and 25.6°.[30] Upon CsI evaporation, we observe no shift
in the IPer (100) peak (Figure S20, Supporting Information)
and CsI crystallizes, noticeable for example by the cubic phase
(110) peak.

During annealing of Br-1 (Figure 5c), the 2H (001) peak is the
first to rapidly lose intensity, indicating the commencement of
the perovskite formation. After 13 min, FAI (121) disappears
and 2min later the perovskite (111) peak at 24.2° takes its
place.[31] Also after 13min, FAI (002) shows an intensity jump,

hinting toward a recrystallization of the FAI in its orthorhombic
phase.[30] CsI starts reacting after 17 min at 88 °C, as can be seen
from the disappearance of its (110) peak.

All initial peaks exhibit a shift to lower angles due to thermal
expansion. However, the PbBr2 (111) peak shifts stronger than
expected only from thermal expansion, indicating an incorpo-
ration of PbI2 into the lattice (Figure S21 and S22, Supporting
Information).[41] After 15 min and at 80 °C, the Br-rich
ðCs; FAÞPbðI;BrÞ3 perovskite phase (BrPer) (100) peak at 14.6°
increases at the expense of the IPer (100) peak. Both peaks begin
shifting toward each other (Figure S23, Supporting Information)
and cannot be distinguished from 30 min onward (dotted line in
Figure 5c). Further, BrPer and IPer peaks combine at around 20°
and 29°, respectively, indicating that a single mixed perovskite
ðCs; FAÞPbðI;BrÞ3 phase has formed. Up until the end of the
annealing, the double halide perovskite (100) intensity declines

(a) (b)

(c) (d)

Figure 5. Upper: process diagrams for evaporation of sequences a) Br-1 and b) Br-split including rates during single component deposition (top), in situ
XRD color plot (center) and representative peak evaluation (bottom) given as the integrated intensity (Int. I) of each peak over time. Triangles next to the
color plot give literature 2Θ positions for the evaluated experimental peaks. In sequence Br-split, CsI (110) Int. I is continued as a dashed line due to
superposition with IPer (200) and 6R (104) peaks, both broad near 28°.[25,29,31] Lower: process diagrams for annealing of c) Br-1 and d) Br-split consisting
of substrate temperature (top), in situ XRD color plot (center) and Int. I of significant peaks.
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slowly, while the 2H (100) intensity increases monotonously,
indicating a slow recrystallization and/or decomposition process.

2.6.2. Precursor Order II: Lead Halides PbX2 First and Last (Br-Split)

We then evaporated the sequence Br-split: PbBr2–FAI–CsI–PbI2
(process diagram in Figure 5b and Θ–Θ scans in Figure S17,
Supporting Information). After deposition of PbBr2 and through-
out FAI evaporation, both components quickly react to form both
BrPer (100) and IPer (100) peaks. Later during FAI evaporation,
an unreacted FAI phase forms. In contrast to Br-1, part of the
deposited CsI is immediately incorporated into the BrPer phase,
as indicated by a BrPer (100) peak shift toward higher angles
(Figure S24, Supporting Information). Upon PbI2 deposition,
BrPer and IPer peaks clearly shift away from each other
(Figure S24, Supporting Information), while the IPer (100)
Int. I benefits from the I-rich evaporation step. After approxi-
mately 170min, the 2H (001) peak evolves and grows quickly.
Whether 2H or 6R PbI2 growth dominates cannot be determined
due to superposition of the 6R (104) peak with the perovskite
peaks at 28°–29°. While no 6R (101) peak is observed, a strong
2H (001) texture is induced in this sequence, as can be seen by its
linear growth in Int. I.

During annealing of Br-split (Figure 5d), a conversion of the
precursors to a highly oriented mixed-halide ðCs;FAÞPbðI;BrÞ3
phase can be observed. After 10min and at 50 °C, the Int. I of
the 2H (001) and PbBr2 (200) peaks begin to decrease. Similar
to Br-1, the peaks from both lead halide phases shift due to
thermal expansion of the respective lattices and halide mixing
(Figure S22, Supporting Information). After 25 min and at
98 °C, they disappear completely. The PbI2 2H (001) peak
returns 5min later and increases in size until the end of the
annealing.

BrPer (100) and IPer (100) peaks shift toward each other start-
ing at 17min and 70 °C (Figure S25, Supporting Information).
The IPer (100) peak is strongly intensified. Both phases cannot
be distinguished anymore after 65min. It should be noted that
the combined phase is formed much slower than in the Br-1
evaporation sequence.

The SEM images of Br-split and Br-1 are shown in Figure 6. As
observed for the sequences with split PbI2, the deposition of FAI
in between the lead halide layers in the sequence Br-split leads to
void formation in the final film. In the top-view, unreacted PbI2
forming island-type structures can be observed. Br-1 shows large
crystallites throughout the whole interface and especially at the
top. Still, the cross section displays PbI2 residues at the substrate
interface, which was to be expected from the in situ XRD results
displayed in Figure 5c.

3. Discussion

We investigated the crystal growth and phase formation during
variations of sequential evaporation and annealing processes for
the preparation of ðCs;FAÞPbI3 and ðCs; FAÞPbðI;BrÞ3 using in
situ XRD.

The approach to deposit A cations first via sequence A, as dem-
onstrated for ðCs; FAÞPbI3 in this work, is a novelty in the field of
sequential perovskite evaporation. We observed that on top of the
CsI/FAI stack, the PbI2 precursor layer grew in the PbI2 6R poly-
type, which, to the best of our knowledge, has not been reported
for evaporated perovskite layers so far. Sequence A enabled com-
plete transformation of the stoichiometric precursor layers into the
perovskite, but also favored the formation of voids. These are
potentially disadvantageous, as they couldmechanically destabilize
the perovskite layer. We reproduced this behavior in the sequence
with split PbI2, where the voids shifted upward according to the
thickness of the first PbI2 layer and the position of the FAI layer.

In sequence B, we deposited a PbI2 precursor layer first, which
preferentially grew in the 2H polytype, transitioning to 6R later
during deposition. We observed a good reactive behavior of the
stoichiometric layer stack without void formation, but residual
PbI2 remained at the substrate interface even after prolonged
annealing. This could not be avoided even in variations of this
precursor sequence, where we deliberately changed the substrate
temperature during PbI2 deposition to see if we could stimulate
the growth of PbI2 with morphologies better suited for the con-
version into perovskites. Finally, we were able to achieve full con-
version into the perovskite phase for nonstoichiometric samples

Figure 6. SEM cross sections (top) and top views (bottom) of Br-split (left) and Br-1 (right) after annealing. The green scale bars correspond to 200 nm.
Similarly to the processes with split PbI2, Br-split displays voids from FAI diffusion and PbI2 as well as PbBr2 fixture. Br-1 exhibits large crystallites and
unreacted PbI2 at the substrate interface.
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with the precursor sequence B by evaporating an excess of FAI
during the same sequence (Bos) or as a post treatment (Bpost).
While this is an interesting way to achieve the full conversion
into the perovskite phase (no residual PbI2), the impact of stoi-
chiometry and precursor morphologies on the opto-electronic
properties are still an open question and require further analysis.

3.1. FAI-Dominated Diffusion Leads to Voids

Our results strongly indicate that the reaction between FAI
and PbI2 is dominated by FAI diffusion into the PbI2 layer.
In sequences A and the sequence with split PbI2, this is
clearly visible in the respective SEM images, where the FAI dif-
fusion resulted in voids. Similar to MAI, FAI exhibits Volmer–
Weber island growth (Figure S26, Supporting Information and
refs. [42–44]). Therefore, the observed voids in sequence A could
be explained by PbI2 pillars growing next to FAI islands, thereby
reaching the substrate interface and supporting the upward dif-
fusion behavior of FAI. FAI from the substrate interface could
diffuse into the PbI2 host structure along these pillars, resulting
in voids at the substrate interface.

A similar stack to our sequence with split PbI2 was prepared
by Yang et al. They evaporated an alternating sequence PbCl2–
MAI–PbCl2–MAI, but did not observe voids in their layer after
annealing.[45] Comparing our sequence with split PbI2 to Yang’s
work, it seems the A cation growth behavior is not decisive for the
success of the diffusion reaction and perovskite transformation,
since both MAI and FAI intrinsically exhibit island growth.
However, the difference could originate from the properties of
the lead halide layer. PbCl2 can grow smoother than PbI2

[44]

or reduce roughness in PbI2 as an additive,[15] possibly enabling
a homogeneous reaction along the surface in Yang’s work. The
PbI2 evaporated in this work exhibits a rough surface and could
amplify the island growth of FAI, resulting in void formation in
the final film prepared via the sequence with split PbI2.

Sequence B is a well-known approach for sequential perov-
skite deposition. We observed that sequence B provided a less
favorable perovskite conversion, making an excess of FAI neces-
sary in the sequences Bos and Bpost to achieve a full conversion
of the PbI2 layer. For MAPbI3, some groups used an excess of A
cations to transform the lead halide precursor layer and removed
the excess A cation by annealing or washing.[42,46] Sequence B
has been used for perovskite device preparation and the effect
of excess FAI on the optoelectronic properties has been shown
to be advantageous for diodes and solar cells up to a certain
excess value.[34,35,47] However, other works have been successful
in depositing a stoichiometric layer stack and fully converting it
to the perovskite phase. Feng et al. deposited highly textured
2H PbI2 and addressed underconversion by optimizing the post
annealing temperature to drive FAI diffusion.[6] In a noteworthy
work, Moser et al. evaporated a PbI2/CsBr precursor
layer and achieved full conversion depositing FAI via chemical
vapor deposition (CVD).[39] Very recently, CsBr has been pro-
posed to enhance diffusion and facilitate the full perovskite trans-
formation in sequentially evaporated films.[48] Full reaction was
achieved more slowly in thicker layers of up to 400 nm as com-
pared to multiply deposited layer stacks, and it was argued that
this is due to diffusion limiting the reaction.[48]

From our work and the aforementioned literature results, we
suggest a simple mechanism (Figure 7): Upon contacting, FAI
and PbI2 layers react to form the perovskite FAPbI3, through
which further FAI components will diffuse due to a concentra-
tion gradient and react with the PbI2 on the other side and so on.
This is made possible by the capacity of FAPbI3 to hold and trans-
port excess FAI.[34–36] The PbI2 provides the host structure for the
interdiffusion of FAI and the properties of the PbI2 host struc-
ture are therefore expected to directly influence the diffusion
behavior of the FAI. It is unlikely that the FAI diffuses through
the PbI2 without reacting, since the enthalpy of formation of
FAPbI3 should be lower than that of its educts.[49,50] CsI diffusion
only takes place through already-formed FAPbI3, since CsI and
PbI2 do not interdiffuse or react to CsPbI3, unless 200 °C are
applied, as confirmed by annealing of a layer stack in our in situ
chamber by us (Figure S27, Supporting Information) and
reported elsewhere.[51] This type of diffusion reaction has been
termed intercalation for MAI into PbI2,

[52,53] but has not been
described as clearly for the FAI into PbI2 diffusion/reaction
process.[6,15,54]

In consequence of the suggested mechanism, in both sequen-
ces A and B, the diffusion and conversion into perovskite of the
precursor stack depends strongly on the properties and morphol-
ogy of the PbI2 precursor, including important factors such as
porosity, surface texture, preferential orientation, and polytype
(2H or 6R). In the following, we will discuss the impact of these
different PbI2 properties on the reaction behavior of the layer
stack.

3.2. PbI2 Polytypes Influence Perovskite Formation

In our work, the different observed PbI2 polytypes are expected to
impact the diffusion/reaction processes involved in the perov-
skite conversion. In sequence A, when the PbI2 was grown on
top of the FAI precursor, the A cation precursor strongly pro-
moted the growth of PbI2 in the 6R polytype. In the sequences
with split PbI2, the 6R growth was also enhanced in comparison
to sequence B during evaporation of the second PbI2 layer, when
this contributed 70% and 90% of the total PbI2. In sequence B,
PbI2 is growing on top of the hole-transport layer (HTL) (NiO),

A

B

Figure 7. Simplified illustration of the proposed diffusion mechanism in a
FAI–PbI2 layer stack as in sequence A (top row) and a PbI2–FAI stack as in
sequence B (bottom row). CsI is left out for simplicity. The left column
presents the initial growth of layers during deposition, the center
column illustrates the first reaction between the two layers and the right
column shows a fully transformed perovskite layer after, e.g., annealing.
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favoring 2H PbI2. During conversion, the 6R part of the PbI2
layer was first converted, while parts of the 2H did not fully react.
Obviously, this could be incentivized by the fact that the 6R-rich
domain is located on top of the 2H domain (growth only at later
process time) and thereby close to the A cation supply. Still, our
results indicate that the 6R polytype could be preferable for the
perovskite conversion.

The dependence of PbI2 conversion on the favored polytype is
scarcely discussed in perovskite literature, since other polytypes
than 2H are rarely observed. Dhamaniya et al. use a solution
additive to fabricate a PbI2 precursor layer with similar structure
as the 6R polytype observed in our work.[55] They observe faster
perovskite conversion during wet-chemical treatment and attri-
bute this to higher porosity, surface roughness, and surface area
of the new structure. Malevu et al. compare the influence of PbI2
6R and 12R precursors on final perovskite device efficiency, but
don’t include the most common 2H polytype and their structural
observations are limited.[56] To the best of our knowledge, no
other reports exist investigating other PbI2 polytypes than 2H
for sequential deposition, not to mention evaporation.

In our experiments, the preferential orientation of the 6R pol-
ytype did not seem to play a role, since (101) favored growth dom-
inated in sequence A, while (104) dominated in the sequence
with split PbI2 and both enabled fully converted layer stacks.
In sequence B, weakly oriented 2H PbI2 remained partially
unconverted, while strongly oriented spin-coated 2H PbI2
enabled good conversion. Still, evaporated, strongly oriented
2H PbI2 did not enable full conversion as we showed by deposi-
tion of PbI2 at different substrate temperatures. Other works
have concluded orientational properties of the precursor layer
to be a decisive factor for conversion. For ðCs;FAÞPbI3, a highly
textured PbI2 precursor layer was fabricated by Li et al, which
included PbCl2 and CsI to enable an isotropic growth of the pre-
cursor and full perovskite conversion.[15] Another group used
a vapor treatment to promote face-up orientation of the PbI4�6
octahedra to enhance diffusion of MAI and conversion of PbI2
to MAPbI3.

[38] Possibly, the influence of orientation on perov-
skite conversion is stronger for the 2H than for the 6R polytype.

We observed full conversion to the perovskite phase for
both 2H and 6R polytypes in different preferential orientations.
Thus, we suspect PbI2 porosity to also play a role in the diffusion
reaction. In sequence B, porosity could inhibit FAI diffusion
into the PbI2 by forming diffusion bottle necks or promoting
Volmer–Weber island growth of the FAI. In sequence A, the pre-
deposited FAI layer could suppress island growth of the PbI2 and
enable more homogeneous Stranski–Krastanov layer-plus-island
or even Frank–van der Merwe layer-by-layer PbI2 growth, result-
ing in a more compact structure for further reaction.

Several works have shown porosity of the PbI2 precursor plays
a role in two-step spin-coating, where a porous layer is mainly
seen as an advantage for easier infiltration by the organic cation
solution.[21,57–59] Astonishingly in blade-coating, compactness
has been observed to be more favorable for conversion.[60]

However, porosity versus compactness is a blank slate in the field
of sequential evaporation and uniform quantification is needed.
We strongly encourage further research in this direction, since
porosity could be a major difference maker, as it has proven to be
for wet-chemical sequential deposition processing. One option to

potentially improve the compactness of the evaporated lead
halide layers that we currently contemplate is the evaporation
of small amounts PbCl2 in the future.

3.3. Halide Exchange in Mixed-Halide Layer Stacks

Next, we investigated two mixed-halide sequences. We showed
that both Br-1 and Br-split sequences yield a single mixed-halide
perovskite ðCs; FAÞPbðI;BrÞ3 phase.

Both processes exhibited two I-/Br-rich perovskite phases that
combined during annealing. Interestingly, the halide exchange
reaction between these initial perovskite phases exhibited differ-
ent speeds for both sequences. When the A cations were between
PbBr2 and PbI2 in Br-split, Br-rich, and I-rich perovskite phases
already formed during evaporation and coexisted significantly
longer during annealing compared to Br-1. In Br-1, PbBr2 and
PbI2 were located adjacent to each other and only an I-rich perov-
skite phase was observed during evaporation. During annealing,
a Br-rich phase formed briefly, but quickly combined with the I-
rich phase to form a single perovskite phase. We suspect this to
be caused by the low thickness of the initial Br-rich layer, since
the perovskite phase is not in direct contact with the PbBr2,
which provides Br to the perovskite. During annealing of Br-
1, PbBr2 exchanges Br� ions with I� ions, enriching the perov-
skite phase with Br and rendering a segregated PbI2 phase in the
final film.

In Br-split in contrast, the two initial perovskite phases com-
bined comparably slowly. Therefore, it seems that less energy is
needed to incorporate Br into an existing I-rich perovskite lattice,
than to combine Br- and I-rich perovskite phases. This makes
sense, since, in Br-split, both Br� and the larger I� ions have
to diffuse through the perovskite, whereas this was only Br� in
sequence Br-1. This is supported by previous results, according
to which the conversion from MAPbI3 to MAPbBr3 is energeti-
cally easier than the opposite direction.[61] Additionally, the
diffusion coefficients of Br� ions in MAPbI3 were found to be
an order of magnitude larger than for I� ions in MAPbBr3,

[62]

adding to the idea that the diffusion of I� ions slows down the
formation of the mixed-halide perovskite in Br-1.

3.4. Absence of δ Phase

In this work in general, we did not once observe a FAPbI3 δ
phase during growth and annealing of our layers using in situ
XRD. Feng et al. showed similar results, but do not discuss this
effect.[6] However, the δ phase is the preferred configuration
at room temperature and is usually reported to form during
co-evaporation, requiring a hot annealing step at 145–170 °C for
the conversion into the α phase.[11,63–65] By employing sequential
evaporation and avoiding δ phase formation in the first place, the
annealing temperature could be reduced to 100 °C in our work
and even 80 °C in others.[6] This could even be further optimized
by creating optimal diffusion reaction conditions through precur-
sor engineering.[15,44] At first glance, the favored α phase growth
could be an intrinsic effect of the diffusion reaction, requiring
less energy to transform hexagonal PbI2 to the cubic perovskite
phase than the δ phase, even though the latter is also hexagonal.
Nonetheless, we speculate that this behavior is incentivized by
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the diffusion limitation of FAI into PbI2 at room temperature,
but not into FAPbI3. It follows, that an excess of FAI is present
at the interface and during initial perovskite formation, favoring
the α phase.[34–36,65] Still, several open questions in this regard
remain, and we hope that this work encourages further investi-
gation in this line.

4. Conclusion

We have prepared ðCs;FAÞPbX3 perovskite layers using a
scarcely explored deposition process via sequential thermal evap-
oration and annealing in a vacuum chamber. This processing
route enables ease of scalability and a well-defined stoichiometry
control, because the thickness of each individual component can
be determined individually. We tested different precursor orders,
ratios, and deposition conditions to study their impact on the
perovskite conversion dynamics. We observe a barely known
PbI2 6R polytype, and found that this polytype might enhance
the conversion. We used in situ XRD to monitor the phase evo-
lution of perovskite components CsI, FAI, PbI2, and PbBr2 dur-
ing deposition at room temperature and post annealing at 100 °C.

For ðCs;FAÞPbI3, we focused on two sequences: PbI2–FAI–CsI
(sequence A) and CsI–FAI–PbI2 (sequence B). In sequence A,
PbI2 grew mainly in its 6R polytype and the stoichiometric layer
was fully converted to the perovskite α phase after annealing.
However, in the SEM images, we observed voids at the interface
to the substrate. Further, when we evaporated different shares of
PbI2 as first and last layers, respectively, we observed void forma-
tion at different positions in the stoichiometric layer according to
the position of the FAI precursor. In sequence B, PbI2 growth was
dominated by its 2H polytype and void formation did not occur.
However, the stoichiometric layer could not be fully converted to
the perovskite phase during annealing, unless we deposited an os
amount of FAI during the sequence or post deposition.

From the void formation, we deduce that it is FAI that domi-
nantly diffuses into the PbI2, while PbI2 mainly remains at its
initial location. CsI will then diffuse into the perovskite lattice.
It follows that FAI diffusion and perovskite formation strongly
depend on the layer properties and morphology of PbI2 precur-
sor. Although we cannot pinpoint one decisive property to influ-
ence the strong difference in diffusion and reaction behavior in
sequences A and B, we assign it to a combination of PbI2 poly-
type, (surface) orientation, roughness, and porosity and strongly
encourage further research in this direction.

For the deposition of ðCs;FAÞPbðI;BrÞ3, we investigated
two evaporation sequences: PbBr2–PbI2–FAI–CsI (Br–1) and
PbBr2–FAI–CsI–PbI2 (Br-split). During evaporation, we observed
the formation of an I-rich perovskite phase in Br-1, but in total two
distinct perovskite phases (I-rich and Br-rich) in Br-split. This
resulted in a much faster transition to a single mixed-halide phase
in Br-1 compared to Br-split. We relate this to the sterically favored
integration of Br� ions into the I-rich lattice in Br-1, compared to
the integration of I� ions into the Br-rich lattice as in the Br-split
experiment.

Astonishingly, we observed no δ phase in all samples through-
out sequential evaporation at room temperature and annealing.
Therefore, no additional thermal energy is needed to induce the
phase transformation from δ to α phase. Consequently,

compared to co-evaporation, a far lower annealing temperature
is needed for the perovskite formation, which, in combination
with the simplified process control, might provide an important
asset in large-scale industrial processing, making sequential
evaporation a promising path for further research.

5. Experimental Section

Substrates: We used commercial glass substrates coated with ITO
(15Ωsq, provided by Kintec). Cleaning was done in an ultrasonic bath,
subsequently in water with 1% EMAG EM-080 cleaning soap, isopropyl
alcohol (IPA), and acetone for 15 min each. For sequences A and B, to
produce conditions for perovskite growth on an HTL, a 25 nm thick
NiO layer was deposited via e-beam evaporation. Due to an adjustment
in process conduct, instead of NiO, Poly(triaryl amine) or Poly[bis
(4-phenyl)(2,4,6-trimethylphenyl)amine] (PTAA) was spin-coated from a
5mgml�1 solution in toluene with 2,3,5,6-tetrafluoro-7,7,8,8-tetracyano-
quinodimethane doping for all other samples. After HTL deposition,
the samples were transferred to a glove box attached to the in situ
evaporation chamber, in which the perovskite layers were evaporated.

Perovskite Deposition: The evaporated materials CsI, PbI2 (both
99.999%, Thermo Scientific), FAI (>99.5%, Ossila), and PbBr2 (99.999%,
Sigma) were handled in a glove box attached to the evaporation chamber
and used as received. We sequentially deposited perovskite layers via
thermal evaporation. CsI, FAI, PbI2, and PbBr2 were deposited at
0.5–1, 0.8–1.6, 0.5–1.6, and 0.7� 1.2Ås�1, respectively. For sequences A,
processes with split PbI2 and B the CsI, FAI, and PbI2 thicknesses were 21,
224, and 261 nm, resulting in a final nominal composition of
ðCs0.1FA0.9ÞPbI3 with a theoretical bandgap energy of 1.5 eV.[66] When pre-
paring I/Br mixed-halide layers, CsI and FAI thicknesses were kept the
same and 115 nm of PbBr2 and 106 nm of PbI2 were evaporated yielding
the final nominal composition (Cs0.1FA0.9)Pb(I0.6Br0.4Þ 3 with a theoretical
bandgap energy of 1.72 eV.[66] Thicknesses were monitored using a quartz
crystal microbalance. The base pressure of the system was 3� 4 ⋅ 10�5

mbar owing to the Kapton windows that allow a transmission of X-rays
for the in situ XRD measurement. The chamber pressure was monitored
with an Edwards WRGS-NW35 wide range gauge and increased to up to
1� 10�4 mbar during the processes due to thermal radiation of the heated
material sources.

XRD Measurement: During evaporation, XRD was measured in situ
through exchangeable Kapton windows in the walls of the evaporation
chamber. We used Cu-Kα radiation with a wavelength of 1.54Å generated
at 1.4 kW (35 kV, 40mA). A linear detector consisting of three Dectris
Mythen 1 K modules enabled the measurement of a 28° angular 2Θ range.
This was set from 8° to 36° during our experiments. The occurring Kβ radi-
ation was attenuated by a Ni filter to 5% of the Kα intensity. Using the same
setup, we measuredΘ–Θ scans from 10° to 50°. Peak fitting for calculation
of the integrated peak area (Int. I) was performed with PDXL version
2.8.1.1 by Rigaku Inc., using a split pseudo-Voigt peak fit.

Film Characterization: SEM was measured using a Zeiss Supra 40 VP.
Cross section and top-view images were taken at 1–3 kV employing a sec-
ondary electron in-lens detector. In the same SEM, we used a Bruker detec-
tor with the EDX analysis program ESPRIT. EDX measurements were done
at 10 kV, a working distance of 8 mm, and a magnification of 500. For
quantification, Pb M-lines and I, Br, and Cs L-lines were used. A standard-
less peak to background (P/B) Z-atomic number, A-absorption correction
factor, F-fluorescence correction factor (ZAF) fitting was applied for back-
ground correction.
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Concluding Discussion

A great advantage of sequential evaporation in [H4] is the absence of the δ phase
during preparation. FAI and PbI2 are expected to react immediately forming the
perovskite phase close to the interface. The FAI is not transported through the
PbI2, but only through the perovskite. Due to the perovskite’s ability to contain
excess FAI and allow for its diffusion, the perovskite formation at the interface
is postulated to be rich in FAI. As determined in section 4.4, this incentivizes
δ phase suppression. Accordingly, a fast diffusion reaction occurs at the beginning
due to the large concentration gradient of FAI driving the diffusion through the
perovskite structure. Logically, the diffusion is slowed down during the perovskite
formation throughout the layer stack since the gradient is flattened. Surprisingly,
the observation that the δ phase is intrinsically suppressed during sequential
evaporation has not been a topic of discussion, yet, but is confirmed by a recent
study by Lin et al. [312].

(Q3), which adresses the perpetuation of initial perovskite crystallization to-
wards the bulk, should be considered here, since the initial preference to grow in
the α phase is perpetuated to later stages of the preparation in [H4]. In addition, it
can be speculated that dynamic preparation of absorbers based on FAPbI3 should
be conceivable, possibly bearing several advantages compared to co-evaporation:
(i) δ phase suppression at lower temperatures similar to sequential evaporation
(ii) modification of interface properties by stoichiometric variation (iii) more re-
liable diffusion reaction to the perovskite phase as during complete sequential
evaporation due to the lower thickness of the precursor layers.

Henceforth, thoughts are developed towards the influence of interface stoi-
chiometric and compositional modifications on the PSC performance [(Q4)]. The
diffusion limitation of FAI may be expected to induce a gradient in A/B cation
ratio, even though this was only suggested by the SEM images for the schemes
with overstoichiometric FAI deposition, namely Bos and Bpost in [H4]. Still,
e.g. in sequence B (PbI2-FAI-CsI), the ratio of FAI to PbI2 may be anticipated
to decrease monotonously from the surface to the substrate. It follows that the
preparation of layers with modified interfaces or graded absorber layers - as Li et
al. have done via co-evaporation for MAPbI3 [40] - may be possible via sequen-
tial evaporation by controlling the diffusion. Feng et al. controlled the diffusion
reaction of sequentially deposited films via thermal evaporation by varying the
post-deposition annealing temperature [220]. Their deposition sequence was PbI2-
FAI-CsI in an n-i-p device structure. The optimum annealing temperature was
60◦C, minimizing the segregated PbI2 in the final layer and optimizing optoelec-
tronic properties. Still, residual PbI2 was observed via XRD (not via SEM) in
their optimized absorber and may be attributed to a thin layer at the interface
to the ETL due to the sequential process conduct. Therefore, a stoichiometric
gradient within their layer is likely to have existed. In a successful work by Wang
et al. they employed spin-coated PbI2 and subsequent evaporation of FAI in an n-
i-p device for above 24 % efficiency showing a strong signal of residual PbI2 [186].
For their champion device with an efficiency above 24 % Li et al. evaporated the
PbI2 first (and improved diffusion by co-evaporating a small amount of PbCl2)
in a sequential process for devices in the n-i-p structure [39]. They optimized
the annealing time so that the perovskite’s orientation was as homogeneous as
possible. Their annealing stretched beyond the full conversion of the layer to the
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perovskite phase and ended when the layer again began to decompose, presum-
ably this enabled passivation by the excess PbI2. Therefore, a grading of their
final layer may not be assumed as easily.

To-date, all works investigating sequential evaporation for PSCs evaporate
the lead halide first, mostly in an n-i-p structure [39,218,310–314]. Nonetheless,
PSCs based on FAPbI3 have been investigated in the p-i-n structure [201] and
in a rather successful work by Li et al. they reach 20 % efficiency by enhancing
the precursor reaction by vapor-treatment of the PbI2 precursor [315]. Still, a
residual PbI2 peak is observed in the XRD. Consequently, even though the highest
efficiencies for sequentially prepared devices have been achieved in n-i-p devices
and some evidence exists towards advantageous influence of residual PbI2 layers
at the ETL/perovskite interfaces in the above mentioned works, the influence
of interface modification on PSC performance [(Q4)] should be studied in more
detail.

Finally, the diffusion limitations during sequential evaporation [(Q5)] are stud-
ied in [H4] and the formation of a single-phase perovskite thin film from sequen-
tially evaporated precursors is shown via XRD for sequences A and split PbI2
(PbI2-FAI-CsI-PbI2). Nonetheless, the SEM image of sequence A shows crystal-
lites with distinct properties suggesting separated phases in the thin film. The
sequence with split PbI2 allows for full conversion, but enhances the void forma-
tion in the layer. From these results and the literature discussed above, sequence
B (PbI2-FAI-CsI) may be the only practical sequence. Even though a full layer
conversion proved difficult via sequence B for (Cs,FA)PbI3 in [H4], other groups
have succeeded by different variations in their processing scheme as discussed
above.

An interesting study published during review of [H4] was performed by Lin et
al. on the sequential evaporation of FAPbI3 via sequence B [312]. They found the
α phase to hinder the diffusion of FAI and its distribution throughout the layer
stack, leaving segregated PbI2 at the substrate interface. Therefore, a trans-
formation to the δ phase was induced by exposing the layer to high humidity
which enabled a complete diffusion reaction of the layer stack, before a final an-
nealing step was performed transforming the layer back to the α phase. The
improved diffusion was ascribed to the greater interplanary distance of the face-
sharing PbI 4–

6 octahedra in the δ phase and the reaction between FAI and H2O,
forming FA+ and I– [312] which have higher diffusibility compared to FAI [316],
consequently lowering the calculated diffusion barrier for FA+ [312]. Their final
optimized devices achieved up to 22 % efficiency in an n-i-p structure.

However, other groups have succeeded at preparing high performance PSCs
via sequence B modifying only the PbI2 by incorporating low amounts of CsBr
[186, 201], CsI [39] and/or PbCl2 [39, 310], through vapor treatment [315] or by
solution-based preparation [186]. Thus, several paths exist towards full trans-
formation to the α phase for layer stacks deposited via sequence B and their
individual advantages will have to be determined in future studies.
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4.6 Additional Results

4.6.1 Thermal Decomposition of FAPbI3

Opening Remarks

Few measurements have been conducted to investigate the thermal decomposition
behavior of FAPbI3 and the determined values for the activation energy E range
from 95 to 115 kJmol−1 and the frequency factor A from 7 to 15. This is owed
to the application of different preparational methods and heating schemes during
decomposition between the previous works [317–319] of which none uses thermal
evaporation. To test the limits of FAPbI3 prepared via thermal evaporation and to
enable a comparison to the previous work by Burwig et al. [320] FAI and PbI2 are
co-evaporated and, among others, several isothermal decomposition experiments
are conducted using the in situ XRD in [H5].

Closing Discussion

The determined activation energy E=125.1 kJmol−1 and frequency factor A=21.1
were used to calculate the rate constant of the thermal decomposition k via
the equation k = A expE/RT with the temperature T and the universal gas
constant R. With this approach, a direct comparison of MAPbI3 and FAPbI3,
each prepared as a thin film via co-evaporation and decomposed under vacuum,
is enabled and the decomposition temperature of FAPbI3 was found to be higher
than for MAPbI3 by about 45◦C. Therefore, under operational conditions in a
solar cell, at which 85◦C can be reached [63,64], FAPbI3 may exhibit significantly
higher long-term stability as an absorber compared to MAPbI3.

4.6.2 Co-Evaporated Cs2AgBiBr6 Quartenary Perovskite

Opening Remarks

Two relevant drawbacks of perovskites such as MAPbI3 or (Cs,FA)Pb(I,Br)3 are
that these compounds contain the toxic element Pb and exhibit limited stability
due to their organic components. Therefore, Pb-free inorganic perovskite com-
pounds with band gaps in the visible region could have an advantage. When
replacing Pb with Sn, the band gap is slightly lowered and many advantageous
properties are preserved, but the Sn2+ quickly oxidizes to Sn4+, decomposing the
perovskite. The quartenary perovskite Cs2AgBiBr6 has a good stability against
moisture, light and heat [321–323] and exhibits a band gap of 1.9 eV, therefore
making it potentially interesting in a perovskite solar cell. [H6] investigates the
co-evaporation of the quartenary perovskite and its application in solar cells and
was presented at the 36th EUPVSEC conference.

Closing Discussion

The presented solar cells made from co-evaporated Cs2AgBiBr6 showed an effi-
ciency of 0.5 % compared to 10 % of MAPbI3 in the same structure. This is at-
tributed to a low short-circuit current density, which has previously been observed
in the literature [20, 322, 324]. In a TEM microscopy image the co-evaporated
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layers exhibited large voids in the bulk which may be caused by the volatiliza-
tion of BiBr3 or other growth-related reasons. To exclude the volatilization of
BiBr3 the high annealing temperature of 250◦C could be optimized. The results
in [H6] showcase the possibility and comparable ease to deposit Cs2AgBiBr6 via
co-evaporation, but convincing efficiencies remain absent. However, efficiencies
of Cs2AgBiBr6 solar cells have reached 6.4 % in 2022 by lowering the band gap to
1.64 eV [325], revealing there is still room for improvement in this direction. In
addition, the material remains an excellent contender for the application in high
energy photon and X-ray detectors [326–328].
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4.7 Conclusions and Outlook

This work has provided several novel approaches and results concerning the ther-
mal evaporation of MHPs and contributed towards closing the knowledge gap
between solution-based and vapor phase deposition methods. The compositional
and stoichiometrical phase space of bulk MAPbI3 and absorbers based on FAPbI3
were explored [(Q1)]. For both materials, excess PbI2 segregates immediately
and excess A-cation species do not crystallize as a separate phase up to very
high excess values. For MAPbI3, an increased crystallinity of the 3D tetragonal
perovskite phase was observed for PbI2 rich conditions as well as MAI rich bulk
conditions, which may be connected to the influence of the substrate on nucleation
behavior. In general, MAI excess is expected to contribute to higher crystallinity
with a higher probability. An increasing excess of FAI increasingly promotes the
3D cubic perovskite phase (α phase) while suppressing the non-perovskite hexag-
onal phase (δ phase) in FAPbI3 at room temperature. However, the observed
crystallinity is not the only decisive factor when considering the influence of stoi-
chiometry on PSC performance [(Q2)]. A certain range of MAI/PbI2 or FAI/PbI2
ratios situated around the stoichiometric ratio of three seems to exist in which the
preparation of high-efficiency PSCs is possible. However, the efficiency rapidly
degrades outside of this range for MAPbI3 (extensive experiments for FAPbI3 are
missing).

A vital idea introduced within this thesis is the variation of co-evaporation
by dynamic processing. The dynamic evaporation approaches pursued in this
thesis for MAPbI3 allowed to determine the strong benign effect of seed layers
towards bulk crystallization [(Q3)] and the paramount influence of interface tun-
ing/modification by the pre- and post-evaporation of the components MAI and
PbI2 on PSC performance [(Q4)]. However, the interfacial reaction itself may even
play a secondary role, but the self-doping mechanism in perovskites can induce
advantageous band bending towards the interfaces that can be exploited.

Finally, the possibilities and limits of sequential evaporation were explored
[(Q5)] and the diffusion mechanism dominated by the FAI in absorbers based
on FAPbI3 was showcased by various previously unexplored precursor deposition
sequences. Most pivotal, the δ phase was completely absent showing that se-
quential evaporation clearly favors α phase growth. From the results obtained
and discussed in this thesis, the only viable sequence is based on the evaporation
of the lead halide first (sequence B), since otherwise mechanically critical voids
are generated by the upwards diffusion of the FAI. However, the lead halide layer
needs to be prepared or treated in a certain way to allow for a sufficient diffusion
reaction in sequence B.

Since perovskites based on FAPbI3 are the current standard, in the future,
more effort should be put in researching their preparation via evaporation for
efficient upscaling. Abzieher et al. discuss the prospect of vapor phase deposition
for industrial scale production of PSCs and find a strong discrepancy between (i)
the focus of research facilities on solution-based approaches (over 99 % of publica-
tions on PSCs in 2021 have used solution-based approaches) (ii) the high perfor-
mance of evaporated PSCs compared to the scarce amount of research invested
(above 24 % vs. 26.1 % for a solution-based approach [2]) (iii) the well-balanced
investments of upcoming industrial PSC producers towards fabrication via solu-
tion and vapor deposition techniques and (iv) the heavy focus of established thin
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film industry (module and equipment manufacturers) on vapor deposition [329].
In addition, Abzieher et al. strongly encourage research on processing schemes
other than co-evaporation such as sequential evaporation to tackle disadvantages
exhibited by co-evaporation compared to solution preparation, e.g. small crystal-
lite sizes. Sequential evaporation facilitates good process control by decoupling
the monitoring of deposition and film formation. It also offers an alternative
crystallization path which may be the reason why it has enabled the highest effi-
ciencies by far out of all vapor phase deposition techniques, mainly by improving
the VOC [39].

However, even though (i) the self-doping effect has been observed in FAPbI3
[330] (ii) the sequential deposition approach intrinsically suggests gradients of
the AX and BX2 components in the reacted layer (iii) the best results have been
obtained in the n-i-p structure which would favor the potential band bending
induced by sequence B [39, 186], the advantageous band bending unveiled by
dynamic processing [H1,H2] [40,286] has not been utilized for sequentially evap-
orated perovskites based on FAPbI3, yet. Therefore, to further improve PSCs
prepared via sequential evaporation, the knowledge obtained on interfacial tun-
ing by dynamic processing in this thesis should be considered.
In consequence, several specific suggestions can be made on possible continuations
of the work in this thesis:

1. The diffusion behaviour of FAI and PbI2 during sequential evaporation
should be quantified further by using different precursors, precursor thick-
nesses and annealing temperatures. Mixing PbI2 with other precursors
(e.g. PbBr2, PbCl2 and/or CsI, CsBr) is expected to yield a significant
improvement of the diffusion behavior. In any case, the morphology of the
deposited PbX2 precursor layer needs to be controlled in detail.

2. The success that dynamic evaporation has had in the context of MAPbI3
PSCs may transfer to similar success for PSCs based on FAPbI3. Therefore,
the implications of local stoichiometric deviations and Fermi-level grading
resulting from dynamic and sequential evaporation ought to be studied.

3. More generally, the influence of stoichiometry on the behavior of PSC de-
vices based on FAPbI3 should be defined in more detail. Explicit compar-
isons of PSCs with a range of different stoichiometries (excess/deficiency
of FAI) in the final film may enable improved performance and stability.
Specifically, films rich in FAI have not been investigated in great detail,
yet.
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5 Summary

In this thesis, the limits and prospects of the thermal evaporation of organic-
inorganic metal halide perovskites (MHPs) for photovoltaic applications were ex-
plored. The main goal of this thesis was to explore untapped potentials of physical
vapor deposition techniques and introduce variations of the processing conditions
by e.g. dynamizing the (co-)evaporation schemes, to analyze the phase evolution
during film formation with an in situ XRD setup attached to the evaporation
chamber and relate this to optoelectronic properties of the deposited perovskite
absorber film.

In [H1], the impact of bulk and initial growth conditions on MAPbI3 crys-
tal growth and its implications in n-i-p solar cells was examined. During co-
evaporation of MAI and PbI2 the growth of MAPbI3 is initiated by PbI2 nu-
cleation. This subsequently increases the otherwise low MAI condensation rate
on the substrate, so that, after the formation of an initial PbI2 seed layer, subse-
quently the perovskite is formed. Optimum bulk growth conditions were obtained
with a PbI2 deposition rate of 0.2 Å per second and an intermediate chamber
pressure of 7.5 × 10−5 mbar. With these conditions, maximum solar cell effi-
ciencies of 14 % were achieved with low hysteresis for perovskite solar cells in an
ITO/SnO2/C60/MAPbI3/PTAA/Au architecture. Subsequently, a novel dynamic
co-evaporation scheme was introduced that enables a better control of the initial
nucleation by deliberately evaporating PbI2 seed layers with different thicknesses
prior to the previously optimized co-evaporation for bulk perovskite growth. This
dynamic evaporation allows for the layer-depth-dependent control of stoichiome-
try and is only possible via evaporation. A thin initial PbI2 precursor layer proved
to be crucial for the preparation of efficient solar cells, while an MAI-rich initial
phase at the start of the perovskite growth led to non-functional devices. The
impact of the PbI2 seed layer was discussed in the context of improved interface
properties and/or improved bulk growth as a result of favorable initial nucleation.

In continuation to [H1], the dynamic evaporation approach was transferred
to p-i-n solar cells in [H2]. By comparing the above results for standard n-i-p
devices with solar cells in the inverted structure, the impact of bulk and interface
properties could be untangled. Several novel dynamic evaporation schemes were
conducted including the deposition of thin PbI2 and MAI precursors and post-
deposition of a thin PbI2 layer. Astonishingly, in the p-i-n device the PbI2 pre-
cursor layer (with optimized thickness according to [H1]) yielded lower efficiency
compared to cells with MAPbI3 absorbers prepared via standard co-evaporation.
However, an MAI precursor layer improved the efficiency compared to standard
co-evaporation and additional post-deposition of a PbI2 layer produced the high-
est efficiency. Based on these results and the discussed literature, the precursor
layers induce improved crystallinity by preventing lattice stress that would oth-
erwise be induced by lattice mismatch of the substrate and the perovskite. These
results were interpreted in view of an improved charge extraction, with two hy-
pothetical models involving charge carrier blocking at the interface and band
bending through stoichiometry variations.

The combined interpretation of these two works lead to the conclusion and im-
portant finding that dynamic processing including pre/post-deposition of excess
MAI/PbI2 is a very favorable approach towards optimized solar cell absorbers,
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emphasizing the importance of initial process conditions and the need for MAI-
rich interfaces at the interface to the hole transport layer, and PbI2-rich interfaces
at the electron extracting side. The likely cause for enhanced charge extraction is
the beneficial band-bending towards the interfaces between perovskite and charge
extraction layers produced by the locally enhanced stoichiometry-induced self-
doping effect of MHPs: An excess of PbI2 causes n-doping while an excess of
MAI causes p-doping [115, 292]. Therefore, p-doping near the hole transporting
layer (HTL) improves hole extraction and electron blocking towards the HTL and
n-doping near the electron transporting layer (ETL) improves electron extraction
and hole blocking towards the ETL.

Subsequently, in [H3] the phase space for the to-date most prominent per-
ovskite absorbers based on FAPbI3 was explored through systematic composi-
tional variations. The bulk stoichiometry during co-evaporation was varied in
terms of the AX/BX2 ratio (determined via the X/Pb ratio from EDX) for growth
of FAPbI3, (Cs,FA)PbI3 and (Cs,FA)Pb(I,Br)3 absorbers. For X/Pb ratios below
3, the excess PbX2 clearly formed a segregated crystalline phase in all composi-
tions and for X/Pb above 3 no crystalline PbX2 was observed by XRD. In contrast
to this, an excess of FAI and/or CsI did not lead to the observation of any sec-
ondary phase segregations, indicating an intercalation of FAI and CsI into the
perovskite structure and/or their accumulation at grain boundaries. For compo-
sitions without Br, the δ phase was clearly identified for stoichiometric composi-
tions during growth at room temperature. However, when an overstoichiometric
amount of FAI was incorporated into FAPbI3, within a certain I/Pb threshold
range the α phase became preferred and the formation of the detrimental δ phase
could successfully be suppressed. With inclusion of CsI, the threshold for full
suppression of the δ phase was possible at an I/Pb ratio of about 3.6. With an in-
creased share of A-cations, the observed crystallinity also increased. Further, the
use of Br reduced the threshold to 2.6, supposedly due to the strong stabilization
of the α phase by Br. For PbX2 excess in (Cs,FA)Pb(I,Br)3, Br was incorporated
into the perovskite structure and PbI2 segregated. These findings provide a clear
picture of the compositional range for single-phase perovskite growth and the
positive impact of (i) FAI-rich synthesis, (ii) Cs- and (iii) Br-incorporation. The
benefit of these synthesis paths lies in the possibility to grow at room temperature
and omit any post-annealing for the formation of the α phase. The effect lead-
ing to the suppression of the δ phase formation was discussed in this thesis and
was assigned to the lower energy of FAI-terminated grain surfaces in the α phase
(than in the δ phase) compared to arbitrary chemical surface-terminations [82].
This is in line with literature work showing that conditions (i)-(iii) also positively
influence solar cell [23, 80,291] and diode efficiencies [84,304].

The final publication [H4] investigated the perovskite formation from sequen-
tially evaporated precursors in a variety of sequences during evaporation and
annealing up to 100◦C. The initial reaction between the AX species (CsI and
FAI) and PbI2 was assigned to the FAI, since CsI and PbI2 only reacted at far
higher temperatures. Sequence A (CsI-FAI-PbI2) allowed for full conversion of
the layer stack to the perovskite phase, but exhibited voids at the interface to
the substrate, suggesting upwards diffusion of the FAI. In four experiments with
split evaporation of different shares x of the total amount of PbI2 in the sequence
xPbI2-FAI-CsI-(1-x)PbI2, this diffusion behavior was confirmed. Therein, the
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formed voids shifted within the layer according to the original position of the FAI
within the evaporated stacks. Layers prepared via sequence B (PbI2-FAI-CsI) ex-
hibited no voids, but the complete conversion of the layer stack proved to be less
simple. Although alterations of the PbI2 deposition aiming at the improvement
of the PbI2 morphology in favor of a complete conversion of the PbI2 precursor
were attempted, the latter was only achieved with an overstoichiometric share of
FAI. Successful methods for the modification of PbI2 precursors and the perfor-
mance of solar cells with sequentially evaporated perovskite absorbers from the
literature were discussed and related to the efforts undertaken in [H4].

This thesis successfully explored the stoichiometric and compositional phase
space of MHPs based on MAPbI3 and FAPbI3 prepared by static and dynamic
evaporation. In summary, the influence of bulk and interface stoichiometry on
crystal growth and solar cell performance were studied. Dynamic evaporation was
successfully used for the first time to induce band bending by self-doping which
can be exploited for improved charge transport in MAPbI3. The phase space
for exclusive FAPbI3 α phase growth from physical vapor deposition methods
was established and methods based on stoichiometry engineering and sequential
deposition were developed to successfully suppress the δ phase. These findings
bear fundamental insights into the absorber formation from the vapor phase and
give important guidelines for the future prosperous development of perovskite
absorbers from dry, vacuum-based deposition methods with a large up-scaling
potential.
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Haug, J.-H. Yum, C. Ballif, The Journal of Physical Chemistry Letters 2014,
5, 6 1035, publisher: American Chemical Society.

[92] I. L. Braly, H. W. Hillhouse, The Journal of Physical Chemistry C 2016,
120, 2 893, publisher: American Chemical Society.

[93] E. T. Hoke, D. J. Slotcavage, E. R. Dohner, A. R. Bowring, H. I. Karunadasa,
M. D. McGehee, Chemical Science 2015, 6, 1 613, publisher: Royal Society
of Chemistry.

[94] S. Akin, E. Akman, S. Sonmezoglu, Advanced
Functional Materials 2020, 30, 28 2002964, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/adfm.202002964.

[95] Z. Xie, S. Sun, Y. Yan, L. Zhang, R. Hou, F. Tian, G. G. Qin, Journal of
Physics: Condensed Matter 2017, 29, 24 245702, publisher: IOP Publishing.

[96] S. Pang, H. Hu, J. Zhang, S. Lv, Y. Yu, F. Wei, T. Qin, H. Xu, Z. Liu, G. Cui,
Chemistry of Materials 2014, 26, 3 1485, publisher: American Chemical
Society.

[97] N. Pellet, P. Gao, G. Gregori, T.-Y. Yang, M. K. Nazeeruddin, J. Maier,
M. Grätzel, Angewandte Chemie International Edition 2014, 53, 12 3151,
eprint: https://onlinelibrary.wiley.com/doi/pdf/10.1002/anie.201309361.

[98] R. Jono, H. Segawa, Chemistry Letters 2019, 48, 8 877.

[99] G. E. Eperon, T. Leijtens, K. A. Bush, R. Prasanna, T. Green, J. T.-W.
Wang, D. P. McMeekin, G. Volonakis, R. L. Milot, R. May, A. Palmstrom,
D. J. Slotcavage, R. A. Belisle, J. B. Patel, E. S. Parrott, R. J. Sutton, W. Ma,
F. Moghadam, B. Conings, A. Babayigit, H.-G. Boyen, S. Bent, F. Giustino,
L. M. Herz, M. B. Johnston, M. D. McGehee, H. J. Snaith, Science 2016, 354,
6314 861, publisher: American Association for the Advancement of Science.

137



[100] A. M. Igual-Muñoz, J. Ávila, P. P. Boix, H. J.
Bolink, Solar RRL 2020, 4, 2 1900283, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/solr.201900283.

[101] Q. Gao, H. Sahin, J. Kang, S.-H. Wei, Physical Review B 2021, 104, 6
064204, publisher: American Physical Society.

[102] E. S. Parrott, T. Green, R. L. Milot, M. B. Johnston, H. J. Snaith,
L. M. Herz, Advanced Functional Materials 2018, 28, 33 1802803, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/adfm.201802803.

[103] A. Rajagopal, R. J. Stoddard, H. W. Hillhouse, A. K.-Y. Jen, Journal of
Materials Chemistry A 2019, 7, 27 16285, publisher: The Royal Society of
Chemistry.

[104] Y. J. Ahn, S. G. Ji, J. Y. Kim, Journal of the Korean Ceramic Society
2021.

[105] K. Xiao, Y.-H. Lin, M. Zhang, R. D. J. Oliver, X. Wang, Z. Liu, X. Luo,
J. Li, D. Lai, H. Luo, R. Lin, J. Xu, Y. Hou, H. J. Snaith, H. Tan, Science
2022, 376, 6594 762, publisher: American Association for the Advancement
of Science.

[106] G. E. Eperon, C. E. Beck, H. J. Snaith, Materials Horizons 2016, 3, 1 63,
publisher: Royal Society of Chemistry.

[107] P. Würfel, Physik der Solarzellen, Spektrum, 2 edition, 2000.

[108] L. M. Pazos-Outón, T. P. Xiao, E. Yablonovitch, The Journal of Physical
Chemistry Letters 2018, 9, 7 1703, publisher: American Chemical Society.

[109] P. Fassl, V. Lami, F. J. Berger, L. M. Falk, J. Zaumseil, B. S. Richards,
I. A. Howard, Y. Vaynzof, U. W. Paetzold, Matter 2021, 4, 4 1391.

[110] J. M. Richter, M. Abdi-Jalebi, A. Sadhanala, M. Tabachnyk, J. P. H. Rivett,
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X. Borrisé, M. Bonn, C. Bao, X. Sun, S. M. Zakeeruddin, L. Emsley, J. Arbiol,
F. Gao, F. Fu, H. I. Wang, K.-J. Tielrooij, S. D. Stranks, S. Tao, M. Grätzel,
A. Hagfeldt, M. Lira-Cantu, Joule 2021, 5, 5 1246.

[162] N. Aristidou, I. Sanchez-Molina, T. Chotchuangchutchaval,
M. Brown, L. Martinez, T. Rath, S. A. Haque, Ange-
wandte Chemie International Edition 2015, 54, 28 8208, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/anie.201503153.

[163] Y. Ouyang, Y. Li, P. Zhu, Q. Li, Y. Gao, J. Tong, L. Shi, Q. Zhou, C. Ling,
Q. Chen, Z. Deng, H. Tan, W. Deng, J. Wang, Journal of Materials Chemistry
A 2019, 7, 5 2275, publisher: The Royal Society of Chemistry.

[164] F. T. F. O’Mahony, Y. Hui Lee, C. Jellett, S. Dmitrov, D. T. J. Bryant,
J. R. Durrant, B. C. O’Regan, M. Graetzel, M. K. Nazeeruddin, S. A. Haque,
Journal of Materials Chemistry A 2015, 3, 14 7219, publisher: Royal Society
of Chemistry.

[165] Y. Guo, C. Li, Y. Xue, C. Geng, D. Tian, Materials Research Express
2018, 5, 2 026203.

[166] A. Senocrate, T. Acartürk, G. Yeong Kim, R. Merkle, U. Starke, M. Grätzel,
J. Maier, Journal of Materials Chemistry A 2018, 6, 23 10847, publisher:
Royal Society of Chemistry.

[167] A. Alberti, I. Deretzis, G. Pellegrino, C. Bongiorno, E. Smecca,
G. Mannino, F. Giannazzo, G. G. Condorelli, N. Sakai, T. Miyasaka,
C. Spinella, A. La Magna, ChemPhysChem 2015, 16, 14 3064, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/cphc.201500374.

[168] E. J. Juarez-Perez, L. K. Ono, M. Maeda, Y. Jiang, Z. Hawash, Y. Qi,
Journal of Materials Chemistry A 2018, 6, 20 9604, publisher: Royal Society
of Chemistry.

[169] R. K. Gunasekaran, D. Chinnadurai, A. R. Selvaraj, R. Rajendiran,
K. Senthil, K. Prabakar, ChemPhysChem 2018, 19, 12 1507, eprint:
https://onlinelibrary.wiley.com/doi/pdf/10.1002/cphc.201800002.

[170] S. Wang, Y. Jiang, E. J. Juarez-Perez, L. K. Ono, Y. Qi, Nature Energy
2016, 2, 1 1, number: 1 Publisher: Nature Publishing Group.
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[280] R. Szostak, A. de Souza Gonçalves, J. N. de Freitas, P. E. Marchezi, F. L.
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[313] M. A. Reinoso, C. A. Otálora, G. Gordillo, Materials 2019, 12, 9 1394,
number: 9 Publisher: Multidisciplinary Digital Publishing Institute.

[314] A. Ng, Z. Ren, Q. Shen, S. H. Cheung, H. C. Gokkaya, G. Bai, J. Wang,
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