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Zusammenfassung

In dieser Arbeit werden epitaktische Dünnschichten aus nicht-kollinearen An-
tiferromagneten Mn3Ir und Mn3Sn mittels Magnetronsputtern hergestellt.
Deren Kristallstruktur wird durch XRD und TEM charakterisiert. Messun-
gen ihrer magnetischen Eigenschaften mittels VSM und XMCD zeigen die
wichtige Rolle des nicht-kompensierten Mn-Moments.

Um die Nützlichkeit der Dünnschichten für Spintronik einzuschätzen, wird
der magnetische Transport in lithographisch hergestellten Bauelementen un-
tersucht.

Im Fall von Mn3Sn messen wir bei 300 K einen anormalen Hall-Effekt in der
Größenordnung von σxy(µ0H = 0 T) = 21 Ω−1 cm−1 in Dünnschichten von bis
30 nm, der durch Berry-Krümmung hervorgerufenen wird. Beim nachfolgen-
den Kühlen - unter den Übergang zum gläsernen ferromagnetischen Zustand
- beobachten wir einen Wechsel in den topologischen Hall-Effekt. Wir ordnen
diesen Effekt zu der Entstehung von chiralen Domänenwänden in Mn3Sn und
zeigen, dass die Spin-Konfiguration vom Magnetfeldkühlen abhängt.
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Abstract

In this thesis, we prepare epitaxial thin films of the noncollinear antiferromag-
nets Mn3Ir and Mn3Sn, via magnetron sputtering. Their crystal structure
is characterized by x-ray diffraction and transmission electron microscopy.
Measurements of their magnetic properties, using vibrating sample magne-
tometry and x-ray magnetic circular dichroism, reveal the important role of
uncompensated Mn moments.

To assess the thin films’ suitability for topological spintronic applications, we
study magnetotransport in lithographically fabricated devices.

In the case of Mn3Sn, we measure Berry curvature driven anomalous Hall
effect at 300 K, with a magnitude of σxy(µ0H = 0 T) = 21 Ω−1 cm−1, in thin
films down to 30 nm. On subsequent cooling to below its transition into a
glassy ferromagnetic state, we observe a change to a topological Hall effect.
We attribute this to chiral domain walls in our Mn3Sn films, and observe
that their spin configuration depends on magnetic-field cooling condition.
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1 Introduction

1.1 Lead In

Antiferromagnetic spintronics aims to replace the ferromagnetism used in
conventional spintronic devices with the antiferromagnetic order parameter.
Doing so offers a number of advantages, such as improved stability, reduction
in stray fields and increased speed of dynamics. However, changes in the
orientation of typical antiferromagnets’ Néel vectors do not produce read-out
signals of the size required for applications. Topological antiferromagnets
may offer the solution. Here topologically non-trivial band structures can
generate large magnetotransport effects.

In particular, the noncollinear antiferromagnets of the type Mn3X have
been predicted to show large intrinsic anomalous and spin Hall effects, driven
by a fictitious magnetic field that is generated by the momentum-space Berry
curvature arising from symmetry breaking by the materials’ chiral spin tex-
tures. In certain cases these phenomena have been experimentally verified,
but with the majority of studies confined to single-crystal bulk samples.

Instead, in this thesis, we progress towards the utilization of these Berry
curvature driven magnetotransport properties in antiferromagnetic spintronic
applications, by preparing two distinct varieties of noncollinear antiferromag-
net in the thin film form required to realize devices. Specifically, we deposit
films of Mn3Ir, with a cubic structure, and Mn3Sn, with a hexagonal struc-
ture. We use the flexible technique of magnetron sputtering, optimizing
growth parameters, substrate choice and buffer layer texture to achieve the
high structural quality necessary to observe topological transport phenom-
ena. The crystal structure of the films is characterized using a combination
of x-ray diffraction and transmission electron microscopy, including the dif-
ferent orientations of each material, their respective epitaxial relationships,
and specific microstructural properties.

Measurements of the films’ magnetism, using magnetometry and x-ray
magnetic circular dichroism, reveal important differences between Mn3Ir,
with a triangular antiferromagnetic order, and Mn3Sn, with an inverse tri-
angular spin texture. In parallel, we illuminate the important role played by
uncompensated moments in both materials, exploring how these are affected
by sample microstructure and how, in turn, they effect antiferromagnetic
domain distribution. The link between crystal structure, uncompensated
moments and noncollinear antiferromagnetic domains emerges as a common
theme throughout this thesis (with such chiral domains also governing, for
example, the exchange bias measured in bilayer samples of Mn3Ir(Sn) coupled
to ferromagnetic permalloy).
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Furthermore, the chirality of different antiferromagnetic domains plays
a key role in governing topological magnetotransport in these compounds.
We elucidate this by measuring the Hall effect in lithographically patterned
samples of both Mn3Ir and Mn3Sn, and find very different behavior in both
cases. Whilst Mn3Ir shows a small conventional anomalous Hall effect, driven
by uncompensated Mn moments in the film, it shows no evidence of a Berry
curvature driven anomalous Hall effect. We attribute this to the large internal
anisotropies of this cubic material causing it to remain in a multi-domain
state, even in a strong magnetic field.

On the other hand, we succeed in measuring Berry curvature driven
anomalous Hall effect in Mn3Sn thin films. In this case, magnetocrystalline
anisotropy arising from the hexagonal structure generates an uncompensated
moment coupled to the inverse triangular antiferromagnetic order, allowing
the momentum-space Berry curvature generated anomalous Hall effect to
be observed when Mn3Sn is driven into a single chiral domain state via a
mechanism of domain wall nucleation and propagation.

Following cooling of Mn3Sn below its transition temperature into a glassy
ferromagnetic state, we identify a change in transport behavior from anoma-
lous to topological Hall effects. We attribute this to chiral domain walls in
our Mn3Sn thin films, and identify that their spin configuration depends on
sample magnetic history. The thesis therefore concludes by discussing the po-
tential applications of this large, room temperature, Berry curvature driven
anomalous Hall effect, and of this chiral domain wall memory phenomenon,
and therefore how the Mn3Sn thin films presented here may be advantageous
to topological antiferromagnetic spintronics.

However, before we elucidate the specific objectives of this thesis, and
explore in detail the results outlined above, we introduce the thesis with an
overview of its conceptual foundations (Section 1.2). Here we give a brief
history of the field of spintronics and a summary of the different phenomena
currently utilized in state-of-the-art FM-based spintronic devices. We answer
the questions what are AFs, how can they improve spintronic performance
and what are their limitations?

We then discuss how noncollinear AFs, of the form Mn3X, may address
these problems, at the same time giving an overview of how topology gener-
ates Berry curvature in these materials. Finally, we introduce the magneto-
transport properties that are driven by this Berry curvature and how these
may find applications in topological AFs spintronics.
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1.2 Conceptual foundations

1.2.1 Spintronics

Spintronics (‘spin’ & ‘electronics’) aims to utilize the spin angular momentum
of electrons, instead of their charge, to perform useful electronic operations.
Examples of spintronic technologies include magnetic field sensors and non-
volatile computer memories [1].

Controlling the spin of electrons in a current can be achieved through
their interaction with atomic magnetic moments. Therefore, research in the
field of spintronics revolves around the study of electrical transport in devices
fabricated (see Section 1.3.9) of magnetic (and other supporting) materials
(and correlation with their, often novel, magnetic properties, measured as
described in Sections 1.3.7).

Spintronic components offer the potential advantages of [1]:

• Scalability - magnetic bits could be made just a few atoms in size, whilst
avoiding the leakage current inherent in charge-based transistors.

• Energy efficiency - a flow of spin angular momentum in a metal, unlike
electronic charge in a semiconductor, wastes little energy as heat.

• Non-volatility - when power is removed, a component will retain its
magnetic state, whilst also avoiding the need for continual recharging
of transistors.

Magnetic materials hosting long-range exchange interactions possess an
order parameter that is stable in the absence of magnetic field and against
moderate external perturbations, making them ideal for nonvolatile memory
devices. A magnetic bit, with its magnetic order parameter aligned in dif-
ferent directions, can represent a ‘0’ or ‘1’ in a binary data system I. Such a
system is currently used to save data in computer hard drives [1].

The first requirement of any computer system is a method to read-out the
stored data electrically (with sufficient contrast between its different states).
This same problem is present in magnetic field sensors, where small changes
in the magnetism of the sensing component, caused by the external magnetic

IIn addition, spintronic components have been shown to achieve multiple stable and
distinguishable resistance levels in between ‘0’ and ‘1’. This memristive property is rem-
iniscent of synaptic behavior in animal brains. As such, it may offer a way to efficiently
implement artificial intelligence learning algorithms in dedicated spintronic-based hard-
ware. Examples of systems where such neuromorphic computing has been demonstrated
are: progressive SOT-switching of a FM layer stabilized by exchange bias [2]; a series of
spin-transfer torque driven MTJs switching stochastically [3]; and the Néel-order torque
switching of consecutive domains in an antiferromagnet [4].
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Figure 1: Plot of magnetoresistance ratio against magnetic field for a Co/Cu multilayer,
demonstrating the GMR effect. The illustrations below the figure show the configuration
of magnetic electrodes at different fields, in either a superlattice stack (lower) or spin valve
structure (upper), with AF indirect exchange coupling. Adapted from [5].

field to be measured, must be detected electrically. (Such sensors are also
used as the reading mechanism in the aforementioned hard drives).

Historically, the observed changes in a material’s electrical resistance with
magnetization have been very small. Therefore, the field of spintronics truly
began with the development of a technique for the high-fidelity read-out of
the orientation of a magnetic material, giant magnetoresistance [5].

GMR occurs in two thin films of magnetic material, separated by a layer
of nonmagnetic conductor. It relies on three phenomena, described in more
detail later in this thesis. The first, is the spin polarization of 4s delocalized
electrons in itinerant ferromagnets, explained in Section 1.2.2. Here, the
conduction electrons in the magnetic layers, which are metallic materials with
long-range ordering of atomic moments generated by localized 3d electrons,
align their spins parallel with the layer’s magnetization.

The second, are the s−d scattering events explained in Section 1.2.8. The
3d electron sub-shells which generate the atomic moments in the magnetic
layer will have only a partially occupied density of states with spins aligned
antiparallel to the magnetization. The third, is that the probability of 4s
conduction electrons whose spins are aligned with these unoccupied states
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have a higher probability to scatter into them (as dictated by Fermi’s golden
rule, explained in Section 1.3.8). However, since most electrons have spins
polarized parallel to the orientation of the magnetic moments, few scattering
events occur in each individual layer.

Considering now the thin film stack, some spin-polarized electrons will
flow from the first magnetic electrode, through the spacer layer, into the
second magnetic layer, and vice versa. The spin polarization of these itinerant
electrons is predominantly determined by the orientation of atomic moments
localized close to the interface between the first magnetic electrode and the
spacer layer [6].

As the spin-polarized 4s electrons cross the spacer layer into the second
magnetic electrode, their scattering rate depends on the density of states
of atomic moments at the interface [6].If the magnetization of the two
layers are parallel, the likelihood of electrons from one layer undergoing s−d
scattering at the interface to the other layer is still suppressed.

However, if the magnetizations of the two electrodes are antiparallel, then
spin polarized conduction electrons crossing the spacer layer will encounter a
large, unoccupied 3d density of states aligned with their spin at the interface.
There is an increased probability the itinerant electrons will scatter into these
states. Hence their mean free path is reduced, and the resistivity of each
electrode to conduction electrons from the other electrode is increased. This
therefore increases the resistance of the entire multilayer device.

Thus, a GMR device shows two resistance states: a low-resistance state
where the electrodes’ magnetizations are aligned parallel, and a high-resistance
state where they are aligned antiparallel [7, 8].

Early GMR observations focused on thin-films stacks comprising multiple
repeats of Fe/Cr, Co/Cr or Co/Ru layers (known as superlattices) [9]. In this
case, the magnetic electrodes indirectly exchange couple through the spacer
layer. By increasing the thickness of the spacer, the sign of the indirect ex-
change interaction changes from negative to positive and back again, leading
to alternating AF and FM coupling of the magnetic electrodes [9].

By selecting the correct thickness of spacer layer, antiparallel alignment
of the two electrodes’ magnetization can be favored. We now call this a
synthetic antiferromagnet [10], and it results in a high-resistance state at
zero external magnetic field.

However, when sufficient magnetic field is applied to force the electrodes’
magnetizations to align, the resistance of the stack drops [9]. A plot of the
GMR in such a thin-film multilayer is shown in Fig. 1.

Importantly, similar oscillatory coupling was discovered when using free-
electron-like transition metal Cu spacer layers with thicknesses up to 5 nm
[11]. If the thickness of the Cu spacer is kept < 1 nm, and superlattices
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Figure 2: Density of 4s sub-band states (DOS) around the Fermi level (EF) in the
reference (FM 1) and free (FM 2) layers of an MTJ in both parallel (left) and antiparallel
(right) configurations. In the parallel case, a majority of states are spin-down in both the
reference and free electrodes, resulting in a large tunneling current of spin-down polarized
itinerant electrons (thick red arrow). Meanwhile, a minority of states are spin-up in both
the reference and free electrodes, resulting in a small current of spin-up polarized itinerant
electrons (thin blue arrow). In the antiparallel case, the density of states in the free
electrode is reversed. A majority of available states are now spin-up polarized, maintaining
a small current of spin-up conduction electrons (thin blue arrow). Meanwhile, a minority
of available states are now spin-down polarized, blocking tunneling of some spin-down
conduction electrons (thin red arrow). eV is the drop in chemical potential across the
tunnel barrier. Adapted from [14].

formed with Co electrodes, then (as shown in Fig. 1) GMR ratios of 60 %
can be achieved.

If instead the Cu spacer is made thicker, the two magnetic electrodes
decouple and their magnetizations can be aligned independently [11]. Due
to the long spin diffusion length in Cu, GMR was also found in this case,
even when using soft magnetic electrodes (for example Ni80Fe20) [12]. These
discoveries allowed for the practical implementation of GMR in a device
called a spin valve.

In this case, the magnetization of one electrode, called the reference layer,
is pinned in one direction by introducing a unidirectional anisotropy using
exchange bias (see Section 1.2.5). The magnetization of the other magneti-
cally soft electrode, called the free layer, follows the direction of even a weak
external magnetic field, resulting in a resistance change (originally of the
order 5 % at room temperature) [12].

Whilst these changes in resistance achievable with spin valves are suffi-
cient for the purposes of magnetic sensors, a larger difference between the
two states is required for error-free computational bits. This was provided
by a phenomena first predicted in 1975, tunnel magnetoresistance [13].

TMR occurs in a device called a magnetic tunnel junction, which is
similar to a spin valve but with the nonmagnetic space layer replaced by a
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barrier of insulating material. Again, an MTJ is a device that can only be
engineered using thin film deposition technology, since the insulating barrier
must be thin enough for electrons to quantum mechanically tunnel through.

If we apply a bias voltage (V ) across an MTJ, a current of delocalized
conduction electrons begins to move through the reference magnetic elec-
trode, across the tunnel barrier and out of the free magnetic electrode on the
other side. Fig. 2 shows the 4s density of states in each layer of the MTJ.
The bias voltage shifts the chemical potential of one electrode with respect
to the other, creating a difference between their two Fermi levels.

For a fixed bias voltage, the size of this tunneling current (hence giving
the measured device resistance) again depends on three physical phenom-
ena that are key to the operation of spintronic devices. The 4s conduction
electrons moving through the reference layer become spin polarized in a di-
rection parallel to its magnetization, because of itinerant FM (see Section
1.2.2). The probability of these electrons tunneling through the barrier de-
pends on Fermi’s golden rule, partially determined by the density of states in
the free layer (see Section 1.3.8). This density of states is spontaneously spin
split, by exchange interactions combined with the Pauli exclusion principle,
depending on the magnetization of the free layer (see Section 1.2.8).

However, the tunneling process involves conduction electrons transition-
ing from 4s delocalized orbitals in the reference layer, to 4s delocalized or-
bitals in the free layer. These itinerant electrons are continually moving into
and out of such orbitals close to the Fermi level, because the drop in chemical
potential across the MTJ encourages current flow. Therefore, the tunneling
probability depends directly on the relative densities of spin-split 4s electron
states at the Fermi level.

There will be a high density of itinerant electron states with spins aligned
parallel to the free layer magnetization. Hence, if the magnetizations of both
electrodes are aligned parallel, there will be plenty of states available for itin-
erant 4s electrons to move through; tunneling probability will therefore be
high and the resistance of the MTJ will be low. Conversely, if the magneti-
zations of the two layers are antiparallel, then the majority of spin-polarized
4s electrons will have few states available to tunnel into, and the resistance
of the MTJ will be high [15]. Fig. 2 illustrates this tunneling process.

The difference in resistance between these two states can be large. The
first MTJs, fabricated using Al2O3 tunnel barriers [16], reported TMR ratios
of 10 to 20 % at room temperature (already higher than spin valves) [17].
However, much higher TMR ratios (> 100 %) were discovered in MTJs with
(001) oriented, body-centered cubic MgO tunnel barriers and Fe [18] or CoFe
[19] or CoFeB [20] magnetic electrodes grown epitaxially (see Section 1.3.2).

This is because such crystalline MgO tunnel barriers suppress the tunneling
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Figure 3: Illustration of the SOT switching process for a CoFeB / MgO / CoFeB MTJ
nanopillar fabricated on top of a Ta spin torque generation channel. The white arrow
represents the direction of switching current flow, and the white balls represent electrons
moving in the opposite direction. The SHE in Ta deflects left-spin electrons towards the
bottom of the channel, and right-spin electrons towards the top of the channel. With the
application of an IP magnetic field (µ0HIP), the SOT generated by the SHE will reverse
the magnetization of the bottom MTJ electrode. Adapted from [23].

transition matrix elements of all but a certain set of Bloch wavefunction sym-
metries [21]. Electrons with these Bloch wavefunction symmetries occupy
specific bands in the metallic electrodes, which, in the case of body-centered
cubic Fe (001) and CoFe (001) thin films, are strongly spin polarized [22].

The high MR ratios obtained in CoFeB / MgO MTJs make these good
candidates for the basic building blocks of non-volatile spintronic-based bits,
a technology called magnetoresistive random access memory [24].

Through TMR, we have an efficient read-out mechanism for MRAM bits.
However, the second requirement in any computer memory is a method to
quickly write new data to each bit. Spintronics also offers a unique possibility
to do this, using the reverse of the process utilized thus far [1]. By injecting
a current of spin-polarized electrons across the interface to a magnetic film,
the resulting transfer of angular momentum exerts a torque on the atomic
moments, manipulating their direction.

Originally, this was achieved by passing a current through either the
reference electrode, or through an oppositely magnetized polarizing layer
deposited on the other end of the MTJ. The electrons in the charge current
become spin polarized by one of the two layers, according to the direction
of current flow, and so exert a torque in one of two directions on the free
electrode, in order to switch its magnetization [25, 26]. We call this the
spin-transfer torque switching mechanism; however, it has the disadvantage
of requiring a large current to pass through the fragile tunnel barrier [27].
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Instead, a second mechanism utilizes a three-terminal device to achieve
spin-orbit torque switching. Here, an accumulation of spin-polarized elec-
trons at the top of a spin torque generation channel, in the region where it in-
terfaces with a perpendicularly magnetized film, will result in a transfer of an-
gular momentum [28]. When combined with a small IP magnetic field, to pro-
vide a preferential direction around which the magnetization can precess dur-
ing switching, the resulting spin torque will reverse magnetization direction[29].

Fig. 3 shows how this SOT mechanism is used to switch an MRAM
bit [23]. A large current can be passed through the spin torque generation
channel in either a positive or negative direction, to deterministically switch
the MTJ free layer. Meanwhile, a much smaller read current flowing vertically
through the device will measure the parallel/antiparallel alignment of the
MTJ, without damaging the tunnel barrier.

In Fig. 3, spin-polarized electrons moving in the vertical direction, with
their spins directed IP and orthogonal to the charge current, exert the SOT
that switches the MTJ free layer [23]. This charge-current to spin-current
conversion mechanism is the spin Hall effect.

If a material exhibits the spin Hall effect, the paths of some electrons
in the charge current will bend depending on their spin orientation; spin-up
electrons will be deflected in a direction transverse to both their charge cur-
rent and their spin orientation, whilst spin-down electrons will be deflected
in the opposite transverse direction.

The transverse-deflection mechanisms that cause the SHE are comparable
to those responsible for the AHE (as explained in Section 1.2.9).

The extrinsic transverse-deflection mechanisms are identical to those caus-
ing AHE; these spin-dependently deflect conduction electrons transversely
during scattering events.

Specifically, these are skew-scattering (where coupling of an electron’s
spin and orbital angular momenta means it has a higher probability of scat-
tering in a direction given by the vector product of its propagation direction
and spin) and side-jump (where coupling between an electron’s spin and the
orbital angular momentum of impurity atoms introduces a transverse com-
ponent to the electron’s momentum with sign depending on its spin) [30].

The intrinsic transverse-deflection mechanism is similar to that causing
AHE; but is instead driven by momentum-space spin Berry curvature. This
generates a emergent spin-orbit field, which exerts a force on electrons in a
transverse direction depending on their spin (rather than their charge) [30].

The intrinsic contribution to SHE depends only on the bandstructure of
the material, therefore can be large in metals where SOC modifies bandstruc-
ture around the Fermi level to show avoided crossing (for example Pt or Ta)
[30]. We explain the intrinsic-SHE in detail in Section 1.2.6.
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Since all of these transverse-deflection mechanisms rely on strong SOC,
large SHE has been discovered in heavy elements such as Pt [28], Ta [23] or
W [31]. An illustration of the SHE in such a nonmagnetic metal is outlined
in Fig. 13 (see Section 1.2.6).

When a charge current of electrons flows in these nonmagnetic metals,
there is an equal distribution of spin-up and spin-down electrons. This means
identical numbers of electrons will be deflected in each direction, resulting
in a net difference in spin, but no net difference in charge, in the transverse
direction across a SHE device [30]. We call this a pure spin current, which
(due to the lack of net charge current in the direction of the spin current)
can provide a very energy efficient means of transmitting information in
spintronic applications, or reversing the magnetization of thin films.

Field-free switching of magnetic layers has been achieved by combining
SOTs with the effective field induced by exchange bias (see Section 1.2.6).
In addition, spin currents play a key role in driving domain wall motion in
racetrack memory [32, 33], and charge-spin conversion in noncollinear AFs
by the SHE is an area of active research (see Section 1.2.6).

The discovery and development of these two phenomena, first GMR and
subsequently TMR, form the basis of the discipline now known as spintronics.
This field continues to advance, incorporating new physical effects and solid-
state materials to enable improved performance and novel functionalities
(see Section 1.2.3). However, GMR and TMR are still the state-of-art for
technological applications of spintronics, with GMR devices forming the basis
of many modern magnetic sensors, whilst SOT-switched MTJs are being
commercialized in MRAM [34].

1.2.2 Ferromagnetism

Atoms of an element, or atoms of specific elements within a compound, host
magnetic moments (m). The atom’s electrons generate these magnetic mo-
ments. Consequently, atomic magnetic moment has two contributions, or-
bital magnetic moment and spin magnetic moment [35]. These stem from
the orbital and spin angular momenta, respectively, of the electrons arranged
in shells around the atomic nucleus.

In many materials, the net combination of spin and orbital angular mo-
menta will almost cancel out and their atoms show no magnetic moment.
An external magnetic field will induce orbital currents in the sample, which
generate a small magnetic moment counter to the applied field [36]. The
specimen adopts a small magnetization (M = m(N/V ), where N/V =number
of atoms per unit volume) opposite to the applied magnetic field (that in-
creases linearly with it); an effect we call diamagnetism.
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In other materials, atoms have a net magnetic moment. The total angular
momentum operator (Ĵ) gives the size of this magnetic moment, which in
turn comprises of contributions from the orbital (L̂) and spin (Ŝ) angular mo-
mentum operators [35]. Choosing our axis of quantization as the z direction,
these operators (L̂z and Ŝz) can only adopt certain discrete quantized values:
morbital = 0, ± 1, ± 2, . . . , ± L and mspin = −S, −S+1, . . . , S−1, S.

The total angular momentum operator (Ĵz) therefore has eigenvalues
mJ = −J,−J + 1, . . . , J − 1, J , where J represents different possible combi-
nations of orbital and spin angular momentum eigenvalues L and S [37].

These different allowed combinations of L and S depend on the specific
arrangement of electrons in atomic orbitals. Using Hund’s rules, electrons
are placed in available states according the Pauli exclusion principle, and
the values of J can be determined [38]. In the case of the transition metal
elements, which are of interest for spintronics, the magnetic moment of the
atoms is generated by electrons in the 3d sub-shell. The orbital moments of
these 3d electrons are quenched [35]. Therefore, for the 3d transition metals,
atomic magnetic moment is dominated by spin contribution.

Atomic magnetic moment is thus also quantized and given by,

m = −gµBmJ (1)

where µB is the Bohr magnetron,

µB =
e~

2me

(2)

where e is electron charge, ~ is reduced Planck’s constant, and me is electron
rest mass [38]. In addition, g is known as the Landé g-factor,

g = 1 +
J(J + 1) + S(S + 1)− L(L− 1)

2J(J + 1)
(3)

For a pure orbital contribution to total angular momentum, g = 1, whilst for
a pure spin contribution, g = 2 [35].

For 3d transition metals, g takes a value close to 2, because their magnetic
moment is dominated by electron spin. The actual eigenvalues of the spin
angular momentum result from the specific electron sub-shell filling for the
given valencey of an element in a compound. However, suppose we have an
atom where only a single electron contributes to magnetic moment, as was
the case in the Stern-Gerlach experiment [39].

Here mspin = ±1/2, because an electron is a spin-1/2 particle. Therefore
S = 1/2, so J = 1/2, so mJ = ±1/2, and g = 2. The electron (and, in turn,
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Figure 4: Energy level diagram for an atomic moment, with spin angular momentum
given by a single electron, in a magnetic field pointing along the positive z direction. The
resulting energy levels are E1 for the spin-up configuration (mspin = −1/2) and E2 for the
spin down configuration (mspin = +1/2). Adapted from [35].

atom) therefore has two allowed values of magnetic moment, which we denote
as spin-up (mJ = mspin = −1/2) and spin-down (mJ = mspin = +1/2) [36],

m = −gµBmJ = −2µB ±
1

2
= ∓ e~

2me

(4)

When such an atomic moment is placed in a magnetic field, µ0H, there arises
a magnetostatic energy, E,

E = −m ·µ0H = −mµ0H cos θ = −mµ0H = −∓µBµ0H = ± e~
2me

µ0H (5)

if simplified for the case of a magnetic field along the positive z direction
(same direction as the spin-up electron) [36].

The magnetic field lifts degeneracy, and the magnetic atom can occupy
one of two energy levels as illustrated in Fig. 4 [35]. The lower level, E1 =
−µBµ0H, is the energy of the spin-up electron (which is parallel with the
field) [36]. The upper level, E2 = +µBµ0H, is the energy of the spin-down
electron (which is antiparallel with the field) [36].

The relative occupation of each energy level will therefore determine the
net magnetization of the material. This occupation is, in turn, governed by
the balance between magnetostatic energy and thermal excitation (kBT ) for
the ensemble of atoms, according to a Boltzmann distribution [35]. This can
be generalized in the form of a Brillouin function, Br(α), which relates to
magnetization as follows,

M =
N

V
gµBSBr(α) (6)

where α incorporates the field dependence according to (for a spin-1/2 electron) [35],

α =
gµBSµ0H

kBT
=
µBµ0H

kBT
(7)
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Figure 5: Magnetization plotted against α-parameter (incorporating applied magnetic
field and temperature), with dependencies determined by both a Brillouin function (Equa-
tion 6) and linear relation extracted from the mean-field approximation (Equation 10).
The slope and x intercept of the linear function reflect the temperature and external mag-
netic field dependencies of a FM, respectively. The resulting intercept with the Brillouin
function represents the distribution of atomic moments among different energy levels, and
hence yields the net magnetization of the material. Adapted from [35].

Plotting Equation 6, as shown in Fig. 5, we see that magnetization ini-
tially increases linearly in response to magnetic field. This is because energy
in the system is lowered by more atoms moving into the lower energy state,
thus aligning their magnetic moment with the applied field[36]. Once exter-
nal field is removed, however, thermal fluctuations will scatter the aligned
atomic moments, and magnetization decreases again [36]. We call this be-
havior paramagnetism.

However, for spintronic applications (for example nonvolatile computer
memories) we look to FMs, such as the 3d transition metals mentioned above.
These materials demonstrate large net magnetization even in the absence of
a magnetic field. What makes such a spontaneous, long-range ordering of
atomic moments energetically favorable?

The answer is an apparent field that acts within the material to align
individual magnetic moments parallel to one another, against their otherwise
random disruption by thermal motion. This molecular field is a result of
coupling between the magnetic moment of one atom and its neighbors, as
quantified by a parameter, λex [35]. Therefore, the total field felt by a given
atom will be a combination of any external magnetic field and the internal
molecular field,

µ0H ⇒
(
µ0H −

λexn〈S〉
gµB

)
(8)
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where n is each atom’s number of nearest neighbors. Here we have calculated
the expectation value for atomic moment using the thermal mean of the spin
angular momentum eigenvalue (〈S〉), in an approach called the mean field
approximation [35].

Substituting this effective field into the expression for α (Equation 7),
defining the external field and temperature dependence of magnetization,

α =
gµBSµ0

kBT

(
H − λexn〈S〉

gµBµ0

)
(9)

and hence

M =
N

V

[(
kBTgµB

λexnS

)
α− (gµB)2µ0H

λexn

]
(10)

Equation 10 is linear in α [35]. If we solve it, together with the Brillouin
function (Equation 6), graphically, as plotted in Fig. 5, we obtain three
distinct regimes [40]:

• High temperature: Here the gradient of Equation 10 is steep. For
µ0H = 0, the only solution is M = 0, and the material is nonmagnetic.
If µ0H is increased at constant high temperature, then M will increase
linearly, i.e. paramagnetic behavior.

• Equation 10 is a tangent to Equation 6: Here there is no analytic
solution for M . This indicates a phase change; specifically, from the
paramagnetic regime at high temperature (see above) to the FM regime
at low temperature (see below). The temperature at which this phase
change occurs is called the Curie temperature, Tc. It can be de-
termined by equating the slope of the Brillouin function in the linear
region (α→ 0) with the gradient of the linear function at µ0H = 0,

N

V
gSµB

dBr(α→ 0)

dα
=
N

V

kBTcgµB

λexnS
(11)

which yields,

Tc =
λexnS(S + 1)

3kB

(12)

by making the approximation that Br(α→ 0) = (S+1)α/3S [35].

• Low temperature: Here the gradient of Equation 10 is shallow, and
its intercept with Equation 6 will yield non-zero magnetization, even
when µ0H = 0. The material is therefore FM. As the temperature
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Figure 6: Temperature dependence of magnetization in a FM, extracted by sweeping the
gradient of Equation 10 in Fig. 5. Magnetization tends to saturation at low tempera-
tures, whilst above the Curie temperature the FM undergoes a phase transition to the
paramagnetic regime. Adapted from [35].

is decreased below Curie temperature (i.e. the gradient of the line is
further decreased) the intercept sweeps along the Brillouin curve, and
magnetization increases towards saturation. This gives the Curie-Weiss
behavior expected for an FM, as shown in Fig. 6 [35].

Alternatively, for a fixed temperature below Curie temperature, sweeping
magnetic field (translating the linear function along the x axis in Fig. 5)
will increase magnetization nonlinearly towards saturation (Ms) [35]. This
results in the hysteresis loop response of magnetization to applied magnetic
field that is typical of FMs [40]. We show such a loop in Fig. 7.

The energy associated with aligning magnetization and external field de-
termines the shape of this hysteresis loop. This energy varies along different
directions in the material, an effect called magnetic anisotropy. Two key
contributions which govern the hysteresis loop response, and that can be
exploited when engineering spintronic devices, are [35]:

• Magnetocrystalline anisotropy. Electron orbitals in atoms are cou-
pled to the material’s crystal lattice. For example, they may elongate
along a particular crystallographic direction. The resulting overlap of
wavefunctions makes it easier for electrons to delocalize (see below),
making this an energetically preferable situation. The spin angular
momentum of electrons is, in turn, coupled to the atomic orbitals they
occupy. Therefore, a preferred orientation of electron spin also emerges;
a direction in which it is easier to magnetize the material. We call this
a magnetic easy axis [37].
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• Shape anisotropy. In a magnetized material, the local dipolar field
generated by each atomic moment will act on the magnetic moments of
neighboring atoms. The net effect of all these dipolar fields is to create
an additional field opposing the magnetization of the material. This
field is given by Hd = −NdM , where the coefficient Nd depends on
the shape of the sample. We call the field µ0Hd the demagnetizing field,
and the magnetostatic energy associated with it the demagnetization
energy [37].

The dependence of a 3d electron’s spin orientation on the orbital angular
momentum of the sub-shell it occupies is an example of a fundamental phe-
nomenon that is important to several other physical mechanisms explored in
this thesis; spin-orbit coupling (SOC)II.

Given these anisotropies, a balance of different energy contributions de-
termines the response of a FM to an applied magnetic field. The molecular
field favors aligning all atomic moments in a sample. However, this produces
the largest possible demagnetizing field. In order to lower demagnetization
energy, it is favorable to form regions where magnetization is locally aligned,
but with the magnetization of neighboring regions opposing one another [37].
We call such regions magnetic domains. Fig. 8 shows possible domain con-
figuration for a FM [42].

The magnetization of opposite domains will still preferably orientate
along a magnetic easy axis (especially in highly-crystalline materials such
as epitaxial thin films). Alternatively, in a polycrystal, consisting of many
crystallites of mixed orientation, the relative magnetization of neighboring
domains will be randomly oriented in the unmagnetized state [42].

Again, a balance of energies determines the exact domain configuration.
It becomes energetically favorable to create a region of opposite magnetiza-
tion orientation when the increase in molecular field and anisotropy energies

IISOC describes the interaction between the spin and orbital magnetic moments of
electrons [35]. Its physical origin is the influence of the magnetic dipole created by orbital
angular momentum upon the direction of electron spins [41]. This may be, for example,
the orientation dependence of an electron’s spin angular momentum on its occupation
of particular orbitals around an atom (which, in nature, leads to spin-split sub-shells
and a plethora of possible MCAs). Alternatively, it may describe the coupling between
conduction electron spins in metals, typically delocalized from the s band, and the orbital
angular momentum of localized d sub-shell electrons (in atoms of the lattice). This results
in magnetotransport phenomena such as the AHE and SHE (see Sections 1.2.9 and 1.2.1
respectively). This interaction can be reversed, such that a delocalized electron’s orbital
motion is influenced by the localized spins moments on atoms (causing the anisotropic
magnetoresistance explained in Section 1.2.8). Finally, SOC can connect an electron’s
orbital angular momentum to its own spin direction (as is the case with the Rashba and
Dresselhaus spin-orbit interactions introduced in Section 1.2.3).
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Figure 7: Magnetization variation as a function of external magnetic field plots out a
typical hysteresis loop for a FM. Saturation magnetization, remnant magnetization and
coercive field are labeled. The behavior of these quantities reflects the rich physics of FM
systems, in particular the response of magnetic domains to magnetic field. Measured for
a 5 nm Ni80Fe20 film.

associated with inserting a boundary between the new domains (a domain
wall) is exceeded by the demagnetization energy saving [37].

As external magnetic field is applied, the magnetostatic energy of domains
not aligned to the magnetic field increases, such that domains aligned with
the field grow in order to reduce overall energy. This process occurs by
a movement of the domain wall, to increase the size of domains aligned
parallel to the magnetic field at the expense of those aligned antiparallel.
This continues until the sample approaches a dominant domain state. At this
point, any final domains not aligned with the field will rotate, to saturate
magnetization [42].

The rate at which magnetization changes with magnetic field depends
on the ease with which domain walls move. Sample microstructure limits
this through pinning. Pinning sites provide a region of lower energy for a
domain wall, thus encouraging it to stay there [35]. Magnetic field must
increase further, until it overcomes the activation energy barrier necessary to
drive the domain wall past the pinning site.

However, once a domain wall has passed a pinning site, this same energy
barrier makes it energetically unfavorable for the domain wall to relax back
(even if we remove external magnetic field) [42]. In other words, pinning
sites ‘trap’ the increase in net magnetization; FMs retain their net magne-
tization when magnetic field is decreased back to zero. Nevertheless, some
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Figure 8: Illustration of a series of simplified domain configurations for a FM. Magnetic
poles indicate the strength of the demagnetizing field in each case. The materials have a
uniaxial easy axis along the vertical direction, encouraging the formation of domains (of
opposite magnetization but) aligned along this direction. Adapted from [42].

rotated or weakly pinned domains will relax and randomize their orienta-
tion, slightly lowering magnetization. The resulting ‘left-over’ magnetization
at zero magnetic field is called remanence (Mr), as shown in Fig. 7.

If magnetic field is now reversed, domains with their magnetization op-
posite to the existing dominant domain state begin to nucleate. This occurs
preferentially at pinning sites, where anisotropies are weakened [35]. As we
increase magnetic field in the reverse direction, these new domains will grow.
At a certain field, the size of oppositely aligned domains will be such that
magnetization totally cancels [42]. We call this the coercive field (µ0Hc).
The size of the coercive field depends on pinning strength in the sample;
for stronger pinning, higher field is required to move domain walls and so
coercivity is larger.

As we increase reversed magnetic field further beyond coercivity, satu-
ration in this reverse direction is achieved [42]. This process is typical of
magnetization response to an external magnetic field in FMs, and sketches
out the hysteresis loop shown in Fig. 7. In Sections 2.2 and 3.2, we discuss
how this situation compares in AFs, and we will see that domain wall pin-
ning is a very important parameter to consider when designing materials for
spintronic applications. Two main types of pinning site are important [38]:
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• Impurity or inclusion atoms within a magnetic matrix significantly in-
crease the magnetostatic energy in their vicinity. Domain walls, where
neighboring atomic moments are misaligned, therefore reduce this en-
ergy, meaning it is favorable for the domain wall to stay at this position.
Since spatial variations in energy landscape surrounding such inclu-
sions can be large, such pinning sites disproportionately effect wider
domain walls, 10 to 100 nm, which are associated with high-moment,
low anisotropy materials. Such materials are therefore often easy to
saturate and reverse (magnetically soft), because of the typically low
densities of such impurities. On the other hand, inclusions could be
engineered in a material, for example through ion beam irradiation, to
act as artificial pinning sites and so increase coercive field [35].

• Dislocations and other structural defects are surrounded by a strain
field in the crystal lattice. These are very small, typically encompass-
ing only a few atoms, but there may be many of them (especially in
imperfectly grown thin films of novel materials), and as such can cause
large coercivity increases in low-moment materials with strong internal
anisotropies (for example AFs) that show narrow domain walls. This is
because of magnetostriction; lattice strains modify the spacing between
atomic magnetic moments, thus changing the strength of the molecu-
lar field coupling, λex, between them (and so modifying the magnetic
energy landscape of the material) [35].

What then, is the origin of this molecular field, λex, which determines the
long-range order in FMs? An atom’s electrons experience Coulomb repulsion
from the electrons of its nearest-neighbor atoms in a crystal lattice. At
the same time, the wavefunctions of the atoms’ electron clouds will overlap.
The resulting expectation value for the separation distance between these
two electron clouds will therefore depend on the relative spins of electrons,
according to the Pauli exclusion principle [38].

This dictates that two fermions of opposite spin can occupy the same
atomic orbital (which causes, for example, covalent chemical bonding). Con-
versely, two fermions with the same spin cannot occupy the same atomic or-
bital. Since such orbitals are distributed spatially, two spins aligned parallel
must (occupy different orbitals within a sub-shell and, hence) move further
apart. This, in turn, reduces the electrostatic energy of the two electron
clouds. This saving in energy is called the exchange energy, and depends on
the value of λex [35].

The value of λex is given by the Heisenberg Hamiltonian (HHeis) describing
the interaction of two spin-dominated atomic magnetic moments, Ŝi and Ŝj,
which can be simplified to [35],
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Figure 9: Density of states (D↑↓(E)) as a function of energy (E) around the Fermi level
in a FM metal. Application of a magnetic field in the positive z direction will align atomic
moments and, via the exchange interaction, encourage delocalized s electrons to occupy
spin-up states. If the increase in energy (∆E) associated with electrons occupy spatially
separated states (as dictated by the Pauli exclusion principle) is less than the exchange
energy saving, then the itinerant electrons will contribute to FM. In addition, the difference
in occupation of spin-up and spin-down states close to the Fermi level results in a net spin
polarization of charge carriers, leading to spin-polarized currents. Adapted from [35].

HHeisenberg = −λex

nn∑
i 6=j

Ŝi · Ŝj (13)

We call this interaction the exchange interaction, and λex quantifies its
strength. The exchange interaction is a result of coulomb repulsion combined
with the Pauli exclusion principle, and is a spin-spin coupling occurring be-
tween atoms whose wavefunctions overlap (nearest neighbors, denoted nn) [35].

If λex > 0, then the exchange energy resulting from the Heisenberg Hamil-
tonian will be negative. It is, therefore, favorable to locate the (sub-shell
electrons governing the) magnetic moments of neighboring atoms in states
with parallel spin [38]. This means that the magnetic moments of adjacent
atoms will align, and our material will show net magnetization.

For certain materials (see below), the value of λex is comparatively large.
This indicates that the exchange interaction is a very strong effect, sufficient
to overcome thermal perturbations that would otherwise randomize the di-
rection of atomic moments [42]. Therefore, the atomic moments of such
materials will spontaneously align, even at temperatures up to the (typically
relatively high) Curie temperature and in an absence of external magnetic
field. This is the origin of ferromagnetism.
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(In reality, an external magnetic field is initially required to orientate
the domains in real magnetic materials. But within each domain, strong
exchange interactions are responsible for magnetic order even in zero-field.
Once any applied field is removed, each domain retains magnetic order. This
is different to paramagnets, where thermal excitations randomize atomic mo-
ments as soon the magnetic field is removed [42]).

However, a positive value of λex alone is insufficient condition for FM in
transition metals. In such materials (of interest for spintronics), conduction
electrons also play a role. Whilst their 3d electrons are localized and respon-
sible for atomic magnetic moment, the 4s band electrons are delocalized and
cause conduction [38]. These electrons are itinerant and can move into unoc-
cupied atomic orbitals around the Fermi level [35]. According to the exchange
interaction, there will be an energy saving associated with moving these elec-
trons into states aligned parallel to the atomic moments in the crystal. In
other words, the bands occupied by conduction electrons are spontaneously
spin split [38]. Fig. 9 illustrates this process [35].

However, the itinerant electrons with parallel spin must still obey the
Pauli exclusion principle, and so move into spatially separated unoccupied
atomic orbitals. This increases the energy of the system by ∆E, as indicated
in Fig. 9, which will depend on the density of states close to the Fermi level,
D↑↓(EF) [35]. For a broad Fermi surface, D↑↓(EF) is larger and electrons can
move into parallel states without a large ∆E. For a narrower Fermi surface,
the increase in energy will be higher.

If the exchange energy > ∆E, it is favorable for the conduction electrons
to move into states aligned with the atomic moments, and both contribute
to long range magnetic order. We call this itinerant ferromagnetism [35].

A majority of conduction electrons now occupy states of a particular spin
direction (occupy one of the spin-split sub-bands). This is the origin of spin-
polarized currents in metallic FMs. Such spin-polarized currents are key to
a number of physical phenomena utilized in spintronics [38].

Specifically, they cause the GMR and TMR phenomena detailed in Sec-
tion 1.2.1, affect the s−d scattering processes responsible for the anisotropic-
MR described in Section 1.2.8 and play an important role in the AHE dis-
cussed in Section 1.2.9.

Thus a combination of exchange energy and the density of states close
to the Fermi level determine whether itinerant electrons can establish long
range magnetic order in a transition metal. This condition is summarized by
the Stoner criterion [38],

λexD↑↓(EF) > 1 (14)
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Element Cr Mn Fe Co Ni Pd
λexD↑↓(EF) 0.27 0.63 1.43 1.70 2.04 0.78

λex < 0 < 0 > 0 > 0 > 0 > 0

Table 1: The Stoner criterion (λexD↑↓(EF)) and exchange coupling strength (λex) for some
transition metals of interest for spintronic applications. The first five elements run across
the first transition metal period of the periodic table. Pd is located below Ni in group ten.
Fe, Co and Ni are FMs.

Table 1 shows some typical values of the Stoner criterion for magnetic
metals [35]. The transition metal FMs (Fe, Co, Ni) all satisfy the Stoner
criterion, resulting in long-range magnetic order. At the same time, they
have λex > 0, meaning this order will be FM. We also see that Pd, located
below Ni in the periodic table, is close to fulfilling the Stoner criterion with
λex > 0. Along with Pt (in the same periodic table group), this material is
therefore close to being FM.

1.2.3 Antiferromagnetism

In Table 1 (of Section 1.2.2) we see the Stoner criterion is fulfilled for three
common FMs in the transition metal series. At the other end of the transition
metal series, Mn is again close to fulfilling the Stoner criterion. When alloyed
with other metals, it can thus show itinerant long-range magnetic order.
However, in this case λex < 0 [38]. This means that its long-range magnetic
ordering is opposite to that of a FM. The moments on neighboring Mn atoms
are aligned antiparallel to one another. This is antiferromagnetism [37].

Fig. 10 (a) shows an example of AF ordering in CuMnAs [43]. The
moments on Mn atoms in adjacent planes are oppositely aligned (this re-
sults from a difference in intra- and inter-plane exchange interactions). The
moments are all oriented along the same axis ; we therefore call this mate-
rial a collinear AF. Because the moments fully compensate, such materials
have no net magnetization and no external magnetic field projects from their
surface [37]. Nevertheless, they possess a stable magnetic order internally.

This long-range antiferromagnetism therefore forms a stable order param-
eter that could be used to store spin information in a non-volatile manner.
Therefore, AFs are also an interesting class of materials to utilize for spin-
tronic applications. We call this contemporary field of research antiferro-
magnetic spintronics [44].
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In principle, we could substitute FM order parameter (aligned at 0 ver-
sus 180◦ with respect to probe-current direction) with AF order parameter
(aligned at 0 versus 90◦ with respect to probe-current direction)IIIin order
to code for a ‘0’ or ‘1’ in a binary data system. This replacement offers a
number of potential advantages in terms of device performance [45]:

• Miniaturization: A key problem for FM-based spintronics, such as
MRAM based on MTJs (see Section 1.2.1) is that the stray magnetic
field produced by the FM layers can interfere with neighboring bits. For
spintronic devices utilizing AFs, the net zero magnetization of the AF
results in no stray fields, meaning elements could be packed together
for higher density memory devices. In addition, when FM components
are shrunk to nanometer sizes, demagnetizing field causes their long-
range magnetic order to change configuration (mentioned in Section
1.3.9), for example forming vortex cores [46]. In AFs, where demagne-
tizing fields from antiparallel moments cancel, there is no such problem,
potentially allowing the fabrication of bits on a nanometer scale.

• High-speed dynamics: The SOT switching of FMs (as introduced in
Section 1.2.1), occurs via a precessional motion of magnetization. How-
ever, such FM resonance occurs in the 10s GHz frequency regime. This
limits the switching time of FM-based spintronic devices to the order
of nanoseconds [47]. The resonances of AFs, however, are found closer
to terahertz frequencies [48]. This offers an avenue for much faster
switching of AF spintronic devices in the future [49].

• Stability: A final disadvantage of FM spintronic devices is that they
are sensitive to environmental perturbations, such as ionizing radiation
or magnetic fields, which could disrupt the information they store [48].
Not only is AF order more resistant to radiation damage (potentially
giving AF spintronics applications in space technology) but there is no
energy saving to made by aligning one (or neither) of its antiparallel
moments with an external magnetic field. Thus, AFs can typically only
be manipulated by strong (order of several Tesla) magnetic fields.

IIIThe state of a spintronic device based on a collinear AF will appear symmetric when
reversing the order parameter by 180◦. However, for read current flowing in a given
direction, rotating the AF order by 90◦, such that it is parallel or perpendicular to current
flow, can produce a resistivity change in some materials [50]. Fig. 10 shows this for
the example of CuMnAs. The resistivity change arises because of an anisotropic MR
mechanism (discussed in Section 1.2.8) that can be detected in both longitudinal and
transverse voltage channels (the latter is also known as the planar Hall effect).
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Figure 10: (a) Crystal lattice and magnetic structure of CuMnAs. The two colors of Mn
atoms represent different sub-lattices (A and B) and the direction of their atomic mo-
ments. Intra-sub-lattice coupling is FM, whilst inter-sub-lattice coupling is AF, resulting
in opposite magnetic moments in adjacent planes and creating a collinear AF. Thin arrows
represent the direction of the torque that rotates each sub-lattice in the same direction
(A out of page, B into page) as a result of the Néel-order switching mechanism. (b and
c) Experimental configuration for switching CuMnAs. Current pulses are passed from
top-to-bottom, or from left-to-write, as plotted in the lower panel of (c). The inverse spin
galvanic effect creates a spin polarization orthogonal to the current flow, thus rotating the
collinear AF order perpendicular to the current direction (as shown). This writes a ‘1’
or ‘0’ respectively. The resulting state of the CuMnAs is read-out by applying a smaller
read-current and measuring transverse-anisotropic-MR, the value of which is plotted after
consecutive current pulses in the upper panel of (c). Adapted from [4] and [43].

Whilst this last point makes AFs attractive as a stable alternative to FMs
for spintronic devices, it also introduces problems when it comes to writing
information to AF-based bits. Experiments have tested use of the SHE to
exert an SOT on an AF [51]. However, because it is an interface effect, this
encounters problems due to the short spin diffusion length in AFs (order of
nanometers) and the often rough surfaces of epitaxial grown AF films [45].
The exertion of SOT on AFs is thus an ongoing area of research [52].

Instead, AF spintronics really took off after the discovery of a bulk-
originating technique (that is not sensitive to interfacial disorder) to switch
the AF CuMnAs [43]. This mechanism requires a crystal structure that is
locally noncentrosymmetric, and has subsequently been demonstrated in the
AFs MnTe [53] and Mn2Au [54]. This effect is known as Néel-order switching,
and is based on the inverse spin galvanic (or Edelstein) effect [48].

Here, SOC splits the spin-up and spin-down charge carrier sub-bands in
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a material, and at the same time the two bands are shifted in momentum
space due to inversion symmetry breaking [30]. The combined effect of the
sub-band splitting and shift in momentum space is called the Rashba effect
(if resulting from structural or interfacial inversion symmetry breaking) or
the Dresselhaus effect (if resulting from bulk inversion symmetry breaking in
semiconductor lattices) [55].

If we apply a voltage across the device, the chemical potential of the sub-
bands shifts up and down relative to one another. Charge carrier momentum
is thus changed and they are scattered from one sub-band to the other.
In the process, they must undergo a spin-flip. This results in an unequal
number of electrons occupying spin-up and spin-down bands, and hence a
non-equilibrium spin density of charge carriers. If the spin-polarized carriers
are exchange coupled to atomic moments, a SOT is induced [30].

In antiferromagnets, such as CuMnAs, the inversion symmetry breaking
that induces the inverse spin galvanic effect is local, due to the magnetic
moments on each Mn sub-lattice [56]. Fig. 10 (a) shows the inversion center
about which centrosymmetry is broken. This results in a local variation in
the sign of the inverse spin galvanic effect and, hence, charge carriers with
opposite spin-polarization build up at each sub-lattice [56].

However, because the atomic moments on either sub-lattice are aligned
antiparallel, the resulting torque exerted on either sub-lattice will be in the
same direction. This staggered torque rotates the Mn magnetic moments
on both sub-lattices in the same direction, thus maintaining their collinear
antiparallel configuration[56]. Because the spin-polarization orientation gen-
erated by the inverse spin galvanic effect is perpendicular to current direction,
the result is the rotation of the entire collinear AF order by 90◦.

The experimental process by which this can be used to write ‘0’ and ‘1’
states into a CuMnAs-based AF spintronic memory element, using Néel-
order switching to align the collinear Mn atomic moments into orthogonal
orientations, is described in Fig. 10 (b).

With this mechanism, we have solved half the problem in realizing a
spintronic component based on antiferromagnets; namely, we can write a
particular configuration to them electrically. However, it is still necessary
to read-out the state of our device. The electrical signal measured in Fig.
10 (c) corresponds to a magnetoresistance change of ≈ 4 % between the two
orientations of CuMnAs (of the same order as anisotropic-MR in FMs; much
less than that typically obtained from TMR) [57].

Therefore, a new mechanism for electrically reading-out the orientation
of the AF order parameter is required. A solution to this problem is pro-
posed, through the use of topological antiferromagnets that can generate
large magnetotransport signatures [58], in the next Section 1.2.4.
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1.2.4 Noncollinear antiferromagnets

In Section 1.2.3, we considered the application of collinear antiferromagnets
to spintronics, but found that the magnetotransport effects in such mate-
rials are too small to provide a reliable read-out signal. In collinear AFs,
neighboring moments align antiparallel, but all pointing along the same axis.

However, now consider the case of AF-coupled (λex < 1) atomic magnetic
moments arranged in the basal plane of a hexagonal crystal structure, or in
the (111) plane of a face-centered cubic crystal structure. Here the atomic
moments are arranged in sets of three at the vertices of triangles, in turn
positioned along the edges of a hexagon in an orientation known as a kagome
lattice [38]. If the first two moments couple antiparallel and collinear, in
which direction should the third moment point?

It is equally unfavorable to couple the third moment parallel to the first
and antiparallel to the second, or vice versa [38]. Thus, there are two possible
ground states for this system, a problem we call geometric frustration.

The geometric frustration can be relieved, and a lower energy arrange-
ment of moments achieved, by instead orienting the moments at angles of
120◦ from one another. The moments still compensate, but are no longer
aligned along one axis, so we call such magnetic order noncollinear anti-
ferromagnetism. The specific crystal structures of Mn3Ir (introduced in
Section 1.2.6) and Mn3Sn (introduced in Section 1.2.7) both result in ground
state noncollinear AF orders, each with slightly different properties.

Furthermore, MCA will play a role in determining the specific noncollinear
magnetic order exhibited by a particular crystal structure, by introducing
preferable axes for atomic moments to follow. This, in competition with FM
versus AF exchange coupling, geometric frustration and DMI can stabilize
a plethora of complex noncollinear magnetic textures in different crystals,
including helical spin structures [59] and (anti)skyrmions [60].

Fig. 11 shows the crystal structure of Mn3Ir, and its noncollinear AF
order in the (111) kagome plane. Hopping between the Mn atoms forming
each triangle in the clockwise direction, we see that each consecutive magnetic
moment rotates by 120◦ (with respect to the previous moment) also in a
clockwise direction. Hopping anticlockwise, the atomic moments are rotated
120◦ anticlockwise. We call this triangular spin texture [61].

On the other hand, the crystal structure and noncollinear AF order in
the (0001) basal plane of Mn3Sn are shown in Fig. 14 (see Section 1.2.7).
Hopping between the Mn atoms forming each triangle in the clockwise di-
rection, we see that each consecutive magnetic moment rotates by 120◦ in
an anticlockwise direction. Hopping anticlockwise, the atomic moments are
rotated 120◦ clockwise. We call this inverse triangular spin texture [62].
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(a) (b)

Figure 11: (a) Crystallographic unit cell of Mn3Ir. Mn atoms shown
in blue (with arrows indicating magnetic moments) and Ir atoms shown in
green. (b) Noncollinear AF order of Mn3Ir in the (111) plane. The tri-
angular and hexagonal tiles of the kagome lattice are indicated. Sets of
three (AF-exchange-coupled and geometrically-frustrated with DMI-induced-chirality)
Mn moments projected along [111] direction form a triangular spin texture.

Whilst the magnetic structures of Mn3Ir and Mn3Sn are different, both
exhibit chirality or handedness. This means that a left-hand rotation in one
direction through the spin texture encounters different magnetic properties
to a right-hand rotation.

For example, for the chirality shown in Fig. 11, a clockwise rotation
around the upper triangle sees the Mn moments running tail-to-head, whilst
an anticlockwise rotation sees them running head-to-tail. If the direction of
all the magnetic moments in the structure is switched, the anticlockwise ro-
tation now see the moments running tail-to-head and vice versa. By flipping
the direction of the Mn moments, the chirality has been reversed.

Within a particular geometrically frustrated noncollinear AF order, the
chirality stabilized in the ground state depends on the energy landscape
of the magnetic structure. Specifically, the chirality is determined by the
Dzyaloshinskii–Moriya interaction. DMI is an example of a superex-
change interaction [38]. This means that it couples two atomic moments, as
mediated by the overlap of their wavefunctions with that of a third site in
the crystal lattice [63]. For this reason, a net DMI only plays a role in a
crystal structure with broken inversion symmetry.
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Furthermore, DMI is an antisymmetric exchange interaction. DMI intro-
duced an additional term to the Heisenberg hamiltonian (see Equation 13),
which describes how the coupling between two atomic moments (S1) and S2)
effects the energy of the magnetic system [64],

HDMI = −D12 · (S1 × S2) (15)

Here D12 is the DMI vector, whose length describes the strength of the
DMI and whose direction points out of the plane containing moments S1 and
S2, as shown in Fig. 18 (a) (see Section 1.2.10) [38]. The DMI can introduce
a negative contribution to the hamiltonian (i.e. lower the energy of the two
coupled atomic moments) if moment S1 forms an angle with moment S2

[63]. This means that the presence of a DMI tends to lead to the canting of
moments in a magnetic material (detailed further in Section 1.2.10).

However, this energy saving only arises if moment S1 is rotated to form
an angle in a particular direction with respect to moment S2. If S1 tilts in
the opposite direction with respect to S2, there will, in fact, be an energy
penalty. This means that the DMI energetically favors a certain direction of
rotation from one moment to the next [63]. In other words, it introduces a
chirality to our magnetic system.

This is opposed to the case of the Heisenberg exchange interaction (see
Equation 13) given by the scalar product of two magnetic moments, which
therefore favors the (anti)parallel alignment of these moments, but whose sign
stays the same regardless of whether moment S1 is aligned (anti)parallel to
moment S2 or vice versa (and hence is symmetric).

Mn3Ir and Mn3Sn are examples of globally centrosymmetric crystal struc-
tures. However, the introduction of moments on the Mn atoms, which are ge-
ometrically frustrated to form a noncollinear AF order, breaks inversion sym-
metry locally (discussed in Sections 1.2.6 and 1.2.7 respectively). This there-
fore introduces DMI, which defines a particular chirality for the noncollinear
AF order and stabilizes the (inverse) triangular spin texture [65, 66].

The long-range ordering of both the triangular spin texture of Mn3Ir and
inverse triangular spin texture of Mn3Sn break time reversal symmetry.
A time reversal operation flips the direction of all the atomic moments, and
so the magnetic structure is not reproduced afterwards [67].

An additional mirror symmetry operation might act to switch the mag-
netic moments back to their original configuration. However, the chirality
of both noncollinear AF orders means this is not the case; the mirror image
of an object with a certain handedness does not recover the original struc-
ture. Thus, chirality prevents mirror symmetry from rectifying time-reversal
symmetry breaking [67].
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By selecting one particular chirality of the (inverse) triangular spin tex-
ture, therefore, both mirror and time reversal symmetries are broken [67].
This symmetry breaking caused by localized atomic moments has the ef-
fect of modifying the potential generated by the magnetic material’s crystal
lattice. Specifically, breaking symmetries tends to lift degeneracies in a ma-
terial’s energy-momentum dispersion relation, creating band crossings [58].

Where an itinerant magnet also exhibits strong SOC, interactions of
these 3d atomic moments with 4s electrons will lead to a modification of the
band structure around the Fermi level [67]. In particular, it can create a
band gap at the crossing points, splitting the valence and conduction bands
to opposite sides of the Fermi surface [30]. In Mn3Ir and Mn3Sn, the strong
SOC of the heavy Ir and Sn atoms will be transferred to the Mn moments
through hybridization [67].

Such avoided crossings are sources of momentum-space Berry curva-
ture [68]. Berry curvature acts as an effective field in reciprocal space [41].
As conduction electrons move across the Fermi surface of the itinerant mag-
net, this momentum-space Berry curvature will modify their magnetotrans-
port properties (described in Section 1.2.8). We explain this in the context
of the intrinsic AHE in Section 1.2.9. Momentum-space Berry curvature is
also the origin of intrinsic SHE (introduced in Section 1.2.1).

Whilst the effect on magnetotransport depends on the integral of Berry
curvature over the material’s Brillouin zone (see Equation 30), the Berry cur-
vature will be concentrated around ‘hot spots’ in reciprocal space IV. We de-
scribe band structure features inducing Berry curvature as topological [68].

In the case of the noncollinear AFs Mn3Ir(Sn), it is therefore the chirality
of their (inverse) triangular spin texture that breaks time reversal symmetry
and generates momentum-space Berry curvature [73]. We can represent this
symmetry breaking through the introduction of an order parameter. This
defines the handedness of the noncollinear AF order, and is called the cluster
octupole magnetic moment order parameter [74].

Performing either a time-reversal or mirror-symmetry operation on the
noncollinear AF structure transforms the (inverse) triangular spin texture
into its chiral image [75].

IVIt has been theoretically proposed that the momentum-space Berry curvature ‘hot
spots’ in Mn3Sn are the projection of buried Weyl points onto the Fermi surface [69, 70].
Weyl points arise when the spin degeneracy of a Dirac point (region of linear dispersion in
the bandstructure) is lifted by time- (or inversion-) symmetry breaking [71]. This creates
a pair of chiral quasiparticles, which act as monopole sources/sinks of Berry curvature.
Experimental evidence of these buried Weyl points has been discovered in Mn3Sn single
crystals [72]. That Mn3Sn is a Weyl antiferromagnet opens up a range of new topological
physics that could be explored in this material.
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Switching from one chirality (flipping the direction of the magnetic mo-
ments) to the other reverses the sign of Berry curvature. This will therefore
change the polarity of any magnetotransport effects that are odd with respect
to net Berry curvature (whilst leaving those that are even in Berry curvature
unchanged) [75].

As we will discuss further in Section 1.2.6, noncollinear AFs, like any
long range ordered magnetic material, with have an energetic preference to
break up into domains. In the case of Mn3Ir(Sn) with an (inverse) triangular
spin texture, this will result in multiple domains with chirality alternating
between them [75]. Manipulating this chiral domain structure, in order to
control the chirality within the noncollinear AF, is therefore key to realizing
topological magnetotransport properties and utilizing them for spintronic
applications. In particular, in Section 1.2.6 we see that this is an obstacle
for Mn3Ir, whilst in Section 1.2.7 we see how the unique MCA in Mn3Sn can
be used to drive this material into a single chiral domain state [76].

The noncollinear AFs are therefore a fascinating category of materials in
which to study electrical transport, both from the perspective of unraveling
the mysteries of topological magnetism, and from the point of view of poten-
tial spintronic applications. This is because the large magnitude predicted
for such Berry curvature driven magnetotransport phenomena, and the fact
that they will switch sign as the chirality of the noncollinear AF is reversed,
could provide the large read signals of AF state required for spintronics [58].
This developing field is known as topological spintronics.

1.2.5 Exchange bias

The first implementation of AF materials (see Section 1.2.3) in spintronics
was for the establishing of exchange bias. EB is a phenomenon, whereby an
AF in contact with a FM introduces an additional unidirectional anisotropy
to the FM material [77]. This is particularly prominent in thin films, where
FM layers can be deposited (see Section 1.3.1) onto AF films, resulting in
strong coupling arising at their interface.

For this reason, EB has found applications in spintronic devices such as
spin valves or MTJs (see Section 1.2.1). An AF film is deposited adjacent to
the reference electrode, with the ensuing unidirectional anisotropy pinning
the magnetization of the reference layer in a given direction [78]. An external
magnetic field or SOT can then switch the free layer, allowing stabilization
of parallel and antiparallel states in the device [13].

An exchange-biased FM is characterized by a shift in its hysteresis loop
along the magnetic field axis when the field (µ0H) is applied parallel to the
EB-setting direction (discussed with Fig. 12), or a hard axis response (when
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field is applied perpendicular) [77]. Fig. 12 (a) illustrates this behavior
(measured as in Section 1.3.7). An increase in coercive field (µ0Hc) may also
accompany the loop shift, due to enhanced pinning of FM domain walls at
the interface with the AF [77].

We call this shift in the hysteresis loop the EB field (µ0HEB). Fig 12
(a) indicates the EB field. It is defined as the difference between the points
where magnetization (M) crosses the magnetic field axis at both positive
(µ0H+) and negative (µ0H-) applied fields,

µ0HEB =
1

2
(µ0H+ − µ0H-) (16)

whilst average coercive field is defined by their sum,

µ0Hc =
1

2
(µ0H+ + µ0H-) (17)

The shift in hysteresis loop arises because, when external magnetic field
is applied antiparallel to the induced unidirectional anisotropy, more energy
(and hence a stronger field) is required to reverse the magnetization. The
(cost) saving in energy per unit area by aligning the saturated FM magneti-
zation (Ms) (anti)parallel with the unidirectional anisotropy is related to the
EB field by,

JEB = MsdFMµ0HEB. (18)

where dFM is the thickness of the FM layer [79].
In optimized AF/FM bilayers used for spintronic devices, with a large EB

field but minimal increase in coercivity, the hysteresis loop may completely
reverse before magnetic field direction is flipped. This is the case in Fig. 12
(a) where, at weak negative fields (on negative to positive field sweeps), it
already becomes energetically favorable to reverse the magnetization due to
the interfacial anisotropy energy saving that results (JEB).

The interface between the AF and FM dominates the microscopic origin
of EB. Uncompensated magnetic moments arise at the surface of the AF.
These will exchange couple across the interface to the long-range-ordered
moments of the FM [80]. Whether this coupling is parallel or antiparallel
depends on the sign of the exchange interaction between the AF and FM
atomic moments; in the case of the Mn and Ni moments dominating EB in
Fig. 12 (a), the coupling is FM [81]. Therefore, the uncompensated Mn
moments align parallel with the magnetization of the Ni80Fe20 (ultimately
causing the negative shift of the hysteresis loop).
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Figure 12: (a) Magnetic hysteresis loops for a 10 nm Mn3Ir (001) / 5 nm Ni80Fe20 bilayer
in the as-deposited state and after EB has been set by the procedure illustrated in (b)
and (c). With external magnetic field applied perpendicular to the setting direction of
unidirectional anisotropy (denoted ‘EB direction’), we observe a hard axis response. With
external magnetic field applied parallel to the setting direction of unidirectional anisotropy,
a large EB field (µ0HEB) shifts the hysteresis loop entirely to negative fields. For spintronic
devices such as MTJs, this would allow a free layer to be switched by a small magnetic
field, whilst the reference electrode stays pinned, illustrating the applicability of the thin
films prepared in this thesis to technological applications. (b) and (c) Exchange coupled
AF/FM bilayer; FM magnetization (blue) is coupled FM to uncompensated interfacial
moments (light green) which are coupled AF to bulk AF order (dark green). (b) Above
TB, the uncompensated interfacial moments follow the FM and AF domain structure is
loose. (b → c) When the bilayer is cooled below TB in an external field µ0H, the FM
magnetization and uncompensated interfacial moments follow the magnetic field, and the
corresponding AF domain state becomes fixed. (c) Below TB, the interfacial moments are
pinned (by the AF domain structure) in the direction of µ0H applied during cooling, thus
setting unidirectional anisotropy (JEB) in the same direction.

The resulting microscopic picture of exchange bias is sketched in Figs. 12
(b) and (c). At high temperatures, the uncompensated AF moments follow
the direction of the FM magnetization, if an external magnetic field reverses
the latter [82]. However, when cooled below a characteristic temperature
(called the blocking temperature, TB), the uncompensated interfacial mo-
ments become fixed in a certain direction [82]. At this point, the interfacial
exchange coupling means that it becomes energetically favorable to keep the
FM magnetization aligned with the uncompensated AF moments. Thus, a
unidirectional anisotropy is induced.
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A generally accepted mechanism as to why the uncompensated moments
become pinned below the blocking temperature is the domain state model
of exchange bias. This posits that, above the blocking temperature of the
bilayer system, domains in the AF are loose; the orientation of AF order
within them changes, and their AF domain walls move [83, 84]. (The block-
ing temperature is usually someway below the Néel temperature where the
material completely loses its AF character).

The uncompensated AF moments at the interface remain strongly ex-
changed coupled to the bulk AF order, as well as to the FM magnetization
[83, 84]. Thus, above blocking temperature, reorientation of the FM mag-
netization using an external magnetic field will not only reorientate the un-
compensated interfacial moments but, in turn, the entire domain structure
of the AF [82]. Fig. 12 (b) illustrates this.

However, as the bilayer is cooled below blocking temperature, the AF do-
main state is no longer loosened by thermal fluctuations and becomes fixed in
place [82]. At this point, the strong AF exchange coupling fixes the uncom-
pensated interfacial moments in a certain direction, and the unidirectional
anisotropy sets in [83, 84]. Fig. 12 (c) illustrates this.

The direction in which the uncompensated AF moments become pinned,
and hence of the unidirectional anisotropy, can be controlled as described in
Figs. 12 (b) and (c) [85].

The AF domains become fixed because of pinning of the domain walls
separating them [83, 84]. The more robustly these domain walls are pinned
in place, the more stable the domain state and the stronger the unidirectional
anisotropy. One source of domain wall pinning (as described in Section 1.2.2)
are crystallographic grain boundaries in the AF film. Therefore, larger values
of EB field are often achieved when using polycrystalline films, where grain
boundaries between crystallites pin AF domain walls [86].

The unidirectional anisotropy strength further increases as temperature
is reduced below blocking temperature (because thermal fluctuations perturb
the AF domain structure less). Therefore, for large EB fields at room tem-
perature, blocking temperature must be as high as possible. A number of
factors determine blocking temperature [79, 86–89] V.

VBlocking temperature is affected by: FM film thickness (the thicker the FM layer, the
lower the blocking temperature, because this parameter, unique to the specific AF/FM
system, is an interface effect) [85] versus AF film thickness (the thinner the AF layer, the
lower the blocking temperature, because the resulting smaller grain size weakens internal
anisotropies, due to finite size effects, and lowers Néel temperature) [88] which, in turn,
must be balanced against AF film microstructure (small grains, defects or impurities,
whilst detrimentally affecting blocking temperature, may pin domain walls more strongly,
increasing EB field) [86].
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In particular, since blocking temperature is located someway below bulk
Néel temperature, AFs with high Néel temperature are desirable for EB
applications. An example of such an AF (Néel temperature ≈ 700 K), often
used to exchange bias spintronic devices, is Mn100-xIrx [87, 88]. Some of the
largest EB fields reported were obtained with polycrystalline Mn80Ir20 thin
films [79, 89].

However, epitaxially grown films (see Section 1.3.2) with a stoichiometric
3:1 composition ratio also exhibit a particularly robust EB [90, 91]. These
form the ordered phase Mn3Ir, which is a noncollinear AF and the focus of
this thesis [89, 92]. Therefore, in the results chapter 2.1, we delve in much
more detail into the EB of epitaxial Mn3Ir films. Before that, in the coming
Section 1.2.6, we introduce this noncollinear AF and explain why its ordered
phase shows particularly large EB.

1.2.6 Mn3Ir

Mn3Ir is a noncollinear AF with a face-centered-cubic crystal structure
and a lattice parameter a = c = 0.378 nm [93]. The unit cell of Mn3Ir is
shown in Fig. 11 (a) (see Section 1.2.4).

Mn3Ir can form in an L12-ordered phase (where Mn atoms sit on face-
center sites and Ir atoms on corner sites), with a Néel temperature of ≈
960 K [61]. Alternatively, in its γ-disordered phase (where Mn moments are
randomly distributed amongst sites), Néel temperature is ≈ 730 K [94].

In a partially-ordered phase, planes of Mn and Ir atoms stack in an
ABCA . . . sequence along the [111] direction (described in Section 1.3.2),
projecting a kagome lattice with triangles of Mn atoms along the edges of
hexagons that host Ir atoms at their center [95]. Each Mn atom has a mag-
netic moment of ≈ 2.6µB per atom [96].

These Mn atoms are close to fulfilling the Stoner criterion but are ex-
change coupled with a strength λex < 1 (outlined in Section 1.2.2). As
explained in Section 1.2.4, this arrangement of Mn atoms therefore produces
a triangular spin texture [93]. This is illustrated in Fig. 11 (b) [61].

Cubic symmetry is locally broken around the Mn moment on each face-
centered lattice site [65]. This local inversion symmetry breaking introduces
a DMI between neighboring Mn moments, resulting in the triangular spin
texture showing a particular chirality, as detailed in Section 1.2.4.

This local symmetry breaking appears to each Mn moment as an elon-
gation of one crystal axis, yielding a tetragonal symmetry [65]. Tetragonal
lattices favor a MCA direction parallel to their elongated axis. This therefore
introduces a uniaxial anisotropy to each Mn moment, parallel to the 〈1̄12〉
crystallographic direction [65].
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This uniaxial MCA therefore makes it energetically preferable for each Mn
moment to align along the 〈1̄12〉 crystalline direction in closest proximity, as
shown in Fig 11 (b). It also introduces a large energy barrier to rotation of
individual Mn moments around the (111) axis (OP direction in Fig 11 (b)),
of ≈ 10 meV per unit cell [65].

This strong anisotropy results in the high Néel temperature of Mn3Ir
(≈ 1000 K), and makes it a material of choice for introducing large EB to
coupled FM layers [65]. This is because (at a given temperature), the pref-
erential axes along which Mn moments lie stabilize the AF order, which in
turn strongly pins uncompensated interfacial moments in the direction of
unidirectional anisotropy, as explained in Section 1.2.5.

In a real AF sample, however, the magnetic order will break down into
domains [97, 98]. Unlike the case of a FM, where domain formation is favor-
able to reduce demagnetization energy, an AF domain forms due to sample
microstructure and the resulting magnetostrictive effects [98]. Structural de-
fects in the lattice produce crystalline strain fields, which slightly modify
the spacing between atoms. The resulting disruption to the otherwise strong
exchange coupling (as well as DMI and MCA) between atomic moments will
modify the magnetic structure’s energy landscape and favor the formation
of domain walls (as explained in Section 1.2.2). In a noncollinear AF, this
results in neighboring domains with alternating chirality.

Because of the large energy barrier to rotating Mn moments in the trian-
gular spin texture of Mn3Ir [65], it is very energetically costly to reorientate
the chirality of one domain. To achieve this with an external magnetic field
would require an extremely strong magnetic field. Furthermore, because each
Mn moment within a particular triangular spin texture chirality lies along its
preferred 〈1̄12〉 MCA axis [65], there is no direction in which we could apply
the magnetic field that would favor the growth of a certain domain chirality
at the expense of others. For this reason, Mn3Ir remains in a multidomain
state, even in very strong applied magnetic fields. Pinning of the many
resulting domain walls also enhances the EB induced by Mn3Ir [86].

This EB enables the field-free current-driven switching of FM layers cou-
pled to Mn3Ir [99–102]. In this SOT switching process, as described in Section
1.2.1, the unidirectional anisotropy introduced to the FM by EB takes the
place of the external magnetic field. At the same time, Mn3Ir generates the
spin current required for switching through the SHE [103–106].

As well as an extrinsic SHE, detailed in Section 1.2.1, Mn3Ir exhibits an
intrinsic SHE, also predicted for Mn3Sn (see Section 1.2.7).

The intrinsic SHE is driven by momentum-space spin Berry curvature;
this is generated from topological bandstructure features induced in materials
showing certain symmetry breaking [73].
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Figure 13: (a) Illustration of the SHE. A current composed of equal numbers of spin-
up and spin-down electrons undergo spin-dependent deflection via extrinsic (explained in
Section 1.2.1) and intrinsic (discussed in Section 1.2.6) effects. This results in a pure spin
current propagating transversely across the device (with no net charge imbalance). (b)
Illustration of the AHE. A fictitious magnetic field deflects itinerant charge carriers, giving
an intrinsic contribution (introduced in Section 1.2.4). This is combined with an extrinsic
contribution from spin-dependent scattering of conduction electrons (detailed in Section
1.2.9), where 4s electrons are spin polarized in samples with long-range FM magnetization
(M). This results in a net Hall voltage across the sample, and also a spin imbalance
(referred to as magnetic SHE).

In parallel with the induced fictitious magnetic field that is the origin of
the intrinsic AHE (detailed in Section 1.2.9), this spin Berry curvature leads
to the emergence of a spin-orbit field. The strength of this spin-orbit field is
proportional to the integral of the spin Berry curvature in occupied electron
bands around the Fermi level [30].

In a material that also has strong SOC, the emergent spin-orbit field will
modify the orbital angular momentum of propagating charge-current carriers
depending on their spin [30]. Therefore, interaction with the emergent spin-
orbit field exerts an effective transverse force on itinerant carriers, with a
sign depending on their spin orientation. This is comparable to the Lorentz
force, which bends the paths of carriers with opposite charge in opposite
transverse directions in the ordinary Hall effect (described in Section 1.2.8).

Thus, spin-up electrons are deflected in a certain transverse direction,
and the same number of spin-down electrons in the opposite direction [30].
This sets up a pure spin current across a sample, in a direction orthogonal
to the charge current.

An intrinsic spin Hall was discovered in Mn3Ir [75]. This is because its
time-reversal symmetry breaking noncollinear AF order introduces correc-
tions to the momentum-space energy dispersion in the form of band cross-
ings (see Section 1.2.4). Combined with strong SOC, (see Section 1.2.2),
provided by hybridization with the heavy Ir atoms, these crossing points are
gapped and act as sources of momentum-space spin Berry curvature.

Due to the generation of spin Berry curvature from the time-reversal sym-
metry breaking triangular spin texture in kagome (111) planes, the strength
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of the emergent spin-orbit field will vary within the crystal structure. This
results in an anisotropic SHE, where the spin current generated is of dif-
ferent size along different crystallographic directions [75]. The presence of
an intrinsic SHE in Mn3Ir was indeed confirmed by measuring the ratio of
charge-current to spin-current conversion in epitaxial thin films with dif-
ferent crystal orientation, in order to demonstrate this anisotropy through
ST-FMR measurements VI.

In Section 1.2.4, we discuss how the opposite chiralities of the noncollinear
AF structure show opposite signs of Berry curvature; this also reverses the
direction of the emergent spin-orbit field. However, because switching the
chirality is equivalent to a time-reversal symmetry-operation, the direction
of transverse deflection velocity for each spin-orientation also reverses [75].
The combined effect of switching both spin-orbit field and spin-dependent
transverse velocity is that electrons of a particular spin are deflected in the
same transverse direction after chirality reversal. This is effectively the same
as spin Berry curvature being even with chirality [73].

Therefore, intrinsic SHE has the same polarity, regardless of the chirality
of the magnetic structure driving it, and the spin current generated will add
up over all AF domains [75]. This means that, even though Mn3Ir breaks
down into many small chiral domains, it still exhibits a net SHE that is
utilizable in spintronic applications such as field-free SOT switching.

On the other hand, the random distribution of chiralities among AF do-
mains means that the intrinsic AHE (whose polarity is odd with respect
to the sign of Berry curvature, as explained in Section 1.2.9) will cancel in
Mn3Ir [67]. With no practical way to use external magnetic field to achieve
a dominant chiral domain state (as opposed to the case of Mn3Sn detailed in
Section 1.2.7), AHE has avoided detection even in single crystals of Mn3Ir.

Whilst there is very recent experimental evidence of a measured AHE in
highly-ordered Mn3Ir films [108], we are motivated to pursue other meth-

VIOne way of measuring SHE is via the modification of the resonance of a FM layer
coupled to a spin current generating material [107]. When resonance is excited, e.g. by
an external microwave field, two torques are exerted on the FM. The field-like torque
alters the magnetic energy landscape of the material, changing the precession cone angle
in response to excitation frequency, applied magnetic field, and demagnetizing field of the
sample. The damping-like torque suppresses precession cone angle through the Gilbert
damping mechanism. Spin current injection can modify both these torques, contributing
either an additional field-like torque, which will modify the resonance field of the FM, or
an additional antidamping-like torque, which will act to modulate the Gilbert damping,
changing precession cone angle and thus modify resonance linewidth [30]. We call this
measurement technique spin-torque ferromagnetic resonance (ST-FMR) [Ref: A.
Markou et al., “Noncollinear antiferromagnetism and spin Hall effect in cubic Weyl Mn3Ge
thin films”, Submitted (2020)].
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ods to manipulate the chiral domain structure of Mn3Ir in order to realize
Berry curvature generated magnetotransport effects. This would also prove
valuable to potential commercial spintronic devices, where applying external
magnetic field is undesirable.

Recently, the application of strain was used to induce AHE in thin films
of the related noncollinear AF Mn3Pt [109]. We therefore aimed to measure
intrinsic AHE in epitaxial Mn3Ir films, in particular those grown strained
(see Objectives 1.4). This first required the deposition of Mn3Ir thin films
whose crystal structure could be well controlled through epitaxial engineering
(reported in results chapter 2.1). We then proceeded to study the magneto-
transport properties of these Mn3Ir films, on the hunt for topologically driven
effects (detailed in results chapter 2.2). These result chapters also discuss
more extensively the experimental results of crystal structure, exchange bias
and magnetic properties in epitaxial Mn3Ir thin films.

1.2.7 Mn3Sn

Mn3Sn is a noncollinear AF with a hexagonal crystal structure and lattice
parameters a = 0.567 nm and c = 0.453 nm [62]. The unit cell of Mn3Sn is
shown in Fig. 14 (a).

Mn3Sn forms in an D019-ordered phase, with a Néel temperature of ≈
420 K [62]. Here basal planes stacked in an ABAB . . . sequence along the
c-axis (described in Section 1.3.2) form a kagome lattice with triangles of Mn
atoms along the edges of hexagons that host Sn atoms at their center [73].
Each Mn atom has a spin magnetic moment of ≈ 3.0µB per atom [62] (and
a smaller orbital moment [64]).

These Mn atoms are close to fulfilling the Stoner criterion but are ex-
change coupled with a strength λex < 1 (outlined in Section 1.2.2). As
explained in Section 1.2.4, geometric frustration of Mn atomic moments in
this configuration results in a noncollinear AF structure [110].

In addition, MCA plays an important role in forming the ground-state
AF order of Mn3Sn. Single ion anisotropy makes it energetically favorable
for Mn moments to lie along crystalline directions joining nearest neighbor
Sn ions [110]. This results in the 〈21̄10〉 crystallographic directions becoming
magnetic easy axes [111].

Therefore, one Mn moment in the triangle lies along a 〈21̄10〉 crystal
axis. Furthermore, the MCA competes with exchange coupling and succeeds
in canting the other two moments slightly towards this magnetic easy axis
[66]. Fig. 14 (b) indicates this canting. It results in the magnetic moments
of the three Mn atoms no longer fully compensating [111]; Mn3Sn therefore
shows a small uncompensated Mn magnetic moment in the basal plane.
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Figure 14: (a) Crystallographic unit cell of Mn3Sn. Mn atoms shown in blue (with arrows
indicating magnetic moments) and Sn atoms shown in green. (b) Noncollinear AF order
of Mn3Sn in the (0001) plane. The triangular and hexagonal tiles of the kagome lattice are
indicated. Triangles of Mn moments form an inverse triangular spin texture, with their
slight canting towards 〈21̄10〉 magnetic easy axes highlighted by curved arrows.

This small canting of Mn moments has the additional result of breaking
inversion symmetry locally [66]. This introduces DMI between Mn moments,
which proceeds to further exert a competing influence over the noncollinear
AF order [64]. Firstly, because the DMI vector points out of the (0001) plane,
parallel to the c-axis, the atomic moments are confined in the basal plane (in
spite of the significant frustration in the magnetic structure) [66].

Secondly, via the mechanism described in Section 1.2.4, the DMI stabilizes
a negative vector chirality in the noncollinear AF order of Mn3Sn [66]. The
resulting inverse triangular spin texture is illustrated in Fig. 14 (b) [62].

As temperature is decreased, the balance of interactions acting on the Mn
moments changes, and the Mn moments are no longer strongly confined to lie
in the kagome plane [112]. The ensuring release of frustration spontaneously
tilts magnetic moments out of the basal plane, along the [0001] crystal di-
rection [113]. This results in Mn3Sn now having a noncollinear, noncoplanar
spin texture (whose relevance is detailed in Section 1.2.10) with a small OP
FM component of magnetization when magnetic field is applied [113].

It has been proposed that this noncoplanar spin texture may consist of
either two Mn moments canting in the direction of external magnetic field
and one canting opposite to it, or all three canting in the field direction
(however, neutron scattering experiments have not conclusively determined
which) [112]. This OP canting happens below a transition temperature of
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50 K. Due to the spin-glass-type texture of the resulting magnetic structure,
we call this the ‘glassy-FM’ phase of Mn3Sn [113].

In the specific case where a sample of Mn3Sn is prepared with a slight
Mn deficiency, such that excess Mn atoms are not occupying Sn sites, the
combination of exchange coupling, DMI and MCA stabilizes a third possible
magnetic structure [66] (in a temperature range below ≈ 270 K down to the
glassy-FM transition temperature [111]). In this helical magnetic phase, Mn
moments form a spiral structure propagating along the c-axis [114], whose full
rotation occurs over a period of 12 lattice planes [114]. We conjecture that
the absence of observation of such a helical magnetic phase in the epitaxial
Mn3Sn films grown in this study is because of a slight excess of Mn (see
results chapter 3.2).

Let us focus instead on the inverse triangular spin texture. As explained
in Section 1.2.4, the chirality of this triangular spin texture breaks time re-
versal symmetry. This leads to the introduction of topological features to
the bandstructure of Mn3Sn, which act as sources of momentum-space
Berry curvature, driving novel magnetotransport properties of interest to
both fundamental physics and AF spintronic applications [68].

On the other hand, in Section 1.2.6 we discussed how a noncollinear AF
will form domains with opposite chirality of the (inverse) triangular spin tex-
ture. Berry curvature generated by each chirality will be opposite, meaning
that magnetotransport properties that are odd in Berry curvature will cancel
across a macroscopic device containing multiple small domains.

The unique magnetic structure of Mn3Sn, however, gives a mechanism to
manipulate chiral domain structure. The small uncompensated moment
that arises in the basal plane, as a result of the spin canting sketched in Fig.
14 (b) can couple to an external magnetic field. The uncompensated mo-
ment can rotate within the (0001) plane, following an applied magnetic field,
and can be saturated throughout the sample by magnetic field of moderate
strength [112].

Importantly, aligning the weak uncompensated moment, which directly
emerges from the noncollinear AF order because of MCA, will rotate all the
Mn moments coupled to it via exchange interactions and DMI, in order to
maintain the canted inverse triangular spin texture [115]. Since a particular
direction of uncompensated moment corresponds to a single chirality of the
noncollinear AF order, by aligning the small uncompensated moment with
the external magnetic field, we can orient the entire inverse triangular spin
texture into a single chirality.

This reorientation process occurs via the motion of domain walls sep-
arating AF domains, growing those domains whose chirality generates an
uncompensated moment parallel with the magnetic field, at the expense of
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others [76]. When the uncompensated moment is saturated (with a theo-
retical maximum value of ≈ 0.004µB per atom [64]) then the Mn3Sn is in a
single chiral domain state. Use of an external magnetic field to manipulate
the weak uncompensated moment therefore gives us a way to saturate, rotate
and reverse inverse triangular spin texture, and hence control topologically
driven magnetotransport properties.

The tiny uncompensated moment, but strong MCA and exchange cou-
pling energies of the noncollinear AF, give narrow domain walls (of the order
of nanometers). As discussed in Section 1.2.2, this will result in strong pin-
ning of the domain walls by structural defects, producing strain fields that
extend over distances comparable to the AF domain wall width. This pin-
ning will play an important role when controlling magnetotransport proper-
ties with external magnetic field, and is the origin of the enhanced coercive
field observed in epitaxial Mn3Sn films, discussed in results chapter 3.2.

The process of chirality reversal via domain wall motion was discovered
using magneto-optical Kerr effect microscopy, performed on Mn3Sn sin-
gle crystals. Here, significant MOKE contrast arising between domains of
opposite chirality allowed their imaging and, hence, observation of their mo-
tion in applied magnetic fields [76].

Given that the uncompensated moment is so small, this in itself cannot
be the source of the large MOKE contrast observed [115]. In fact, the MOKE
(the rotation of the polarization plane during the reflection of linearly po-
larized light by a magnetic material) measured in (inverse) triangular spin
textures is actually a topological bandstructure effect [116].

It is driven by momentum-space Berry curvature generated from the time
reversal symmetry breaking of the noncollinear AF order in Mn3Sn [116].

This also the origin of the intrinsic AHE that arises in Mn3Sn [68],
discussed in Section 1.2.9.
The topological bandstructure induced by the inverse triangular spin texture
of Mn3Sn will also generate momentum-space spin Berry curvature.

As detailed in Section 1.2.6, Mn3Sn is therefore also predicted to demon-
strate an intrinsic SHE [73].

Finally, in parallel with the comparison between AHE and THE (de-
scribed in Section 1.2.10), SHE can be complemented by a topological spin
Hall effect. This is induced by real-space spin Berry curvature, specifically
by spin-rotation symmetry breaking in the real-space chiral AF structure, and
so is predicted to be observable even in the absence of SOC [117].
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Finally, charge currents in Mn3Sn can become spin polarized VII. In
parallel with the footnote of Section 1.2.9, this causes a magnetic spin
Hall effect in Mn3Sn [118].

Up until recently, the majority of these topological magnetotransport
phenomena were measured in Mn3Sn bulk crystals. This was because Mn3Sn
had not been grown in thin film form, despite this being required for any
potential spintronic applications.

An important objective, therefore, was the growth of epitaxial Mn3Sn
films (as detailed in Objectives 1.4). The successful deposition of epitaxial
Mn3Sn films is reported in results chapter 3.1. Here, we also give a detailed
description of experimentally measured crystal structure and magnetic prop-
erties of Mn3Sn prepared in thin film form.

Subsequently, we aimed to discover topological magnetotransport prop-
erties in these epitaxial Mn3Sn films, starting with the AHE (as the most
relevant mechanism for electrically reading-out the state of potential spin-
tronic devices). These measurements are reported in results chapter 3.2.

1.2.8 Magnetotransport and Hall effect

In spintronics, we aim to utilize the electron spin to create functional devices.
To do this we use magnetic materials, whose state is written and read using
electric currents. Therefore, exploring the interaction between electricity and
magnetic order is important. Often this comes in the form of a material’s
electrical resistivity varying as its magnetic properties change. We call this
field of study magnetotransport.

VIIIn the equilibrium state, electrons at the Fermi level of Mn3Sn occupy states with
spin polarization along various directions. When an electric field is applied, these elec-
trons form a longitudinal charge current. Mn3Sn can be treated as an itinerant magnet
[119]. Therefore, 4s electrons redistribute into certain states on the Fermi surface, whose
spin polarizations are fixed in given directions due to the topological properties of the
inverse triangular spin texture [120]. This is predicted to spin polarize a majority of itin-
erant electrons in a particular direction, thus forming a longitudinal spin-polarized charge
current. The spin polarization direction is odd under time reversal, so, as with the AHE,
the currents will only be prevalent if Mn3Sn is driven into a dominant chiral domain state
[120]. Similar spin-polarized charge currents are predicted for Mn3Ir [120]. Longitudinal
spin-polarized charge currents have yet to be experimentally realized, although open up
a new avenue of potential spintronic devices where noncollinear AFs directly substitute
3d-FMs (for example, the TMR and GMR devices introduced in section 1.2.1). Finally,
since charge current electrons are now spin polarized, when they are deflected transversely
by intrinsic AHE (see Section 1.2.9), they will also show magnetic SHE, discussed above.
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Some magnetotransport effects have been known for over a century, for
example AHE (Section 1.2.9); others discovered only recently, such as THE
(Section 1.2.10). Magnetotransport in FM thin film heterostructures, e.g.
GMR [12] and TMR [13], formed the foundation of spintronics (Section 1.2.1).
And magnetotransport measurements are the crux of the results in this thesis.

The electrical transport behavior of a sample under different conditions
is characterized through its resistivity. This is, in turn, determined from a
measurement of resistance in a specimen of known size. In this section (as
in the remainder of the thesis), we discuss the physics of resistance measure-
ments in Hall bars lithographically fabricated (see Section 1.3.9) in thin-film
samples. In this case, resistance of the device-under-test can be recorded
accurately using a four-point resistance measurement. Fig. 15 describes this
measurement technique [121].

A current source provides a constant current (I = Isource-drain) through
the circuit, whilst a high-impendence voltmeter measures a potential drop
(V = VHi − VLo) that is almost identical to the potential difference between
the voltage terminals of the device-under-test. This gives us the resistance,
R = Rsample, according to Ohm’s law,

V = IR (19)

By measuring voltage as a function of current (an IV curve), the gradient
yields the resistance of the device-under-test.

We can use this to calculate the (device-size independent) resistivity of
the material, ρ,

ρ =
RWt

L
(20)

where L is the spacing between voltage contacts, W is the channel width and
t is film thickness. We quote such values of resistivity for different samples,
as a measure of how reluctant they are to allow electron transport.

Alternatively, if we wish to discuss the ease with which materials propa-
gate current, we quote conductivity, σ,

σ =
1

ρ
(21)

This is the case, for example, when we discuss the AHE in Section 1.2.9.
Depending on the arrangement of contacts in the device-under-test, volt-

age can be measured parallel to current (giving longitudinal resistivity, ρxx)
or perpendicular to current (giving transverse resistivity, ρxy).

What insight into material properties can such measurements give? Be-
ginning with the free-electron (or Drude) model for carrier (electron or
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Figure 15: Circuit diagram of a four-probe resistance measurement. Current source ap-
plies a current, I = Isource-drain. Voltmeter measures potential difference, V = (VHi−VLo).
Resistance of device-under-test, R = Rsample, is determined from Equation 19. Internal
resistance of the current source is very large (1× 1014 Ω for Keithley 6221 utilized in this
thesis [122]). It is varied (using a set of transistors and a negative feedback loop) such
that a constant current passes through both the device-under-test, and source/drain wires
and contacts regardless of their resistances (Rlead(contact), source(drain)). Internal resistance
of the voltmeter is also very large (1× 109 Ω for Keithley 2182A utilized in this thesis
[123]). Therefore, current flowing into the sense circuit, ε, is very small, meaning there
is negligible voltage drop across the sense wires and contacts. Thus, the size of their
resistance (rlead(contact)) does not impact the measurement and (VHi − VLo) is almost ex-
actly the potential difference between the two voltage terminals on the deivce-under-test.
Furthermore, current flowing through the device-under-test (I − ε) ≈ Isource-drain and its
resistance, Rsample, can be accurately calculated. Adapted from [121].

hole) transport, which is based on kinetic theory, we can move instead to a
semiclassical picture, where electrons are described using Fermi-Dirac statis-
tics (known as the Drude-Sommerfeld model) [37]. Extending the model
to be fully quantum mechanical, thus introducing the band nature of elec-
tronic structure in crystalline solidsVIII, we obtain the following expression
for longitudinal resistivity (e is electron charge) [124],

ρxx =
m∗vF

nle2
(22)

Here n is number density of carriers per unit volume, l is carrier mean free
path, m∗ is carrier effective mass, and vF is Fermi velocity [37]:

VIIIIn a simple quantum mechanical model, we approximate the carriers as interacting
weakly with the crystal lattice, which can be represented as a periodic potential. Bloch’s
theorem shows us that the carriers encountering this potential will take the form of a
superposition of plane waves. Finding steady state solutions to Schrödinger’s equation for
such wavefunctions, whilst imposing periodic boundary conditions given by the Brillouin
zone, yields a quantization of carrier energy. These energy levels extend in bands through
reciprocal space, forming the crystal’s bandstructure [125].
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• n is governed by specific chemical and structural properties. Inten-
tional doping or impurities, as well the actual elements from which
the material is made, determine charge carrier concentration. In
metals, this will be predominant in determining transport behavior. In
semiconductors or semimetals, with fewer carriers, other effects play a
role. We can measure n using Hall effect, described below.

• l depends on electron scattering rate; how often electrons are deflected
by collisions with defects or the vibrating lattice (phonons). Shorter
mean free path therefore increases the resistivity of thin films with
dislocations or stacking faults. Because phonon scattering deceases at
lower temperatures, this term is also responsible for the temperature
dependence of resistivity in metals.

• m∗ is the electron rest mass multiplied by a factor that reflects how
carrier motion is modified by the crystal’s bandstructure. This may
make charge carriers lighter or heavier, as it collects together the ways
in which they interact with the potential of the lattice. Because of this,
we refer to the theory of transport incorporating effective mass as the
nearly free electron model.

• vf is the group velocity of the carrier wavepacket, determined by the
shape of the Fermi surface in its vicinity. The Fermi surface is the
interface between occupied and unoccupied bands, so carriers close to
it are responsible for transport. The Fermi surface can lie in the con-
duction band of metals, or at the boundary between conduction and
valence band in semimetals. It can have complex shapes, depending on
material properties, especially crystal structure.

Thus, even this simple model can reveal much about the fundamental
physics in our materials. What about if we apply a magnetic field?

The change in longitudinal resistivity with magnetic field is called mag-
netoresistance, defined as [38],

MR(%) =
ρxx(µ0H)− ρxx(0)

ρxx(0)
× 100 (23)

Magnetic field can affect longitudinal resistivity in two primary ways. Firstly,
when a magnetic field penetrates our sample, flowing carriers will experience
a Lorentz force (F ) perpendicular to both their direction of motion and to
the magnetic field,

F = e(ζx + vF × µ0H) (24)
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where ζx is the electric field set up by applying current across the device-
under-test. This causes carriers to move in helical orbits around the magnetic
field lines. Carrier cyclotron frequency (ωc) gives the time taken to complete
one orbit [37],

1

ωc
=

m∗c

µ0He
(25)

When this period is shorter than the time between carrier scattering events
(1/ωc < l/vF), then the carriers undergo a complete orbit. This requires high
magnetic fields, however in this case carriers move through closed loops on the
Fermi surface [37]. The shape of the Fermi surface will determine the Fermi
velocity, and hence the resistivity measured. Measuring as a function of field
strength and direction will change the carrier’s closed-loop path on the Fermi
surface and thus its Fermi velocity, resulting in a resistance change with mag-
netic field (in other words, MR). Novel effects can be observed in semimetals
whose Fermi surfaces host interesting geometric features or are topologically
nontrivial [71]. This effect is known as geometric, or Lorentz, MR.

What is current flows through a magnetic material? The resulting phys-
ical process relies on three key phenomena detailed elsewhere in this thesis.
Firstly, in itinerant FMs, charge carriers comprise of delocalized 4s band
electrons. These are spin polarized by exchange interactions with atomic
magnetic moments, which (due to the quenching of orbital angular momen-
tum) are generated by 3d sub-shell electrons (see Section 1.2.2).

SOC within the 3d sub-shell means electrons of a particular spin can only
occupy certain orbitals. Therefore, the 3d density of states becomes spin-
split; between states that accommodate electrons aligned either parallel or
antiparallel with the spin-dominated atomic moment [126].

The density of states contributing spins to the net atomic moment will be
more heavily populated with electrons, whilst some states aligned antiparallel
to the net atomic moment will remain unoccupied. In a magnetic transition
metal, this effectively shifts the Fermi level up for the split 3d sub-band
aligned parallel with the magnetization, whilst lowering it in the antiparallel
3d sub-band [38].

At the same time, the resistance of such itinerant FMs is dominated by
scattering events that transition a delocalized 4s conduction electron into an
localized 3d sub-shell state. We call this process s− d scattering [126].

Fermi’s golden rule gives the probability of such transition events occuring
(the second key phenomenon, explained in Section 1.3.8). The rate of s− d
scattering therefore depends on the density of unoccupied states in the 3d
sub-shell [126]. However, if the 4s conduction electrons are spin polarized
parallel to the atomic moments, and the majority of states aligned with
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the atomic moments are fully occupied, then the rate of s − d scattering
is suppressed. Thus, if an external magnetic field is applied to align the
magnetization of such an itinerant FM, then the mean free path of charge
carriers will increase, and its resistivity will decrease [38]. This is one example
of a MR effect seen in itinerant FMs.

Furthermore, if we now rotate this magnetic field, to modify atomic mo-
ment orientation with respect to current direction, we observe that resistivity
is higher when magnetization and current are parallel, and lower when mag-
netization is dragged perpendicular to current. The origin of this effect is the
third key phenomenon, SOC (see Section 1.2.2). Coupling of the 4s conduc-
tion electron orbital angular momentum to the localized 3d atomic moment
spin orientation modifies the transition matrix elements that also contribute
to determining s − d scattering probability. If the motion of the electrons
is parallel to the spin-dominated atomic moment direction, then the s − d
scattering rate is higher, and mean free path shorter. If the motion of the
electrons is perpendicular to the spin-dominated atomic moment direction,
then the scattering rate is lower, and mean free path longer [126]. There-
fore, the resistivity of an itinerant FM will vary as we rotate magnetic field,
another example of a MR effect.

Finally, SOC of the 3d sub-shell spins to the crystal lattice, via their
atomic orbitals, causes MCA in highly-crystalline samples. However, it also
leads to a dependence of s−d scattering transition matrix elements on crystal-
lographic direction [126]. Combining these effects, we find that the resistivity
of a magnetic material depends on the relative orientation of external mag-
netic field and charge current (and also, in some epitaxial thin films, crystal
axes) [38]. This is known as anisotropic MR.

Other MR effects have been discovered, for example GMR [12] and TMR
[13], that also occur because of the spin polarization of carriers flowing
through a ferromagnetic metal (see Section 1.2.2); these form the genesis
of the field of spintronics (discussed in Section 1.2.1).

What about transverse resistivity? The variation in transverse resistivity
with magnetic field is called the Hall effect [127]. Hall effect is measured
as explained in Fig. 16.

Again, when magnetic field is applied OP of the thin film, Lorentz forces
bend the path of propagating carriers. This causes them to move in a direc-
tion perpendicular to the current, therefore setting up a transverse voltage
(Vxy) across the device under test [127]. A steady state will be established,
where the transverse electric field (ζy) generated by this transverse voltage
is equal and opposite to the Lorentz force (from Equation 24),

ζy = vFµ0H (26)

47



Figure 16: Cartoon summarizing the mechanism of the Hall effect for electrons. Mea-
surement geometry consists of a device (of width, W , length, L and thickness, t) through
which a current I = Isouce-drain is passed (along the x direction) whilst measuring trans-
verse voltage Vxy = (VHi − VLo) (along the y direction). This Hall voltage is driven by
an electric field, ζy, and is measured as a function of magnetic field µ0H. In a thin film
geometry, magnetic field is applied OP (along the z direction), whilst current is sourced
and Hall voltage sensed in a device patterned in the film plane. Adapted from [128].

Substituting in the Fermi velocity determined from the nearly free elec-
tron model, the transverse voltage measured across the device-under-test
is therefore determined by [127],

Vxy =
I

t

1

ne
µ0H (27)

In this ordinary Hall effect, the increase in transverse voltage with magnetic
field is linear. Knowing the current through the device and the film thickness,
measuring the gradient of transverse voltage as a function of OP applied field
allows us to extract a parameter called the Hall coefficient, RH,

RH =
1

nq
(28)

where q = ±|e|. The sign of the Hall coefficient is given by carrier charge
and indicates whether transport is dominated by electrons (negative) or holes
(positive), whilst also allowing us to calculate carrier concentration [127].
Alongside ordinary Hall effect, this same technique can be used to measure
anomalous (see Section 1.2.9) and topological (see Section 1.2.10) Hall effects.

In this way, we measured resistivity in Hall-bar devices of noncollinear
AF films. A cryostat was utilized for this purpose (details given in Section
1.3.10), enabling studies as a function of temperature down to 2 K and as
a function of external magnetic field applied OP. These results of magne-
totransport in Mn3Ir and Mn3Sn, reported in results chapters 2.2 and 3.2
respectively, are highlights of this thesis.
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1.2.9 Anomalous Hall effect

In the previous Section 1.2.8, we explained how an external magnetic field
bends the paths of flowing charge carriers, setting up a transverse voltage
across a conducting material (Hall effect). In the case of FM metals that
are of interest for spintronic applications (discussed in Section 1.2.1) there is
an additional, much larger, contribution to the Hall voltage [37]. This is the
anomalous Hall effect. The AHE has potential uses in spintronics, as the
large transverse voltage generated could be used, for example, to read out
the orientation of a magnetic component [28].

This is because the AHE tends to follow the magnetization of a FM;
the Hall signal increases nonlinearly as magnetic field is applied, reaches a
steady value at saturation magnetization, maintains a spontaneous nonzero
value as magnetization is reduced through remanence, and changes sign as
magnetization direction is reversed through coercivity [38].

This suggests that FM magnetization is responsible for the AHE. This
is true, although there are three distinct ways in which the magnetization
can generate AHE. We will discuss these in this section. We find that the
dominant source of AHE in transition metal FMs is not the magnetization
itself, but rather time-reversal symmetry breaking by the FM order [129].
This opens up the possibility of other materials, which also show time-reversal
symmetry breaking long-range magnetic order, also demonstrating AHE.

We measure AHE in the same way as the ordinary Hall effect (detailed
in Section 1.2.8). The transverse voltage across a solid-state sample, or a
thin film device, is measured in response to a magnetic field applied OP.
The changing voltage (Vxy) across the sample, with a constant excitation
current (I), corresponds to a proportional change in the material’s trans-
verse resistivity (ρxy). This, in turn, is inversely proportional to a change in
conductivity; the Hall conductivity (σxy = ρxy/(ρxx)2).

The origin of AHE lies in four key phenomena that underpin several of
the spintronic effects described in this thesis. They are:

• Spin-splitting of electron orbitals within atoms, for example in the 3d
sub-shell, and the uneven filling of the resulting density of states to
generate magnetic moment (explained in Section 1.2.8).

• Transition, or scattering, probabilities of delocalized electrons depend-
ing on how their spin orientation compares with the occupation of lo-
calized spin-split density of states (explained in Section 1.3.8).

• The spin polarization of 4s conduction electrons in itinerant FMs, in a
direction parallel to their magnetization, because of exchange coupling
to ordered magnetic moments (explained in Section 1.2.2).
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• SOC between spin degree of freedom (of electrons in either 3d or 4s sub-
shells) and orbital angular momentum (of electrons either in localized
or delocalized states) (also explained in Section 1.2.2).

These phenomena, when combined, can cause the transverse deflection
of itinerant electrons moving through a long-range magnetically ordered ma-
terial. This causes an accumulation of charge at one edge of the sample,
setting up a voltage across the device. This is similar to the ordinary Hall
effect, but with the much stronger transverse deflection mechanisms leading
to an anomalously-large Hall effect. [129].

The transverse-deflection mechanisms that cause the AHE are comparable
to those responsible for the SHE (as explained in Section 1.2.1). These can
be divided into two types: extrinsic and intrinsic [129].

The extrinsic transverse-deflection mechanisms are identical to those caus-
ing SHE; these spin-dependently deflect conduction electrons transversely
during scattering events [129].

The extrinsic AHE can, in turn, be divided into two contributions [129]:

• Side jump contribution arises from impurity scattering and is there-
fore the dominant mechanism in bad metals (where l ≈ lattice spac-
ing). Experimentally, its contribution to transverse conductivity (σsj

xy)
is found to increase with longitudinal conductivity at a rate faster than
linear (∝ σ≈1.6

xx ). The spin-dependence of the scattering events requires
strong SOC between a delocalized electron’s spin moment and the
orbital angular momentum of localized electrons in impurity atoms. In
this case, the transverse component of momentum introduced to a con-
duction electron when scattering off the impurity atom will have a sign
that depends on the conduction electron’s spin direction.

• Skew scattering contribution arises from Mott scattering. Experi-
mentally, its contribution to transverse conductivity (σskew

xy ) is found to
increase linearly with longitudinal conductivity (∝ σxx) and it is there-
fore the dominant mechanism in perfect crystals with long mean free
paths. During Mott scattering events, Fermi’s golden rule gives the
probability of a longitudinally propagating electron being scattered in
a particular transverse direction. The transition matrix elements gov-
erning this dictate that, in the presence of strong SOC, an itinerant
electron has a higher probability of being scattered in a transverse di-
rection given by the vector product of its longitudinal momentum and
spin orientation (kx×S↑↓). This results in a higher proportion of spin-
up electrons being scattered in one particular transverse direction, and
a higher proportion of spin-down electrons being scattered in the op-
posite transverse direction.
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A majority of 4s electrons in an itinerant FM will be spin polarized in
a direction parallel to its magnetization. These extrinsic spin-dependent
scattering processes will therefore deflect all these majority-spin-polarized
conduction electrons in the same direction, setting up a transverse voltage
across the sample and generating AHE [30].

Fig 13 (see Section 1.2.6) sketches this AHE process and compares it with
SHE (in a normal metal where electrons are not spin polarized) [30]. We see
that, in materials showing long-range magnetic order where 4s electrons are
spin polarized, the charge accumulation generating the AHE voltage will also
be spin polarized IX.

The intrinsic AHE contribution, on the other hand, does not depend on
spin-dependent scattering (and, hence, is independent of scattering rate and,
thus, of longitudinal conductivity).

The intrinsic transverse-deflection mechanism is similar to that causing
SHE; but is instead driven by momentum-space Berry curvature. This gen-
erates an extremely strong fictitious magnetic field, which deflects charge
carries in a transverse direction just as in the ordinary Hall effect [129].

The intrinsic AHE arises in materials showing strong SOC. This is be-
cause, the bandstructure of a solid-state material forms as a result of in-
teractions between electrons and the crystal lattice. Where a material has
strong SOC, atomic magnetic moments localized to the lattice will modify
the bandstructure around the Fermi level inhabited by delocalized conduction
electrons [67].

Specifically, long range ordering of 3d atomic moments breaks time rever-
sal symmetry. Time reversal symmetry breaking introduces momentum-
space Berry curvature to the band structure [129]. This Berry curvature
is a type of field in reciprocal space.

As itinerant electrons move across the material’s Fermi surface through
this Berry-curvature-type field, the Bloch wavefunctions describing these
electrons will acquire a phase shift [41]. This is called the momentum-space
Berry phase. The Berry phase (γ̄) is given by the integral of Berry curva-
ture (β) over the surface (defined by the normal vector, S) across which the
electron moves [41],

IXThe intrinsic AHE contribution does not depend on spin-dependent scattering, but
rather on a fictitious magnetic field (and, thus, may also be observed in materials not
showing spin polarized currents). However, if conduction electrons are spin polarized (as
is the case for 4s electrons in an itinerant FM, or charge carriers in Mn3Sn, detailed in
Section 1.2.7) then electrons deflected transversely will also be spin polarized. Because
of the effective transverse spin current established, we refer to this phenomenon as the
magnetic SHE [118].
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γ̄ =

∫
βdS (29)

A charged particle will also acquire a Berry phase if it moves in a magnetic
field. This is known as the Aharonov-Bohm effect, where the particle’s energy
levels become quantized if it moves on a closed path [39], or, when discussed
in the context of electrons in a condensed matter system subject to strong
external magnetic field, it is known as the quantum Hall effect [37].

By drawing a parallel with these phenomena, we can equate the Berry
phase acquired by electrons in an itinerant FM with that endowed by an
external magnetic field. In other words, the momentum-space Berry curva-
ture generated by the magnetic material’s bandstructure is equivalent to a
fictitious magnetic field acting on 4s electrons [39].

This fictitious magnetic field exerts an effective Lorentz force on the
charged electrons, bending their paths as they propagate through the ma-
terial, in a similar manner to the ordinary Hall effect (explained in Section
1.2.8). However, the fictitious magnetic field generated by the momentum-
space Berry curvature can be very strong (of the order 100 T) [58]. Therefore,
the paths of the charge carriers are strongly deflected. When the carriers are
all electrons, these deflections will all be in the same transverse direction,
setting up a large voltage across the sample and thus an intrinsic AHE [129].

The intrinsic contribution to anomalous Hall conductivity induced in the
plane of a sample (σintrinsic

xy ) can be calculated by integrating the OP compo-
nent of momentum-space Berry curvature (βz) over the Brillouin zone (BZ),

σintrinsic
xy =

e2

~

∫
BZ

dk

(2π)3

∑
n

f(k)βn
z (k) (30)

where e is electron charge, ~ is reduced Planck’s constant and k is wavevector.
f(k) is the Fermi-Dirac distribution function, the sum over which adds up
the Berry curvature generated by each occupied band (with index, n).

Fig. 17 plots the total anomalous Hall conductivity (σA
xy = σsj

xy + σskew
xy

+ σintrinsic
xy ) measured for various long-range ordered magnetic materials, as

a function of the samples’ longitudinal conductivity (σxx, see Equation 21)
[130]. Experiments show that the intrinsic mechanism is the dominant con-
tribution to AHE in itinerant FMs [30].

In this case, it is not atomic moments themselves that cause AHE, rather
time-reversal symmetry breaking by their long-range magnetic ordering [129].

Therefore, other magnetic materials showing a long-range order that
breaks time reversal symmetry would also be expected to show an intrinsic
AHE [67, 68]. In Section 1.2.4, we detail how noncollinear AFs break time
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reversal symmetry. This introduces topological features to their bandstruc-
ture, which act as sources of momentum-space Berry curvature. Therefore,
the noncollinear AFs studied in this thesis, Mn3Ir [67] and Mn3Sn [68], are
theoretically predicted to show Berry-curvature driven intrinsic AHE [73].

However, for noncollinear spin textures, the sign of the generated Berry
curvature is opposite for their two possible chiralities (described in Section
1.2.4). AHE (unlike SHE, discussed in Section 1.2.6) is odd with respect to
Berry curvature, because the sign of the fictitious magnetic field, and hence
the anomalous Hall voltage, is reversed. Therefore, the intrinsic AHE gen-
erated by different chiral domains will cancel across a demagnetized sample.
In order to exhibit net AHE, a noncollinear AF must obtain a domain state
where one chirality is prevelant [73].

As detailed in Section 1.2.6, the large internal anisotropies in a triangular
spin texture mean there is a large energy barrier to rotating its magnetic
moments with an external magnetic field applied in the kagome plane. For
this reason, it is hard to obtain a dominant chiral domain state in Mn3Ir, and
thus manipulate its topological magnetotransport properties using magnetic
field alone (discussed in more detail in the results chapter 2.2).

On the other hand, in Section 1.2.7, we describe how a combination of
DMI and MCA in Mn3Sn introduces magnetic easy axes within its hexagonal
crystal structure. By applying a magnetic field in the basal plane, it becomes
energetically favorable to align the small uncompensated magnetic mo-
ment with the external magnetic field, which in turn acts to coherently rotate
the entire inverse triangular spin texture into a single orientation [110].

Therefore, a small external magnetic field can drive Mn3Sn into a domi-
nant chiral domain state (see Section 1.2.7), such that it shows a nonzero
net Berry curvature and hence AHE [76]. This mechanism enabled the ex-
perimental demonstration of AHE by Nakatsuji et al. in 2015 [131].

This was followed by a number of other observations of AHE in Mn3Sn
bulk samples [115, 132–134] as well as in related hexagonal noncollinear AFs
such as Mn3Ge [135–137]. The ability to control the chirality of the inverse
triangular spin texture has also enabled the observation of other topological
phenomena that emerge as a result of momentum-space Berry curvature in
Mn3Sn, for example MOKE, as detailed in Section 1.2.7.

Whilst these make Mn3Sn an exciting test-bed for the fundamental physics
of topological magnetism (see Section 4), for fully electrical spintronic de-
vices, the AHE will still serve as the key read-out mechanism X. Therefore,
the further exploration of AHE in thin films of Mn3Sn is an important goal.

XThere are also schemes proposed for writing information to devices based on non-
collinear AFs [52]. This is an ongoing area of research, described in Section 4.2.
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Figure 17: The anomalous Hall conductivity (σA
xy = σA

H) measured for a variety of ma-
terials showing long-range magnetic order, plotted as a function of their longitudinal con-
ductivity (σxx = σ). The three conductivity regimes, corresponding to the dominance of
each transverse-deflection mechanism, are indicated. The itinerant FMs lie in the intrinsic
regime. The results for epitaxial Mn3Sn films of different thickness measured in this thesis
(see Section 3.2) are plotted as green stars. Adapted from [130].

Experimental reports have been made of AHE in polycrystalline Mn3Sn
films [138–141] and also of a planar Hall effect in epitaxial Mn3Sn films [142].
However, investigation of the momentum-space Berry curvature generated
AHE in epitaxial Mn3Sn films, where high-quality crystal structure may
enhance this topological effect (and where epitaxial interfaces may enable
spin-coherent switching [45]) remain a key objective (see Section 1.4).

In Section 3.2, we succeed in measuring the AHE in epitaxial Mn3Sn
films; the first demonstration of its kind. The epitaxial Mn3Sn films show a
large anomalous Hall conductivity, which is thickness independent and com-
parable in magnitude to single crystal samples. We compare this anomalous
Hall conductivity with the longitudinal conductivity of the epitaxial Mn3Sn
films in Fig. 17. We thus demonstrate that the AHE of the epitaxial Mn3Sn
films lies in the intrinsic regime. This suggests that the AHE is generated
by momentum-space Berry curvature arising from the inverse triangular spin
texture, and is the most important finding of this thesis. The results of
this thesis therefore pave the way for further studies of topologically driven
phenomena in noncollinear AF films and their potential application into func-
tional spintronic devices.
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1.2.10 Topological Hall effect

In Section 1.2.4, we described how the antisymmetric exchange DMI can
introduce a term to the Hamiltonian describing the energy landscape of a
magnetic system, which makes it energetically favorable for magnetic mo-
ments to form an angle. The direction of the DMI vector (defined by broken
interface or bulk inversion symmetry) determines the preferred direction of
this angle (thus introducing a chirality to the magnetic structure) [63].

Let us consider a representative example, presented in Fig. 18 (a) [129].
Three magnetic moments (S1, 2, 3) in a noncentrosymmetric crystal lattice
are exchange coupled with λex > 1. The three moments align FM, in a
direction parallel to S3.

Inversion symmetry breaking now introduces DMI. For coupling between
moments S1 and S2, the DMI vector points out of the plane containing the
atoms, sketched as a triangle in Fig. 18 (a). The DMI will compete with
the exchange interaction, causing moments S1 and S2 to tilt with respect
to one another but within the triangular plane. This creates a noncollinear
spin texture.

A similar DMI will couple moment S3 to moment S1 and to moment
S2 respectively, again causing them to cant with respect to one another, this
time out of the triangular plane. The result is a noncollinear, noncoplanar
spin texture.

Positioning the moments at a single point, as in Fig 18 (b), we see they
subtend a certain solid angle [129]. We call this solid angle the scalar spin
chirality (κ) of the moments, defined [143],

κ = S1 · (S2 × S3) (31)

For a noncollinear, noncoplanar spin texture, scalar spin chirality is nonzero.
As a 4s electron adiabatically moves through a material containing such

magnetic structure, spin-spin exchange interactions will encourage the elec-
tron’s spin to align parallel to each moment locally [144]. As this delocalized
electron spin winds, following the nonzero scalar spin chirality of the mag-
netic texture, it will acquire a Berry phase that is proportional to the solid
angle of the moments [129]. Therefore, if scalar spin chirality is finite, con-
duction electrons will be imbued with a finite Berry phase [144].

Because the itinerant electrons are moving amongst a magnetic structure
in real space, we call this a real-space Berry phase, to differentiate it
from that endowed by the momentum-space Berry curvature causing AHE
(detailed in Section 1.2.9). Another difference from the AHE is that, in this
case, no SOC is required, because the real-space Berry phase is imparted to
electrons purely because of spin-spin exchange interactions [145].
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Figure 18: (a) Three magnetic moments, coupled FM by exchange interactions but in a
noncentrosymmetric crystal structure. The blue arrow indicates the vector (D12) of the
DMI which couples moment S1 to S2 and tilts them with respect to one another. Similar
DMIs with moment S3 cants them out of the triangular plane, forming a noncollinear,
noncoplanar spin texture. (b) Solid angle (shaded area) subtended by the three spins. This
is proportional to their scalar spin chirality and, hence, the real-space Berry curvature they
induce. Adapted from [129].

Nevertheless, as explained in Section 1.2.9, conduction electrons acquiring
a Berry phase will undergo transverse deflection. This will, therefore, create
a voltage across the sample; a Hall effect. This Hall effect generated by
real-space Berry phase, imbued by a finite scalar spin chirality, is called a
topological Hall effect [145].

Magnetic materials that show the noncollinear, noncoplanar spin texture
required to generate nonzero scalar spin chirality include skyrmions [144] and
antiskyrmions [146] XI. In such materials, the Hall resistivity ρxy measured as
function of magnetic field (µ0H) applied OP can be broken down into [146]:

ρxy = ρH
xy + ρA

xy + ρtopological
xy (32)

ρxy = RHµ0H +RAM + ρtopological
xy (33)

XIA magnetic skyrmion is a vortex-like ‘knot’ of moments, formed of overlapping he-
lices of magnetic moments, that show a positive winding number (an integer value defining
chirality) [63]. Antiskyrmions are similar quasiparticles, but with a different magnetic con-
figuration that has a negative winding number [60]. Both quasiparticles form in regular
lattices within noncentrosymmetric crystals or structures with interfacial inversion symme-
try breaking, because of competing exchange interactions and DMI. They are topologically
protected objects (i.e. cannot be modified without breaking additional symmetries and
changing their winding number) and possess nonzero scalar spin chirality, hence serving
as a source of THE.
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• ρH
xy = RHµ0H represents the ordinary Hall effect. It is linear in mag-

netic field, with a gradient given by Equation 28.

• ρA
xy = RAM is the AHE contribution. The anomalous Hall coefficient

(RA) takes into account the side jump, skew scattering and intrinsic
mechanisms which, for a FM, are proportional to magnetization (M).

• ρtopological
xy represents the remaining contribution to transverse resistivity

due to the THE.

By subtracting from measured Hall resistivity both a linear dependence (to
account for ordinary Hall effect) and a component proportional to indepen-
dently measured (for example, using SQUID-VSM explained in Section 1.3.7)
sample magnetization (to account for AHE), we can experimentally deter-
mine the THE contribution [143]. Typically, we observe this as a bump in
Hall resistivity in a certain magnetic field range. This corresponds to the field
range in which the noncollinear, noncoplanar spin texture is stable (above a
certain minimum field strength required to induce the spin texture, but below
higher fields that force the FM moments to align collinear) [144].

THE has also been observed in AFs, such as Mn5Si3, with a noncollinear,
noncoplanar spin texture [143]. Due to the lack of net magnetization, in this
case THE manifests itself as a nonlinearity in Hall resistivity in the magnetic
field range where the noncollinear, noncoplanar AF order is stabilized.

This raises the question of Mn3Sn, which hosts a noncollinear AF struc-
ture (discussed in Section 1.2.7). By subtracting a contribution proportional
to the uncompensated moment (that drives Mn3Sn into a single domain state
and so can be considered proportional to momentum-space Berry curvature
generated AHE), evidence has been discovered of a THE in Mn3Sn bulk sam-
ples at room temperature [133, 147]. However, because the inverse triangular
magnetic structure of Mn3Sn is still coplanar, this is instead attributed to
the formation of chiral domain walls with more complex spin texture [148].

However, below 50 K Mn3Sn transitions into a glassy FM state and its
Mn moments cant out of the basal plane. This now forms a noncollinear,
noncoplanar spin texture. Evidence has been found of a THE close to the
coercive field of polycrystalline bulk Mn3Sn samples at low-temperatures
[149], suggesting the formation of a finite scalar spin chirality in this region.
In results chapter 3.2, we extend this investigation of THE in the glassy
FM phase of Mn3Sn to thin films, by measuring, for the first time, low-
temperature magnetotransport in our epitaxial samples.
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1.3 Experimental methods

1.3.1 Magnetron sputtering

The thin films prepared in this work were grown using magnetron sputtering
deposition. A number of different techniques can be used to grow materials
in thin film form (here referring to layers with thicknesses <100 nm), such
as molecular beam epitaxy or pulsed laser deposition. However, we chose to
use magnetron sputtering because of its flexibility when depositing metallic
layers in different compositions or configurations, and its speed and efficiency.
These advantages also make magnetron sputtering the deposition technique
of choice in industrial fabrication of thin film based devices, where metallic
layers or heterostructures are grown to prepare spin valves [12] or MTJs [13].
Therefore, use of this technique will help demonstrate the applicability of
our Mn3X films to potential antiferromagnetic spintronic applications.

Sputtering, in common with all thin film preparation techniques, involves
removing atoms from a well-controlled target material (in this case, a 2
inch or 3 inch disk of elemental metal or a commercially produced alloy)
at a controlled rate. The atoms then propagate through a chamber under
ultrahigh vacuum until they are deposited on a substrate. As these so-called
adatoms arrive on the substrate surface, they grow (via a variety of possible
mechanisms) into a thin film [150]. The thin film growth process is discussed
in more detail in Section 1.3.2. Here, we shall start with an overview of
the physical mechanisms and technological considerations necessary in the
sputtering process itself.

The main difference between the various thin film deposition techniques
is simply the method used to remove atoms from the target material. In the
case of sputtering, this process involves the collision of ionized atoms of a
working gas with the target. In a traditional sputtering process, an electric
field is set up across the sputtering chamber, from a positively charged anode
at the substrate, to a negatively charged cathode formed from the target
[151]. Electrons are emitted by the cathode. As the working gas, typically
inert Ar, is injected into the chamber, collisions between these electrons and
Ar will remove an electron from the Ar atom, producing positively charged
Ar ions in a plasma [152]. These ions will be accelerated by the electric
field towards the target, where they collide with and kick out adatoms. We
illustrate a traditional sputtering set-up in Fig. 19 [152].

On the other hand, modern sputtering deposition processes use magnetron-
based sources to generate the plasma. These contain a series of permanent
magnets behind the target, which produce a magnetic field parallel to the
target surface and directed radially out from its center [152]. Electrons in
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Figure 19: Schematic layout of a traditional sputtering apparatus [152].

the Ar plasma begin to move in cyclotron orbits around these magnetic field
lines, trapped in circular paths by Lorentz forces [153]. This confines the
electrons close to the target surface. The Ar atoms are, in turn, ionized
closer to the target surface, increasing their probability of collision with it
[152]. This allows us to stabilize the plasma at a lower working gas pressure,
thus reducing possible contamination of the films. Fig. 20 shows a diagram
of such a magnetron-sputtering source [154].

In addition, confining the plasma close to the target means it is no longer
necessary to bias the substrate; instead a shroud around the magnetron forms
the anode and sets-up the electric field to accelerate Ar ions [152]. This en-
ables more precise control of the Ar ion acceleration, which in turn determines
sputtering rate. The sputtering power on a magnetron can be set by the user,
which involves setting the voltage between target and shroud (whilst simul-
taneously monitoring ionic current). In this manner, working gas ions are
accelerated towards the biased target. These Ar ions are heavy but with a
low radius and therefore transfer significant momentum to a limited number
of target atoms upon collision. A process begins whereby this momentum
is transferred between different atoms in the target, eventually resulting in
atoms close to the target surface receiving sufficient energy to be ejected from
the target [151]. Higher sputtering power results in faster acceleration of Ar
ions, and thus a higher density of more energetic adatom emission that, in
turn, increases sputtering rate.

In the experiments reported in this thesis, we controlled the sputtering
power on different targets (tuning the voltage between cathode and anode) to
yield growth rates encouraging the epitaxial formation of films (see Section
1.3.2) and control the composition of films. For example, Mn3Sn was co-
sputtered from Mn and Sn targets, with the rate on each magnetron varied
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Figure 20: Schematic layout of a magnetron sputtering source. Adapted from [154].

to give the correct stoichiometry. Meanwhile, for Mn3Ir, which was deposited
from an alloy target, we found that varying the sputtering power changed
the relative compositions of Mn and Ir in the resulting film. Thus, sputtering
power was chosen to give the desired 3:1 stoichiometric ratio.

The magnetron sputtering chamber used to deposit these Mn3X films is
shown in Fig. 21. It contains 13 separate magnetrons, in three clusters of four
guns (plus one stand-alone). Each source is fitted with a different target in
order to sputter a variety of materials. We then move the substrate laterally,
such that it is incident over the desired target. Within each cluster, it is
possible to co-sputter from any of the four magnetrons, in order to deposit
alloy films.

The sputtered ad-atoms leave the target and travel to the substrate in
a plume through a chamber evacuated to ultrahigh vacuum. This ultrahigh
vacuum is necessary to minimize contamination of the resulting sample with
oxygen, water or other contaminant gases [155]. Such ultrahigh vacuum
is created using a combination of rotary vane and turbo molecular pumps.

The roughing pumps use a mechanical piston to extract air from the cham-
ber down to a pressure of approximately 1× 10−3 mbar. At this point, we
switch from measuring pressure using a ’Baratron’-type capacitance manome-
ter, to a highly sensitive cold-cathode gauge [155]. Below such pressures, the
remaining gas in the chamber no longer moves with a viscous flow (where
inter-atomic collisions dominate), but rather a molecular flow (where colli-
sions with the chamber wall dominate) [156]. This is because the mean-free
path of the gas atoms is now longer than the chamber dimensions [156].

Gas atom mean-free path, λ̄ (in cm) depends on residual gas pressure, p
(in mbar) and, at room temperature, can be approximated by [155],
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Figure 21: Photographs of the outside (left) and inside (right) of the sputtering system
at the Max Planck Institute for Chemical Physics of Solids, Dresden (in 2020).

λ̄ =
6.65× 10−3

p
(34)

By comparing mean-free path with a typical chamber length dimension, L,
we define Knudsen’s number, Kn [156],

Kn = λ̄/L (35)

In the regime where Kn <1 we observe viscous low, but after the transition
to molecular flow Kn >1 [157].

At this point, turbo-molecular pumps take over. These use a series of
rapidly rotating (1500 Hz) turbine blades to ‘hit’ individual molecules away
from the chamber flange and out through the pump, lowering the residual
pressure inside the chamber much further [157]. We achieve base pressures
<1× 10−9 mbar.

For the sputtering process, the chamber is refilled with highly pure (5N)
Ar working gas to 3× 10−3 mbar. This pressure results in a mean-free path
of sputtered atoms of the order cm [155]. We can adjust the vertical target-
to-substrate distance with respect to this mean-free path length. For the
films grown in this study, target-to-substrate distance was fixed at 15 cm.
This means that, by the time the plume of atoms reaches the substrate,
adatoms have thermalized through collisions with working-gas atoms [155].
Thus, the adatoms arrive in a diffusive manner, increasing their homogeneity
and reducing directional deposition.

In this state, increasing the working gas pressure will also increase the
frequency of collisions, which can be used to reduce growth rate. In general, a
lower rate favors epitaxial film deposition, by allowing more time for adatom
recombination on the substrate surface [150]. However, the drop in growth

61



rate as a function of increased pressure can be dramatic, whilst at the same
time significantly enhancing Ar inclusion in the thin film. For this reason, in
this study we kept Ar pressure as low as possible to form a stable plasma,
instead controlling growth rate using sputtering power.

This growth rate is estimated in real time using a quartz crystal microbal-
ance (which measures the subtle alterations in resonance of a vibrating quartz
crystal, placed temporarily in front of the substrate, as material is deposited).
We subsequently confirm growth rate after-the-fact by measuring the thick-
nesses of films deposited for a known amount of time (see Section 1.3.4). We
optimized growth rates used in this thesis to yield epitaxial film growth with
the desired chemical composition. These were typically of the order 0.1 to
1 Å s−1. These are comparatively low on ‘human’ time scales, meaning film
thicknesses can be easily controlled by stopping the deposition after a mea-
sured period of time. We discuss the resulting growth mechanisms of thin
films in the coming section.

1.3.2 Thin film growth and crystal structure

In the previous Section 1.3.1, we explained how the sputtering process can
be used to remove atoms from a target in a measured manner, and propagate
them through ultrahigh vacuum to a waiting substrate. As these adatoms
are deposited on the substrate at a controlled rate, a thin film begins to
grow [158]. The growth mechanism favored by the arriving adatoms can
be modified by changing the conditions of the substrate [159] (such as its
temperature, electric potential, applied magnetic field, angle with respect
to atomic plume, and rotation speed). In addition, the nature (chemical
composition, crystal structure and surface preparation) of the substrate
plays an important role in seeding the thin film growth [160]. In this Sec-
tion, we examine the effect of two important substrate parameters (crystal
structure and temperature) below, and discuss the different thin film growth
mechanisms that can result.

As the first sputtered adatoms arrive at the substrate, they coalesce to
form tiny clusters, or nuclei, on the substrate surface [158]. This nucleation
is the first stage of the growth process. As more adatoms are deposited,
the nuclei enlarge. The process by which this expansion occurs is important
in determining the final characteristics of the sputtered sample, in particular
whether we achieve high quality epitaxial films, and is what we aim to control
through deposition and substrate conditions.

Three basic modes of thin film growth have been identified [150]. These
are illustrated diagrammatically in Fig. 22 and arise because of a relative
balance of different surface energies (γ) at the interfaces between the film
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(f), substrate (s) and adatom vapor (v) [150]. Borrowing from the capillary
approximation of fluid dynamics, these fulfil Young’s equation,

γsv = γfs + γfv cos θ (36)

where θ is the angle between the substrate surface and a tangent to the
nucleus’ surface [158].

In the first mode, called layer-by-layer (or Frank-Van der Merwe),
θ = 0 and the surface energy of the film is less than that of the substrate,

γsv > γfs + γfv (37)

This is especially true in the case of homoepitaxy, where the substrate and
film are chemically similar and the film-substrate interface energy, γfs = 0
[158]. Homoepitaxy is often encountered in the growth of semiconductor-
on-semiconductor devices, where the deposition of material one monolayer
at a time can enable the preparation of almost defect free laser diodes and
quantum wells [161].

In the case of metal film deposition (in particular on oxide substrates) the
surface energy of the film nucleus, combined with that of the film-substrate
interface, is larger than that of the substrate surface,

γsv < γfs + γfv (38)

In this condition, we encounter island (or Volmer-Weber) growth [158].
Finally, for the case where we succeed in reducing the film surface energy,

and in particular the interfacial energy between film and substrate, to slightly
below the substrate surface energy, a combined (or Stranski-Krastanov)
growth mode occurs,

γsv > γfs + γfv (39)

This can be achieved by using a buffer layer with a wetting function (de-
noted β, which accounts for the bonding energy between the deposited and
underlying materials) that is closer to the (in general, low) surface energy
of the substrate [150]. This then allows the higher surface energy metal to
be deposited on the buffer layer initially in a layer-by-layer manner, before
islands begin to form.

Instead, the Volmer-Weber growth mode is typical for the metallic thin
films featured in this thesis. In order to achieve continuous thin films of the
type required for spintronic devices, it is thus necessary for the islands to
combine. This process occurs in two steps; firstly islands grow individually,
and secondly they coalesce into larger clusters [150].

63



This coalescence can occur by one of three mechanisms [158]:

• Ostwald ripening: a drop in chemical potential energy between smaller
and larger islands leads to mass transport between nearby grains.

• Sintering: two islands that come into contact will proceed to rapidly
coalesce along a path of minimum energy at their touching point.

• Cluster migration, where islands undergoing random motion over the
substrate surface, collide and coalesce.

Differentiation of these different mechanisms can be challenging in practice,
however all are driven by the tendency to minimize surface energy by combin-
ing smaller islands into larger ones. In general, deposition of a few nanome-
ters of materials is sufficient to ensure coalescence.

However, individual islands must first enlarge to a sufficient size to trigger
coalescence. This does not always occur, for example in Section 3.1, where we
will find Mn3Sn films that grow with a discontinuous structure. A chief factor
in determining the size to which these nuclei expand in the Volmer-Weber
mode is substrate temperature.

Returning to the capillary approximation, we find island size is governed
by a balance of film-interface and film surface energy, against the Gibbs free
energy associated with the volume of the island [150]. Enlarging an island
in size will be energetically unfavorable, up to a certain critical radius, rc

[150]. Above this radius, expanding the island further begins to reduce total
energy, thus starting the eventual process of thin film formation. However,
at elevated substrate temperatures, it becomes increasingly difficult for is-
lands to initially expand up to the critical radius. Instead, it is energetically
favorable to nucleate new clusters. Therefore the number of stable nuclei per
unit area of substrate is larger for higher substrate temperatures [158].

Furthermore, the critical radius itself increases with substrate tempera-
ture [158]. Therefore, it becomes less likely that any individual island will
reach the critical radius required for ongoing growth. These two factors com-
bine to mean that, when deposition is performed at higher substrate temper-
atures, discontinuous island structure can persist to a higher surface coverage
[158]. This is the situation observed in Section 3.1, where the Mn3Sn films
were grown at a high temperature of 500 ◦C.

Why, then, insist on depositing thin films on substrates held at elevated
temperatures? The reason is that higher substrate temperature enables the
formation of crystalline thin films via the promotion of adatom mobility[158].
Modeling adatom motion on the substrate surface as diffusive, the mobility
of adatoms can be quantified using a diffusion coefficient, Ds,

64



Figure 22: Illustrations of the arrangement of adatoms on a substrate during (a) Volmer-
Weber, (b) Frank-Van der Merwe and (c) combined thin film growth modes. The film
deposition proceeds from nucleation, left, to layer coalescence, right [150].

Ds = D0 exp(− ∆Gs

kBTG

) (40)

where D0 is a constant representing diffusion coefficient at infinite temper-
ature, ∆Gs is the activation energy for surface diffusion, kB is Boltzmann’s
constant and TG is the growth temperature [150].

Adatoms initially arrive at the substrate and form nuclei in a random ar-
rangement. As islands grow, more mobile adatoms have the ability to move
and form new structures. For a particular composition of atoms, it will be
energetically favorable to form a particular crystal structure [150]. Thus by
depositing films on substrates held at elevated temperatures, where deposited
adatoms have sufficient mobility to move into a lower energy formation,
we can thus encourage the growth of thin films with desired crystal structure.

Solid-state materials have a crystal structure. This refers to the arrange-
ment of the material’s atoms in an organized and regular way. Such an orga-
nized and regular arrangement occurs because it is often the lowest energy
configuration of atoms within a particular material [162].

A crystal structure consists of a repeating unit of atoms, arranged pe-
riodically in three-dimensions on a lattice. The repeating unit of atoms is
called the unit cell. The translations that map any given point within the
unit cell onto an identical point in the next unit cell are called the lattice
vectors [162]. Combining the lattice vectors and unit cell together, we define
our material’s crystal structure.

65



Figure 23: Resulting structure when a (left) perfectly lattice matched, (middle) well lattice
matched and (right) poorly lattice matched thin film is deposited on a given substrate.
The left panel is typical of homoepitaxy, the middle panel shows high quality strained thin
film growth, whilst the right panel shows an epitaxial film containing dislocation defects
close to the interface. Adapted from [161].

The lengths of the lattice vectors are equal to the edges of the unit cell;
that is, the spacing between repeating units of atoms in crystal structure. We
call these the crystal’s lattice parameters (denoted a, b and c). Similarly,
the angles between lattice vectors define shape of the unit cell.

There are seven unique combinations of lattice parameters and vector
angles, which cannot be reproduced from one another by a combination of
symmetry operations (e.g. reflections or rotations). Fig. 24 shows these.
Some of these unique arrangements can, in turn, have either base-, body- or
face-centered variations, which, combined, are called the Bravais lattices.

Within these lattices, we see there exist several unique directions and
planes with respect to the arrangement of atoms. Physical properties often
vary between these. We can denote the different planes by defining a set of
orthogonal axes with respect to the lattice vectors. From the points at which
a plane intercepts these axes, we define three indices, h, k and l. These are
called the Miller indices, (hkl), and are used to identify different crystal
planes. For example, the shaded face in the cubic unit cell in Fig. 24 is the
(001) plane. Groups of planes that are symmetrically equivalent are denoted
{hkl}; for example the {001} planes in the cubic unit cell are the six faces
of the cube.

A direction within the crystal structure is also defined by Miller indices;
[hkl] is the direction perpendicular to the plane (hkl). Therefore the lattice
vectors of the cubic unit cell are parallel to the 〈001〉 group of crystalline
directions. This notation for crystallographic planes and directions is used
throughout this thesis.
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Figure 24: The seven (length and relative angle) combinations of lattice vectors (a, b
and c) that cannot be transformed into one another by symmetry operations. If an atom
is positioned at the end of each of lattice vector, we call the resulting repeating unit a
primitive unit cell (each cell contains the equivalent of one atom). If an atom is positioned
on the top/bottom face, at the center, or on all faces of the primitive unit cell, we call the
resulting repeating unit a base-, body- or face-centered unit cell, respectively. Together
these form 14 possible combinations, known as the Bravais lattices. Adapted from [162].

In metallic materials, of the type studied in this thesis, the formation
of a solid occurs when metal atoms’ valence electrons form a sea around
ionic cores arranged in a crystal lattice. The delocalized valence electrons
(for example the 4s electrons of the first period transition metals) lead to
electrical conduction (discussed in more detail in Section 1.2.8) whilst the
remaining localized electrons in the atoms (such as the 3d sub-shell electrons)
can cause, for example, magnetism (discussed in more detail in Section 1.2.2).

Meanwhile, the ionic cores form a lowest energy configuration by mini-
mizing the empty space between them. Such maximum packing efficiency
is obtained by forming a layer of atoms arranged in a hexagon, as shown
in Fig. 25 (a). To construct a three dimensional crystal, a second layer of
hexagonally close packed atoms is positioned over three of the six possible
interstitial sites of the first layer, as shown in Fig. 25 (b). There are now two
possible ways, with equal packing efficiency, of positioning the next layer;
either over the interstitial site labeled A, or the interstitial site labeled B.

In the case of A, the third layer is positioned directly over the first layer,
forming a hexagonal unit cell. In Section 1.2.7, we show that Mn3Sn
adopts a hexagonal crystal lattice.

In the case of B, the third layer is offset from the first two, and the fourth
layer will again be positioned directly above the first. This forms the (111)
plane of a face-centered-cubic unit cell. In Section 1.2.6, we show that
Mn3Ir adopts a face-centered-cubic crystal lattice, and discuss its growth
along both [001] and [111] directions.
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(a) (b)

Figure 25: (a) Hexagonally close packed plane of metal atoms, achieving maximum pack-
ing efficiency. (b) Positioning of the next layer of atoms over three interstitial sites of the
first lattice plane. The next atomic layer can, in turn, be positioned over sites A or B, to
construct a hexagonal (with an A-B-A-B. . . stacking sequence) or face-centered-cubic (with
an A-B-C-A. . . stacking sequence) crystal structure, respectively. Adapted from [162].

An alternative approach to depositing thin films with a particular crystal
structure is instead to use a postannealing process. Adatoms are deposited
on the substrate at ambient temperatures, which encourages island coales-
cence such that a continuous thin film is easily formed. However, due to low
adatom mobility, the film is likely to have only weak crystal texture [163]. In
addition, the film will contain many grains with different crystal orientations
and different sizes, determined during the process of island expansion and
coalescence.

However, by subsequently heating the continuous, granular, weakly tex-
tured thin film to a high temperature, we can encourage it to crystallize.
This process is called annealing, and its effects are twofold. The first is to
introduce energy to the adatoms, such that they can overcome the energy
barrier to reorientation, and thus move their arrangement slightly to achieve
a lower energy state (i.e. a crystal lattice).

The second effect is to encourage the motion of grain boundaries [163].
Grain boundaries have an energy barrier to reorientation, after which an
expansion of grains and reduction in the number of boundaries becomes
energetically favorable. Specifically, larger grains grow at the expense of
smaller grains. Annealing provides this activation energy and thus grain
size in the film increases and with it regions of the particular desired crystal
orientation.

In the sputter system used to prepare the thin films in this thesis, a
SiC heater positioned behind the substrate holder in the deposition chamber
was used to heat the substrate to a controlled temperature of up to 1000 ◦C.
High temperature deposition or annealing will thus produce high-crystallinity
thin films with large grains. However, only the lowest energy configuration
of atoms will determine the resulting type of crystal lattice, and grains may
be rotated randomly with respect to one another.
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How, then, can we selected a specific crystal structure for our material
(especially if it has multiple metastable phases, for example Mn3Sn [164]) or
establish a particular coherent alignment of crystal axes between grains (giv-
ing our sample the character of a single-crystalline film)? The answer comes
from one of the most powerful and unique aspects of thin film growth, which
allows preparation of crystal orientation with a high degree of control, and
even the stabilization of otherwise metastable crystal configurations [161].
We use substrate crystal structure to seed film crystal structure [159].

This is known as epitaxial thin film growth. There is an energy
saving associated with adatoms positioning themselves over the lattice sites
of the substrate template [159]. A balance between the energy minimization
achieved by forming its preferred crystal structure, with the energy reduction
that results from positioning atoms in concordance with the atomic mesh at
the surface of the substrate, governs the crystal orientation of the film.

By providing activation energy either through a moderately heated sub-
strate or postannealing process, adatoms will be mobile enough to find ener-
getically favorable positions above the atoms at the surface of the substrate
template, thus seeding the film with a predetermined crystal structure [159].
Where the two crystal lattices are well suited, with the same Bravais struc-
ture and similar spacing between atoms, heteroepitaxial growth of a thin film
with well-defined structure can be achieved.

We quantify this by defining the lattice mismatch of the system in terms
of the IP lattice parameters of the substrate (asubstrate) and bulk crystal
structure of the film (afilm-bulk) [161],

Lattice-mismatch(%) =
(afilm-bulk − asubstrate)

asubstrate

× 100 (41)

In general, metallic thin films with a lattice mismatch of up to 9 % or even
15 % can still be deposited epitaxially [165].

Where lattice mismatch is small, the film may grow strained on the sub-
strate. This is typical of semiconductor-on-semiconductor heterostructures,
and can result in defect-free thin film preparation [161]. Where the lattice
mismatch is large, this strain will relax over the course of consecutive crystal
planes [161]. This is often found in metallic thin films, and can occur in
the form of stacking faults or misfit dislocations [161]. Fig. 23 illustrates
strained versus relaxed thin film growth [161].

In Section 2.1, we deposit Mn3Ir films on a cubic MgO substrate. The
lattice mismatch here is ≈ 10%. This is large enough that, after 3 nm, the
film relaxes and grows with lattice parameters close to the bulk. However,
the lattice mismatch is nevertheless sufficiently small that the MgO seeds a
cubic structure into the Mn3Ir film, such that it grows with cube-on-cube
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epitaxy on the substrate. This is achieved whilst depositing the thin films
at much lower temperatures than those in Section 3.1, because the close
lattice matching requires only slight adatom movement into the energetically
preferable cubic sites over the substrate surface net. This is an example of
epitaxial thin film growth.

Here we deposited thin films directly on the oxide substrate surface. How-
ever, in Section 2.2, we prepare of ultrathin Mn3Ir films with (111) orientation
on an Al2O3 substrate using a buffer layer. This results in highly strained
films in the ultrathin regime. Such strain is an example of plastic deformation
of the film. The energy associated with this plastic deformation (Estrain),

Estrain =
Y tε2‖

(1− ν)
(42)

where Y is Young’s modulus, t is film thickness and ν is Poisson’s ratio [166].
Here the IP strain (ε‖) in the deformed film with measured lattice parameter
(afilm-measured) is calculated [159],

ε‖ =
(afilm-measured − afilm-bulk)

afilm-bulk

× 100 (43)

This elastic deformation occurs up to a certain critical film thickness (tc)
above which the thin film relaxes [166].

That the first few layers of the film are highly strained suggest that per-
haps, in this case, a Stranski-Krastanov growth mode is at work. The first
nanometers of the Mn3Ir (111) films may be deposited in a layer-by-layer
manner, with the TaN buffer improving wetting between film and substrate.

Having successfully grown an epitaxial thin film of our desired material,
how can we classify its crystal configuration? In the case of thin films grown
epitaxially, one particular set of crystal planes will grow parallel to the sub-
strate surface [159]. This crystal lattice will extend laterally throughout the
film plane, thus defining its crystal structure. We call this crystal plane the
thin-film orientation.

Epitaxial film compounds are often denoted together with their orienta-
tion, that is, the Miller indices of the crystal plane lying in the film plane
[163]. For example, the Mn3Ir (111) films presented in Section 2.2 have the
cubic (111) crystal plane lying in the plane of the thin film.

The resulting top down view of this thin film structure is shown in Fig.
26. For a given orientation, certain crystal axes will lie in different direc-
tions within the film plane. In Fig. 26, we see that the [1̄12] and [11̄0]
crystallographic directions are angled orthogonally within the film plane.
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Figure 26: Illustration of the crystal structure of a Mn3Ir (111) film grown using a
TaN (111) buffer layer on an Al2O3 (0001) substrate. The relative orientations of the
crystal lattices demonstrate the epitaxial relationship between the layers, with IP and OP
crystallographic axes labeled. The IP lattice spacing in each layer is also shown.

For epitaxial thin films, the correlation between the OP crystal orientation
and IP crystallographic directions in the substrate and film can be expressed
through the epitaxial relationship [159]. In the example shown in Fig. 26,
the epitaxial relationship (analyzed in detail in Section 2.1) is:
Al2O3 (0001) [112̄0] [1̄100] ‖ TaN (111) [1̄12] [11̄0] ‖ Mn3Ir (111) [1̄12] [11̄0].

For such epitaxially grown films, we can compare macroscopic measure-
ment directions (for example, along which magnetic field is applied or elec-
tric current flowed) to microscopic crystallographic axes. This allows the
observation of anisotropic properties, offering new possibilities for spintronic
applications (e.g. the intrinsic AHE in Mn3Sn discussed in Section 3.2).

Solid-state materials can also consist of many small grains of highly crys-
tallized atoms, which are randomly oriented with respect to one another.
These are called polycrystalline [163]. In reality, sputter deposited thin films
of the type used for commercial spintronic devices (and therefore, to show the
applicability of our results, studied in this thesis) will be somewhere between
epitaxial and polycrystalline [163]. They will consist of large crystallites,
within which the material has a well-defined crystal lattice. These will be
coherently oriented with respect to one another, that is, with high-symmetry
crystalline axes pointing along the same directions in the film plane, following
the substrate. However, they will nevertheless exhibit grain boundary defects
between crystallites.

The epitaxial configuration can have a significant effect on the material
properties we wish to utilize for spintronic devices. The long-range ferro-
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magnetic and antiferromagnetic properties (discussed in Sections 1.2.2 and
1.2.3 respectively) depend implicitly on the ordering and spacing of inter-
acting magnetic atoms. In particular, we explained in Section 1.2.4 how the
noncollinear AF order that is the topic of this thesis results from a very spe-
cific arrangement of atoms. Furthermore, crystal microstructure can have an
effect on electrical transport properties, as discussed in Section 1.2.8.

Thus, crystal structure is an integral consideration when engineering ma-
terials for spintronic devices [163]. Here, we have introduced crystal structure
in solid-state physics and shown how it can be controlled through deposi-
tion techniques (see Section 1.3.1). Next, we proceed to introduce how thin
film crystal structure can be measured using XRD (Section 1.3.3) and TEM
(Section 1.3.6). Later, we progress to we discuss experimental results on
the optimization of the crystal structure in epitaxial thin films of Mn3Ir and
Mn3Sn in the results chapters 2.1 and 3.1, respectively.

1.3.3 X-ray diffraction

Having discussed how to epitaxially deposit thin films, how can we proceed
to characterize their crystallinity? XRD is one of the most powerful tools
available to a material scientist for analysis of crystal structure, and was the
first characterization technique used to study the samples prepared in this
thesis. XRD works by shining powerful x-rays at a sample, in an instrument
called a diffractometer, and measuring the intensity of the x-rays scattered
by the crystal at a variety of different angles.

The x-rays are generated in an x-ray tube, by accelerating a current of
electrons (in the present study 40 mA) to a high voltage (here 30 kV) and
colliding them with a metallic target. Characteristic electronic transitions
emit x-ray photons of certain specific energies. In our case, a Cu target
was used, which generates x-ray photons with energies of 8 to 9 keV. A Ni
filter window on the x-ray tube attenuates Kβ energy photons, leaving a
monochromatic x-ray beam from the Kα1 excitation (convoluted with some
Kα2 radiation). This has a wavelength of 1.5406 Å [167].

These x-rays are further manipulated by x-ray optics [167]. Before both
source and detector, Soller slits (a series of thin metal plates positioned
parallel to the scattering plane) are used to reduce the spread of the x-
ray beam to between 1 and 5◦ in a direction perpendicular to the scattering
plane. A divergence slit (consisting of two finely spaced blades) is positioned
between source and sample, to reduce the divergence of the beam in the
scattering plane to a little as 0.1◦. These result in a well collimated beam
which is focused onto the sample with a line-type shape, across which is a
Gaussian intensity profile.
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Figure 27: Schematic layout of a single crystal diffractometer, with key measurement axes
indicated [168].

In the presently used diffractometer, a modern charge-coupled device de-
tector then measures the intensity of x-rays scattered by the sample. Such
a detector contains many pixels (of 50µm2 in size) in a 256 x 256 square
array, each consisting of a semiconductor pn-junction. Incident photons on
each pixel will excite electron-hole pairs within the depletion region, creat-
ing a drain current that is proportional to the intensity of arriving photons
[169]. Such an array of charge-coupled devices can produce a two-dimensional
map of the diffracted photons, or can be set to operate in a series of pixel
channels, with the current detected from each channel allowing an accurate
determination of x-ray intensity as a function of angle.

The position of the detector is swept to collect x-rays at different angles
(a position we define as θ). In addition, the orientation of the sample can
be changed, using a sample holder known as a goiniometer. Tilt within
the scattering plane (ω), sample plane rotation (φ) and azimuthal motion
perpendicular to both sample and scattering planes (χ) angles can all be
varied. A schematic of such a diffractometer, including source, detector and
goiniometer, is shown in Fig. 27, adapted from Ref. [168].

By controlling the relative angles of source, sample and detector, we can
thus explore different possible conditions for x-ray diffraction. The wave-
length of the x-rays incident on the sample are comparable to the typical
spacing of atomic planes within a solid state crystal structure. Therefore,
the crystal acts as a diffraction grating, with x-rays scattered from each con-
secutive crystal plane interfering constructively or destructively. Fig. 28,
adapted from Ref. [167], illustrates the principle of such diffraction. De-
pending upon the orientation and spacing of the crystal planes, this produces
peaks of intensely diffracted radiation at certain angles.

Fig. 28 assumes the position of source and detector in a specular diffrac-
tion condition [167]. This is where we set the diffractometer to detect at
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Figure 28: Geometry of x-ray diffraction from a crystal lattice, where the Bragg condition
is satisfied [167].

an angle θ, with x-rays incident on the sample also at an angle θ. In most
diffractometers the positon of the x-ray source is fixed, and instead the inci-
dent angle of x-rays is controlled by setting the sample tilt angle ω = θ. The
detector is therefore set to a position of 2θ. By scanning 2θ and θ simultane-
ously, we detect x-rays that are diffracted specularly from the sample. In the
case of thin films, this yields a scattering vector that is perpendicular to the
sample surface, meaning that we are sensitive to diffraction from the crystal
planes lying in the film plane.

For polycrystalline bulk, powder XRD of crushed samples involves rotat-
ing a pellet at many angles in order to collect diffraction peaks from many
different crystal planes (and thus accurately determine lattice parameters,
discussed below). However, for the study of epitaxial thin films we perform
single crystalline diffractometry. Here we move the relative angles of the
goiniometer to search within reciprocal space for high intensity reflections
characteristic of well-defined crystal plane orientations. As well as the 2θ− θ
scans discussed above, these can include:

• Partially IP diffraction peaks, scanned in 2θ − θ mode but with the
azimuthal angle of the sample, χ, moved partially IP.

• Pole figure scans, performed by rotating the sample, scanning φ, at the
position of one of these partially IP peaks, in order to determine planar
crystal symmetry.

• Rocking curves, where the sample tilt angle, ω, is varied at a fixed
position of 2θ, in order to determine the angular spread of crystal planes
within the film (mosaicity).

• Simultaneous measurement of intensity whilst scanning 2θ and ω, in
order to measure the positions of off-specular diffraction peaks (such
scans are known as reciprocal space maps) [169].
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All of the above scan types are made by fixing the incident condition of the
x-rays, then measuring diffracted intensity as one of the angles in question
is slowly scanned. The resulting plots show peaks of diffraction intensity,
occurring at specific angles. These allow us to characterize a sample’s crystal
structure. Firstly, we index the peaks, that is, assign each as belonging to
the diffraction condition of a specific set of crystal planes within a certain
material. This can be done with reference to the expected diffraction patterns
for the material in question found in the literature or simulated using the
material’s theoretical lattice parameters (see below).

By indexing the peaks and confirming they match those expected, we
can not only confirm that we have prepared the correct chemical phase of
the desired material, but also the orientation of crystal planes within the
material. As discussed in Section 1.3.2, the objective of epitaxial thin film
growth is to deposit samples which have a particular set of crystal planes
parallel to the substrate. These crystal planes lie in the plane of the film,
defining its crystal structure, with a well-defined crystal direction pointing
OP. We call this direction the orientation of the film. Using 2θ− θ scans, the
peaks observed allow us to index the orientation of the film, identify whether
only a single crystal orientation is present, and (from the peak intensities)
estimate how prevalent this orientation is.

Having indexed the peaks, their precise measured positions can be used
to calculate the actual lattice parameter of the sample prepared. Both OP,
c, and IP, a, lattice parameters can be determined from OP and partially IP
peaks respectively. This allows us to quantify, for example, epitaxial strain
in the film. A Gaussian type lineshape can be fitted to the diffraction peaks,
yielding its detected peak angle, denoted, 2θhkl.

In order to observe the diffraction peak, we must be in a constructive
inference condition for x-rays incident at an angle θhlk [167]. In the construc-
tive interference condition, the relative phase shift between the incident, δi,
and scattered, δs, x-rays, must be equal to an integer, n, multiple of the x-ray
wavelength, λ,

δi + δs = nλ (44)

The geometric picture illustrated in Fig. 28, shows that this phase difference
will be equal to an x-ray path length defined by the interatomic spacing,
dhkl, of the particular set of diffracting crystal planes, denoted by the Miller
indices (hkl), and the incident angle [167],

δi + δs = 2dhkl sin θhlk (45)

This gives the famous Bragg equation,
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nλ = 2dhkl sin θhkl (46)

using which interatomic spacing can be calculated from the position of a
diffraction peak for the crystal planes (hkl). We can use this spacing, in
turn, to calculate the crystal’s lattice parameter. Taking, for example, a
cubic crystal system with lattice parameter a, it can be calculated [37],

a = dhkl

√
h2 + k2 + l2 (47)

Finally, the full width at half maximum (βhkl), of the Gaussian profile
fitted to the diffraction peak quantifies its broadening. Although broadening
will arise from the x-ray optics, the dominant contribution comes from the
film. Specifically, the finite dimensions of coherently scattering crystallites
will broaden the linewidth [167]. Typical sputtered thin films, even of the
highest structural quality, will contain many crystal domains that, whilst co-
herently oriented to form a quasi-single crystalline layer, will lead to enhanced
scattering of diffracted x-rays from grain boundaries. Smaller domains lead
to a higher density of grain boundaries and hence broader peaks; narrow
peaks in an XRD pattern are thus a sign of high film quality with larger
crystallite size.

By making the simplifying assumption that each crystallite has a cubic
form, an estimate of grain size, D, can be calculated from (using the Scherrer
formula) the peak full width at half maximum, the peak position in radians,
the x-ray wavelength and a geometric factor, K [170],

D = Kλ/βhkl cos θhkl (48)

1.3.4 X-ray reflectivity

XRR is a thin film characterization technique that also utilizes x-rays and is
performed in a diffractometer as described in Section 1.3.3. However, XRR is
measured at small specular angles of 2θ (typically 0 to 5◦). In this condition
x-rays are reflected from the sample.

Specifically, x-rays are reflected from the interfaces of each layer within
the thin film stack. The different x-rays reflected from each interface will then
interfere constructively or destructively at consecutive angles of reflection,
producing a series of fringes in a plot of intensity against 2θ. These fringes
are known as Kiessig fringes, and their angular spacing is determined by the
relative distance between each interface in the multilayer (i.e. film thickness)
[171, 172]. An example XRR pattern, measured for a Mn3Ir (111) [10 nm]
sample, is shown in Fig. 29.
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Figure 29: An example XRR pattern measured for a Al2O3 (0001) [sub] / TaN (111)
[5 nm] / Mn3Ir (111) [10 nm] / TaN (cap) [2.5 nm] sample, with key features labeled.

As well as the Kiessig fringes, we highlight two important features of the
XRR pattern in Fig. 29. The first is the critical angle, θc. Below θc, all
the x-rays incident on the sample are externally reflected from its uppermost
surface. Thus, one observes a plateau in reflected intensity [172]. As the
reflectivity angle is increased above θc, the process moves to one of internal
reflection, with x-rays penetrating into the material, and their intensity de-
caying accordingly. The exact angle at which this internal penetration begins
to occur depends on the refractive index of the thin film [172]. This, in turn,
depends on its electron density, and so its mass density. Therefore, from the
position of the θc, one can estimate the mass density of the film.

The second feature is the rate at which the reflected intensity subse-
quently drops-off. The overall decay of intensity depends on how much ra-
diation remains reflected from the sample, and therefore depends upon the
roughness of the thin film’s top surface [171]. Increased surface roughness
causes a more rapid drop in overall intensity. Simulated reflectivity curves
for Si layers with different surface roughnesses are shown in Fig. 30, adapted
from Ref. [171] . Meanwhile, the roughness of the interface between film and
substrate will act to reduce the intensity of light reflected here, that then
forms the interference pattern. Hence, as roughness of the buried interface
increases, the amplitude of the Kiessig fringes reduces [171]. By examining
the decay of overall reflected intensity and oscillation amplitude, one can
estimate film roughness.

The most important parameter that can be determined from XRR is the
film thickness. This is found from the periodicity of the Kiessig fringes. Let
us consider the most simple case of a single thin film layer deposited on a
substrate, as shown in Fig. 31, adapted from [172]. Here, the phase difference
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Figure 30: Simulated XRR patterns for Si layers with different values of average surface
roughness [171].

between two reflected x-rays, δ, is defined by the x-ray path lengths (AB,
BC, AD as in Fig. 31),

δ = (AB− BC)n− AD (49)

which can in turn be related to the film thickness, t, reflectivity angle, θ, and
the x-ray wavelength, λ, by,

δ = 2t sin θ (50)

For constructive interference (i.e. the peak of the Kiessig fringes) we must
satisfy δ = mλ, where m is the index number of the fringe. Thus for a fringe
m whose peak occurs at an angle θm, the film thickness can be calculated
from,

θm = θc + (λ/2t)2m2 (51)

In modern XRR experiments, where thin film stacks may consist of mul-
tiple layers, a computer program can be used to simulate the XRR profile
from a model of the multilayer to be measured. Using an iterative approach,
mass density, interface roughness and layer thickness in the model can be
varied to fit critical angle, amplitude decay and fringe spacing, respectively,
to the measured XRR pattern. In this way, XRR allows us to estimate the
actual thickness of each film in a grown multilayer structure.
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Figure 31: Geometry of x-ray reflection from a single thin film layer on a substrate [172].

1.3.5 Atomic force microscopy

Binning, Quate and Gerber first proposed AFM in 1986 [175]. It has uses
across a range of scientific fields, including materials science, nanotechnology
and biology. In solid-state physics, we primarily use AFM to measure the
sample surface topography and roughness [176]. Together with scanning tun-
neling microscopy, it comprises the discipline of scanning probe microscopy
[176]. This is because AFM uses a sharp probe tip (characteristic radius
< 10 nm), scanned across the specimen surface, to record topographic fea-
tures with high spatial resolution. An AFM consists of [173]:

• Vibration damping system: such as active shock absorption or a
passive granite base plate.
• Optical video microscope: to identify the broad area of specimen

to be investigated further.
• Course positioning motors and sample stage: to align this region

of interest with the probe tip.
• Coarse vertical (z-axis) positioning motor: to bring the tip close

to the surface.
• Piezoelectric positioners: to scan the sample laterally in the xy-

plane over a range of 10 nm to 100 µm, in a raster pattern, to construct
a map of surface height.
• Probe tip and cantilever: fabricated using a semiconductor lithog-

raphy process, the tip is atomically sharp to give nanometer resolution,
whilst the cantilever undergoes deflection as the probe moves across the
surface.
• Force transducer: measures cantilever deflection, which is calibrated

to be proportional to force applied to the tip, by recording the displace-
ment of a laser beam reflected off the cantilever.
• Vertical piezoelectric positioner and feedback system: to dy-

namically control the z-position of the probe tip in response to force
measured.
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Figure 32: Photograph of an AFM apparatus (a) labeling key components, with the
cantilever and probe tip contained in the AFM scanner, shown schematically in (b) diagram
showing force transducer, which uses a reflected laser beam to measure the bending of the
cantilever and hence force on the probe tip [173].

A photograph of an AFM apparatus is shown in Fig. 32 (a) [173].
An AFM can function in constant-height operation, where the tip is sim-

ply scanned across the surface and the deflection of the cantilever recorded
(as with a stylus profilometer) [174]. We present a schematic of the force
transducer used to measure cantilever bending in Fig. 32 (b). However,
should the tip encounter a large feature on the surface, then this risks dam-
age. Instead, we prefer to use the AFM in constant-force operation.

The atoms on the specimen surface exert a van-der-Waals force on the
atoms at the tip of the probe [174]. This ‘atomic force’ felt by the tip changes
with the sample topography; increasing at protrusions from the surface and
decreasing if it dips downwards. A feedback loop uses a piezoelectric manip-
ulator to move the tip in a vertical direction, in order to maintain a constant
cantilever deflection. A block diagram outlining this feedback loop is shown
in Fig. 33 (a) [173]. As force and hence cantilever bending increases, the
tip position will move upwards, and vice versa. This process is illustrated
in Fig. 33 (b). In this manner, the z-position traced by the tip mirrors the
topographic profile of the specimen [173].

We call this contact-mode AFM, and it requires the specimen to exert
moderate force on the tip. A plot of such force exerted on the probe as it
moves towards the sample is shown in Fig. 34 (a) [174]. As the tip approaches
the surface, it initially feels an attractive force and the cantilever will bend
towards the sample. As the probe comes into contact with the sample, the
cantilever will bend backwards slightly and the tip feels a repulsive force
exerted by the sample. We must set the cantilever in this repulsive regime
for contact-mode measurements. Whilst the forces exerted here are small,
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Figure 33: (a) Block diagram showing how AFM image is constructed by rastering probe
tip laterally across the sample, whilst maintaining a constant force at the transducer by
adjusting (and simultaneously recording) the z-position. (b) Feedback process whereby
the vertical piezoelectric actuator adjusts probe tip position to maintain a constant force
as specimen topography varies [174].

typical < 10−9N, for sensitive specimens this still risks damage. In addition
(although it maintains the highest resolution of all AFM modes) large lateral
forces are also applied, which can move weakly bonded samples and or harm
the tip.

Instead, the AFM can be operated in noncontact mode. Here we position
the cantilever in the attractive regime, at a distance between points ‘a’ and
‘b’ in Fig. 34 (a) [174]. The tip no longer touches the surface, but now
feels only an attractive force. This is tiny and so a more sensitive method of
detecting it is needed. We use an oscillatory method. Here a final piezoelec-
tric actuator excites the probe at a frequency close to its resonant frequency
(300 to 400 kHz) [174]. Thus, the position of the laser light reflected from
the cantilever oscillates at the same frequency, and can be detected using a
lock-in method. A schematic of this oscillatory method is shown in Fig. 34
(b) [174].

As the tip is scanned across the specimen, changes in the attractive force
caused by variations in the sample topography will slightly change the reso-
nant frequency of the probe. This will damp its oscillations and so modify
their amplitude at the chosen excitation frequency [174]. The height of the
tip is again adjusted to maintain constant oscillation amplitude (in this case
of the order 10 nm) and thus constant force, as explained above. We record
this vertical position to map the specimen topography and can also record
maps of the oscillation amplitude directly. The disadvantage of noncontact-
mode AFM, however, is that it is very sensitive to the capillary layer (e.g.
adsorbed water or organic molecules) that unavoidably occurs on thin films
in ambient conditions [174].
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Figure 34: (a) Plot of cantilever deflection (corresponding to force on tip) as a function
of distance from the specimen. Between points ‘b’ and ‘a’, the probe is just above the
surface, in noncontact mode, and feels an attractive force that bends it towards the sample.
At point ‘a’, the tip is just touching the surface. Driving further towards the specimen,
into the repulsive regime, sets the cantilever for contact or tapping mode. (b) Schematic
showing the oscillating method used for noncontact- or tapping-mode AFM. Atomic force
variations caused by the sample topography modify the amplitude and phase of the output
signal [174].

By combining contact-mode and oscillatory-method AFM, we can avoid
lateral forces that may damage sample or tip, and at the same time pene-
trate any surface contamination layer our specimens. This is tapping-mode
(or intermittent-contact) AFM. Here the tip is initially set in the repulsive
regime, in contact with the sample, but still allowed to oscillate. The probe
therefore moves up and down onto the surface, from the repulsive to attrac-
tive force regimes. This uses the same experimental set-up as in Fig. 34 (b),
but this time with a larger oscillation amplitude of 1 to 100 nm [174].

In other words, the tip taps the sample. As before, variations in topog-
raphy of the surface change the forces experienced by the tip as it is scanned
across the specimen, thus modifying the amplitude of its oscillations and
leading to an adjustment in vertical position in order to maintain constant
force. We record maps of both this z-position (mirroring the surface height)
as well as the oscillation amplitude (which will vary from the set point during
the time it takes for the feedback loop to correct, and thus gives an indication
of the gradient of features on the surface) [174]. In addition, atomic forces
exerted on the probe will also introduce a phase shift to the reflected laser
light, which can also be recorded and mapped [174].

In the results chapters of this thesis, we use such tapping-mode AFM
to measure the surface roughness of fabricated thin films of noncollinear
antiferromagnets with sub-nanometer precision.
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1.3.6 Transmission electron microscopy

TEM is a powerful technique for analyzing the crystal structure of thin films
on the nanoscale, allowing direct analysis of both local crystal structure,
grain boundaries, defects, and interfaces.

The TEM operates by shining a beam of electrons through a thin lamella
of sample (<10 µm) [177], then spatially resolving the scattered electrons
using a luminescent screen or charge-coupled device camera [178].

The sample lamella can either be oriented in:

• Plane view, where the backside of the substrate is thinned away using
ion milling, the electron beam shone along the normal to the specimen,
and the film viewed from the top [179].

• Cross-section view, where a focused-ion beam is used to cut a slab
through the depth of the film layers and substrate, with the electron
beam then imaging the sample from the side [177]. Scanning-electron
microscope images showing the fabrication process of such a lamella
are presented in Fig. 35.

Once the lamella is aligned in the TEM, electrons are generated (for
example, through thermionic emission from a W or LaB6 filament [180]) and
accelerated towards the sample. High accelerating potentials (V ) of 100 to
300 kV are typically used. This accelerates electrons to close to 0.5c (where
c is the speed of light), which, with a typical beam current of between 0.1
and 1 µA, means individual electrons are separated by around 1.6 mm [180])!

Nevertheless, the wave-particle duality of quantum mechanics ensures
that, even when single electrons pass through the lamella at one time, they
behave like a wave [181]. Their corresponding wavelength (λ) can be calcu-
lated (including relativistic effects) using,

λ =
h√

2meeV (1 + eV
2mec2

)
(52)

where h is Planck’s constant, me is electron mass and e is electron charge [182].
These ‘electron waves’ are directed onto the specimen using a series of

magnetic lenses [177]. Two condenser lenses (labeled C1 and C2) focus the
electron beam in a plane in front of the lamella. An upper objective lens then
produces a parallel beam, of the order 1 to 10 µm across, that uniformly illu-
minates the specimen. A ray trace showing the electron wave paths through
the TEM is show in Fig. 36 (a) [183].
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Figure 35: Scanning-electron micrographs showing the process of cross-sectional TEM
lamella fabrication using focused ion beam milling: (a) definition of lamella in the thin
film, (b) etching a trench into the substrate around the lamella and contacting it with a
micromanipulator, (c) removal of the finished lamella and mounting on a TEM grid sample
holder.

For a typical accelerating voltage of 300 kV, the incident electron wave-
length is ≈2 pm. The effect of this is twofold. Firstly, because the electron
wavelength is comparable to the typical lattice spacing in crystal structures,
the crystal lattice will behave like a diffraction grating and scatter electrons
as discussed in Section 1.3.3. By measuring the resulting diffraction pattern,
local information on the specimen’s crystal structure can be determined [177].

Furthermore, the resolution of any imaging system can be approximated
using the Rayleigh criterion [184]. This defines the radius of the Airy disk
(rth, the disk into which a point source blurs as waves are focused through a
lens) as the resolution of the microscope, according to the equation,

rth = 0.61
λ

β
(53)

where β is the semi angle of light collected by the lens (defined by the lens
radius or an aperture placed close to the lens) [184].

Therefore, for the electron wavelengths used in TEM, the theoretical res-
olution limit is extremely small. In practice, however, the resolution of the
TEM is limited not by the accelerating voltage of the electrons, but by aber-
rations caused by technical imperfections in the magnetic lens system. These
can include astigmatism, chromatic aberration and, most importantly, spher-
ical aberration [184]. Spherical aberration increases with β3.

Hence when designing a TEM, a balance between decreasing aperture size
as much as possible, whilst keeping it large enough not to impinge on the
absolute limit set by the Rayleigh criterion, defines the microscope resolution
[184]. In a modern aberration-corrected TEM, it is possible to image crystal
structure in real space with atomic resolution.
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Figure 36: Ray trace diagrams showing electron paths through the magnetic lenses and
apertures of a TEM. (a) shows the optics before the specimen, configured to produce an
incident parallel beam. (b) and (c) show the optics after the specimen, in a mode to
measure either diffraction patterns or real-space images, respectively [183].

Such images are formed using a second set of magnetic lenses, located
between the specimen and imaging screen or camera. An objective lens
collects the electrons scattered by the lamella, focusing them in the back fo-
cal plane and producing a first intermediate image shortly thereafter. An in-
termediate lens, whose strength can be tuned to control the magnification
of the microscope, then focuses the electrons through a second intermediate
image [183]. Finally, a fixed-strength projector lens creates a final image
on the screen, located at a distance L from the specimen.

By varying the focal length of the intermediate lens, to collect electrons
from either the back focal plane or first intermediate image plane of
the objective lens, the TEM can be set to measure either diffraction patterns
or real-space images of the specimen. Fig. 36 illustrates the optics used to
create both reciprocal- and real-space images [183].

Diffraction patterns. In this mode, the intermediate lens collects elec-
trons from the back focal plane of the objective lens. At this point, ‘electron
waves’ diffracted from the lamella will be re-focused into a series of points
[177]. These spots occur where the constructive interference condition (in
turn depending on the lattice spacing of the crystal) is satisfied. An aper-
ture is placed in the plane of the first intermediate image. By moving the
aperture across the intermediate image, we control the region from which
diffracted electrons are collected. This produces a SAED pattern [183].
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The pattern (allowing local analysis) consists of a series of intensity spots,
which, as in an XRD spectrum, can be indexed as arising from electron
diffraction from specific crystal planes. Thus, we can distinguish the crystal
orientation of the film or, by collecting diffraction patterns across both film
and substrate, their epitaxial relationship. For single-crystalline film spec-
imens, electrons are scattered within stacked crystal planes normal to the
electron beam [177]. This produces a two-dimensional array of diffraction
spots that allows us to identify simultaneously multiple crystal directions
within the plane of the lamella.

Furthermore, by measuring the spacing between diffraction spots (rhkl),
the lattice spacing (dhkl) of the specimen locally can be calculated,

λL = dhklrhkl (54)

Here the product λL of electron wavelength at a particular acceleration volt-
age and effective camera length is often automatically determined by the
calibrated TEM [177].

Real-space imaging. Alternatively, we insert an objective aperture in
the back focal plane, the size of which will control β and hence the resolution
of the microscope [183]. The intermediate lens is then set with its object at
the first intermediate image plane. This means it forms on the screen a map
of ‘electron-wave’ amplitude varying in real space after scattering from the
lamella [177].

In this mode, contrast in the resulting image gives a direct projection of
the specimen microstructure. This makes is possible to identify explicitly the
size of crystallites in the film, the nature of grain boundaries between them,
defect types and locations (including misfit dislocations and stacking faults),
and the roughness of buried interfaces.

The mechanisms giving rise to this contrast are three-fold and can unveil
different aspects of the specimen microstructure. Diffraction contrast is pro-
duced when different regions of the sample diffract electrons with different
intensities, producing contrast between differently oriented crystallites [177].
Mass thickness contrast arises directly from the elastic scattering of incident
electrons by atomic nuclei in the lamella [177]. Morphological changes in the
specimen will lead to different rates of such Coulomb interactions, and hence
image contrast, between grain boundaries, defects or chemically inhomoge-
neous regions. Finally, at high magnification, the interaction of electrons
with columns of atoms in the crystal lattice causes a phase shift in the elec-
tron wavefunction [177]. By interfering two such ‘electron waves’, so that
phase shift is converted to amplitude modulation, it is possible to obtain
contrast between individual atomic columns within the lamella.
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1.3.7 Magnetometry

Having deposited epitaxial thin films (Section 1.3.2) using magnetron sput-
tering (Section 1.3.1) and characterized their crystal structure (Section 1.3.3),
thickness (Section 1.3.4) and roughness (Section 1.3.5), we now wish to mea-
sure their magnetism. This is important for the FM and AF films used in
spintronic applications, as their magnetic properties are key to device func-
tionality and engineering these is an ongoing research effort (including in this
thesis). We will therefore look at magnetism measurements in the next two
sections, starting with measurements of bulk magnetic properties.

Let us take a magnetized thin film; how can we measure the magnetic
moment, m, of this sample? The magnetic moment will produce a magnetic
field, µ0Hsample around the thin film. If the sample is now passed into a
tightly wound wire coil, with radius a and N turns, the rate (with respect
to time, t) at which magnetic flux (Φ) cuts the coil will induce a voltage (V )
according to Faraday’s law [185],

V = −N dΦ

dt
(55)

If the thin film moves into and out of the coil at a frequency f , this
induced voltage will oscillate. By performing a lock-in measurement and
integrating the voltage measured across the ends of the coil, we find this
voltage is proportional to the magnetic field generated by the sample,

V = −j2π2fNa2µ0Hsample (56)

where j is the imaginary number [186].
Such a measurement is the basis of a vibrating sample magnetometer.

Here a magnetized thin film is oscillated by a vibrating diaphragm inside a
pair of pick-up coils [186]. By accounting for geometric factors, such as the
sample fill factor inside the coils and its demagnetizing field, the magnetic
moment of the sample is measured [187].

However, what if, as in this thesis, we wish to measure novel spintronic
materials such as antiferromagnets or (almost) fully compensated ferrimag-
nets? Here the magnetic moment, and hence induced voltage, is extremely
small. The answer is to use a very sensitive detector of magnetic flux: a
superconducting quantum-interference device.

Such a combination forms the basis of a SQUID-VSM, an example of
which is the Quantum Design MPMS3 magnetometer used in this thesis
[187]. A diagram of this instrument’s detection scheme is presented in Fig.
37. Because the SQUID is a micrometer scale device, its effective area for
flux capture from the vibrating sample would be small.
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Figure 37: Schematic of the magnetic moment detection system inside a Quantum Design
MPMS3 SQUID-VSM. The signal plotted is the voltage measured across the SQUID as
the sample oscillates [187].

Instead, a pair of centimeter-sized pick-up coils sit around the specimen,
maintaining a large filling factor. The flux of the vibrating sample cuts these
coils, inducing a voltage [187]. The resulting oscillating current through the
wire in turn generates a magnetic field around a second, smaller coil. This
is lithographically fabricated in proximity to the SQUID, meaning they are
strongly inductively coupled. A small flux, proportional to the flux induced
in the pick-up coils by the magnetized thin film, now cuts the SQUID [188].

As the sample vibrates, the flux cutting the SQUID will change. The
SQUID converts this into a low-noise voltage, whose amplitude we can pre-
cisely measure and is proportional to the sample magnetic moment. How
does the SQUID convert changes in magnetic flux to voltage [188]?

• The SQUID consists of a superconducting ring, interrupted by two
Josephson junctions.

• A bias current (IB) is applied across the device.

• Each Josephson junction has associated with it a critical current (IC),
above which a voltage (V ) is induced across the SQUID.

• We bias the SQUID at IB = 2IC, so that a voltage just begins to appear.

• When a magnetic flux begins to cut the SQUID, it modifies the bosonic
wavefunction of electron cooper pairs flowing through the superconduc-
tor.

• However, their phase can only increase in multiples of 2π.

• Hence, the magnetic flux cutting the SQUID can only increase by a
quantized amount.

• We call this the flux quantum, Φ0.
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• The magnetic flux produced by the small coil, Φext, will be smaller than
this flux quantum.

• Therefore, an addition screening current, Icirc, will flow in a circle
around the SQUID, to shield out the flux threading the ring.

• Now the current flowing through one Josephson junction will be IC −
Icirc, suppressing it below its critical current.

• Meanwhile the current through the second junction will be IC + Icirc,
setting up a stable voltage across this junction.

• As flux penetrating the SQUID increases, Icirc will increase, and hence
the voltage across the SQUID will increase.

• However, once the magnetic flux reaches a value of Φ0/2, it becomes en-
ergetically favorable to allow a full flux quantum to thread the SQUID.

• Therefore, Icirc reverses direction, now producing additional flux that
adds to Φext, to bring the total flux threading the SQUID to Φ0.

• As external flux through the SQUID is further increased Icirc, and hence
the voltage across the SQUID, will begin to decrease.

• Once Φext = Φ0 then Icirc = 0 and IB = 2IC, and the voltage across the
SQUID returns to a minimum.

• As external flux penetrating the SQUID is progressively increased, the
voltage changes between a maximum at nΦ0/2 and a minimum at nΦ0

(where n is an integer).

• Thus, for small changes in external flux produced by the inductively
coupled coil next to the SQUID, we measure a clearly detectable change
in voltage across the SQUID.

• Through careful calibration, this voltage can be related back to the
magnetic flux cutting the original pick-up coils, and hence the net mag-
netic moment of the sample.

A diagram of this SQUID circuit, detailing the relevant currents and voltages
as external magnetic flux is detected, is shown in Fig. 38 [188].

In this way, we can accurately quantify even very small magnetic mo-
ments. By subtracting any background contribution of the substrate (which
will typically be weakly diamagnetic for oxide substrates) measured from a
reference sample, we are left with just the magnetic moment of the thin film.
Using the known film thickness and lateral dimensions of the measured spec-
imen, we can thus calculate the volume magnetization, M , of the material
under test [187].

In order to better qualify the nature of this magnetization, and demon-
strate its control to help enable spintronic device functionality, we wish to
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Figure 38: Diagram of the SQUID circuit, whilst detecting external magnetic flux. LSQ/2
is the inductance of each Josephson junction, whilst R and CJJ are a resistance and
capacitance designed to damp the SQUID hysteresis [188].

study the behavior of the magnetization in response to an external magnetic
field. To do this, we measure thin film magnetization as a function of ap-
plied magnetic field. A multitude of physical factors determines its response,
such as the exchange interactions in the material or magnetic anisotropies
[38]. For example, as external magnetic field is cycled from positive to neg-
ative and back again, in the case of a FM material we will record a typical
magnetization hysteresis loop as discussed in Section 1.2.2.

However, to study materials with strong anisotropies, such as the AFs
discussed in Sections 1.2.3 and 1.2.4, we often need to apply strong magnetic
fields of the order 1 to 10 T. To do this in a practical and energy efficient
way requires a superconducting magnet, cooled to cryogenic temperatures.
In addition, the SQUID device must be cooled to below its superconducting
critical temperature [187]. Finally, it is interesting to cool the sample itself,
in order to measure its magnetic properties as a function of temperature.

For this reason, we perform SQUID-VSM measurements inside a cryo-
stat. Cryostats, how they can be used to control sample temperature, and
superconducting magnets are discussed in more detail in the context of mag-
netotransport in Section 1.3.10. However, they also enable magnetometry
measurements as a function of external magnetic field and temperature. In
the next Section 1.3.8, we move onto look at a second technique for measur-
ing thin film magnetic properties that also utilizes a cryogenic-temperature
cryostat with a vector magnetic field. This is XMCD.
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1.3.8 X-ray magnetic circular dichroism

XMCD is a spectroscopic technique to measure the magnetic properties of
a material. X rays are used to excite a sample, for example a thin film
composed of a magnetic compound. Their energies are tuned to address
specific electronic transitions in the atoms responsible for the magnetism.
In this section, we will discuss how this provides a direct probe of magnetic
moment in our material.

In XMCD spectroscopy, the interaction between electrons (in shells re-
sponsible for generating atomic moments) and x-ray radiation provides in-
formation on the magnetic state of a material. Using Gauss’ law for electric
field together with Maxwell’s equations, and neglecting the small magnetic
field contribution, the electric field (ε) of plane-wave x rays can be expressed,

ε(r, t) = ε0ε̂ sin (k · r − ωt+ δφ) (57)

where ε0 is electric field amplitude, ε̂ is direction of electric field polarization,
k is wavevector, r is displacement in propagation direction, ω is angular
frequency and t is time [189]. δφ represents any phase shift of the wave with
respect to a given reference.

We can deconvolute an arbitrary x-ray electric field polarization into or-
thogonal x and y components. For linearly polarized x-rays, ε̂ will point
along a fixed axis in the xy plane. For circularly polarized x-rays, the phase
difference δφ = φx − φy = +90◦or − 90◦ for right- (clockwise) and left- (an-
ticlockwise) circularly polarized x rays respectively [190]. A circularly po-
larized x-ray can, in turn, be deconvoluted into a superposition of linear
polarized electric fields, and so defined by a certain ε̂.

The time-dependent Schrödinger equation describes the interaction of
such an x ray with, for example, a one electron atom. Working in the length
gauge, we can write this down as,

i~
d

dt
Ψ(r, t) = (H0 + eε̂ · r) Ψ(r, t) (58)

where i is the imaginary number, ~ is reduced Planck’s constant, e is electron
charge and H0 is the Hamiltonian of the unperturbed atom [189].

We can use perturbation theory to estimate the likelihood of the radiation
exciting the atom’s electron from a ground state 〈ψg| to a final state 〈ψf|.
Using the dipole approximation (size of the atom is much smaller than x-ray
wavelength, such that each atom experiences a uniform electric field), the
matrix elements for this transition are given by [189],

M2
fg = |〈ψf |ε̂ ·D|ψg〉|2 (59)
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Figure 39: (a) Energy level diagram showing some allowed transitions between different
sub-shells for electrons excited from core atomic orbitals. These transitions are typical for
magnetic transition-metal and rare-earth elements, and accessible with soft x-rays. The
different electron subshells are labeled (using spectroscopic notation), as well as the names
of the resulting absorption edges observed in an XAS spectrum [190]. Each transition edge
is named with a letter, corresponding to the principle quantum number of the shell, and a
subscript, indicating the total angular momentum eigenvalue of the atomic orbital, from
which it was excited. Adapted from [191]. (b) Transition pathways for electrons from 2p3/2
and 2p1/2 atomic orbitals to unoccupied 3d sub-shell states (L3 and L2 edges, respectively),
excited by right-hand circularly polarized x-rays (P = +1). For the L3 transition (red
lines), the majority of transitioning electrons are spin-down (S = +1/2, thick line) whilst
a minority are spin-up (S = -1/2, thin line). Conversely for the L2 transition (blue lines),
the majority of transitioning electrons are spin-up (S = - 1/2, thick line) whilst a minority
are spin-down (S = + 1/2, thin line). Filling of the spin-split density of states around the
Fermi level (EF) in the 3d sub-shell is shown, with the spin-polarization of unoccupied
states determining transition probability by Equ. 60. Adapted from [192].

Here D = −er is the atomic dipole operator and ε̂ accounts for the effect of
the x-ray polarization on the transition.

The probability per unit time (Pfg) of the x rays of energy ~ω triggering
this transition from ground energy level Eg to final energy level Ef is then
related to Mfg by Fermi’s golden rule,

Pfg ∝
∑

fg

M2
fg(1−Doccu(Ef))δ(~ω − (Ef − Eg)) (60)

where Doccu(Ef) is the occupied density of states at the excited level [190].
By analyzing this expression, we can describe three important characteristics
of the interaction of radiation with our materials:
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• The delta-function shows that the transition occurs when the x-ray
photon energy matches the energy difference between the ground and
excited electron shells. This is because an electron must absorb a quan-
tum of energy of exactly the right size to allow it to make the transition
from one energy level to the next. Therefore, electrons absorb x-ray
photons of energy equal to specific atomic excitations in a sample.

• The probability per unit time of an electron transition occurring de-
pends on the occupancy of electron orbits in the target sub-shell. This
fact is the origin of the magnetic dichroism, explained below [190].

• The dipole-approximation transition matrix imposes a series of restric-
tions on the allowed changes in quantum numbers when the electron
is excited. Specifically, any change in orbital angular momentum must
fulfill,

∆mL = ±1 (61)

and there must be no change in electron spin angular momentum,

∆mS = 0 (62)

for a typical transition metal atom [190].

Fig. 39 (a) shows some examples of electron excitations allowed by these
selection rules. Electrons are excited from core sub-shell orbitals into unoc-
cupied states in higher energy sub-shells. For every element, each transition
has a characteristic energy. Therefore, when x rays with a continuous sweep
of energies are incident on a sample, absorption intensity will increase at
certain energies determined by the atoms present.

Depending on whether electrons from the core orbitals are excited into
continuum states or into higher energy sub-shells, this absorption intensity
increase will manifest itself as a step edge at the energy of the core or-
bital (with respect to vacuum), or as a peak corresponding to the difference
between the initial and final sub-shell energies [190]. We call this x-ray
absorption spectroscopy.

As well as allowing elemental identification of a specimen, the exact en-
ergy and shape of the absorption step or peak provides detailed information
about the atoms inside a material. This includes valency and ionic bonding
state, oxidation state, and specific geometric or chemical environment [190].

Furthermore, this absorption can show dichroism effects. This means
a difference in absorption for different x-ray polarizations. Dichroism can
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arise, for example, along certain crystal structure axes or when a sample
shows magnetic order [190].

The later case is particularly pronounced when using circular polarized
x-rays. There is a significant difference in absorption of right- and left-
circularly polarized x-rays by a magnetized sample. This absorption contrast
reverses on switching magnetization direction. This effect is called x-ray
magnetic circular dichroism.

(Long-range magnetic order can also cause a difference in absorption of
x-rays polarized along two perpendicular linear directions; x-ray magnetic
linear dichroism. This technique is of particular interest for collinear AFs,
as introduced in Section 1.2.3. Here orthogonal orientations of the collinear
magnetic order absorb x-rays polarized linearity along a certain direction
differently, with this contrast reversed on rotation of the polarization linearity
[97]. XMLD, when combined with photoemission electron microscopy, has
been used to measure the domain structure in collinear AFs [57]. We discuss
this X-PEEM technique further in Section 2.2).

How can we use XMCD to measure the magnetization of a transition
metal? In such atoms, the 3d sub-shells govern magnetic moment. Therefore,
we measure XMCD around the L3,2 edges. As presented in Fig. 39 (a), these
comprise transitions from the 2p3/2 and 2p1/2 atomic orbitals into the 3d
sub-shell, respectively [190].

This results in an XAS absorption spectrum with two peaks, correspond-
ing to the L3 and L2 transitions. To measure the spectrum, we scan photon
energy whilst recording the absorption coefficient, σ, of our sample. This
absorption coefficient is proportional the probability of electron excitation
per unit time (the rate of transitions) [190].

How do we measure this absorption coefficient experimentally? Each
excited electron leaves behind a hole in the core shell. A second electron
from a higher energy shell will relax to fill this hole, and in doing so will
release a photon corresponding to its lost energy. For a given incident x-ray
energy, the higher the rate of transitions this excites, the higher the intensity
of x-ray photon absorption and the higher the intensity of relaxation photon
production. Therefore, by detecting the intensity of these relaxation photons,
we record the energy dependence of absorption coefficient.

Fig. 40 illustrates two ways to detect these relaxation photons [190]. In
the fluorescence yield detection mode, relaxation photons emitted from
the sample are directly measured. Alternatively, a third electron may ab-
sorb the relaxation photon, ejecting it from the atom as an Auger electron.
By connecting the specimen to earth, we can draw a small current that is
proportional to the number of Auger electrons and, hence, relaxation photon
intensity. We call this total electron yield detection.
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Figure 40: Energy level diagram depicting two possible processes by which an electron
can emit energy and relax to fill a core-state hole: Fluorescence (left), where the relaxing
electron directly releases a photon of energy ~ω = E2−E1 from the atom. The intensity of
these ejected photons is proportional to x-ray absorption intensity. Due to the large escape
depth of photons, this detection mode is bulk sensitive. Auger electron emission (right),
where the relaxation photon is reabsorbed by another electron. This Auger electron is
kicked out of the atom with energy = ~ω − (E3 − E1). Each Auger electron will, in turn,
trigger a cascade of electrons jumping into the conduction band, which contribute to a
measurable total electron yield current. Due to the relatively short mean free path of
electrons in most solids, this technique is surface sensitive. Adapted from [190].

What, then, is the physical origin of the dichroism detected in the ab-
sorption coefficient? To observe XMCD, SOC must split the 2p sub-shells of
our sample [193]. This couples the direction of each core electron’s spin to
its orbital angular momentum eigenvalue, resulting in two separate atomic
orbitals (with total angular momentum J = 1/2 and J = 3/2 respectively).

When core electrons from these atomic orbitals are excited into the 3d
subshell, the selection rules dictate that ∆L = ±1, whilst ∆S = 0. When
an electron absorbs a circularly polarized x-ray, the helicity of the photon
changes its orbital angular momentum: For right-hand circularly polarized
photons, L⇒ L+1, whilst for left-hand circular polarized photons, L⇒ L−1
[193]. Therefore, following the excitation, the electron arrives in a 3d sub-
shell orbital corresponding to its new orbital angular momentum.

Thus a series of sub-transitions occur, from 2p sub-shell orbitals with cer-
tain L eigenvalues to 3d sub-shell orbitals with new L eigenvalues (as changed
by x-ray photon helicity). The dipole-approximation transition matrix el-
ements assign a certain probability weight to each of these sub-transitions
[193]. At the same time, an electron’s starting L eigenvalue determines its
spin angular momentum, which cannot flip during the excitation.
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This combination of sub-transitions with different fixed spin directions
and different weights results in the electrons undergoing each net transition
having a more likely spin eigenvalue [193]. Fig. 39 (b) illustrates this mech-
anism, when excited by right-hand circularly polarized x-rays. For the L3

transition, the majority of excited electrons are spin-down. For the L2 tran-
sition, the majority of excited electrons are spin-up. The spin-polarization
of the transition is reversed if x-ray helicity is switched [193].

Fermi’s golden rule shows that the density of unoccupied states in the
target sub-shell determines the net transition probability; the more unoccu-
pied states available for an electron to be excited into, the more likely the
transition probability per unit time. However, where spin-flip scattering is
suppressed ( ∆mS = 0 ), an electron may only be excited into an unoccupied
state whose spin eigenvalue matches that of the electron [193].

Since SOC splits the 3d sub-band into orbitals available only to spin-
up electrons, and orbitals available only to spin-down electrons, the spin-
polarization of unoccupied states will be opposite to sample magnetization
(this is in similar to the s − d scattering process responsible for anisotropic
MR, explained in Section 1.2.8).

As shown in Fig. 39 (b), magnetization aligned ‘upwards’ means more
electrons are filling spin-up states in the atom. Conversely, there are more
available spin-down states. Thus, there is a higher transition probability for
spin-down electrons. Because excitations from the 2p3/2 atomic orbital are
majority spin-down polarized, the rate of L3 transitions is higher and more
x-ray photons are absorbed at this energy [193]. Therefore, in a plot of x-ray
energy against absorption coefficient (an XAS spectrum), the peak at the L3

edge will be enhanced. Conversely, the absorption coefficient around L2 peak
will be lower than usual.

If we now switch x-ray circular polarization, from right-hand to left-hand
helicity, the spin polarization of the two transitions switches. Spin-up elec-
trons will now dominate the L3 transition, suppressing the absorption coeffi-
cient around this edge. Conversely, excitation of 2p1/2 core electrons is now
more likely, into the larger spin-down density of states [193]. The resulting
increased excitation rate around the L2 edges leads to an increase in x-ray
photon absorption at this energy. This, in turn, enhances the absorption
coefficient around the L2 peak.

With fixed left-hand circular x-ray polarization, if we now reverse mag-
netization direction, then the spin polarization of the density of states will
switch. The material now shows a larger density of spin-up unoccupied states.
This enhances the absorption coefficient around the majority spin-up electron
L3 transition, whilst suppressing the absorption coefficient around the ma-
jority spin-down electron L2 transition [193].
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Figure 41: XAS and XMCD spectra around the Mn-L3,2 edges in a Mn3Sn film. Spectra
were measured with left circularly polarized x-rays (indicated by the, incomplete, degree of
beam polarization, P = −0.77) in total electron yield mode. XAS spectra were normalized
with respect to incident photon intensity on the sample. (We record the total electron
yield from an Au grid placed partially in the x-ray beam, which corresponds to incident
intensity). Any linear slope present before the rising edge is subtracted. The post-peak
region is normalized to unity [193]. The resulting XMCD spectrum, σ+ − σ−, is plotted,
along with its integral (for sum rule analysis). To account for the contribution to XAS
signal of any core electron excitations into continuum states, we fit the spectra with a
two-step function (one at L3 edge and one at L2 edge). The area under this step function
is subtracted, and the remaining area under both XAS curves integrated, as shown. We
then calculate spin and orbital magnetic moments for the Mn-3d sub-shell using sum rule
analysis.

We show an example of such a measurement in Fig. 41. Two XAS
spectra are measured using left circularly polarized x-rays, in a positive and
negative magnetic field. In the positive field, the alignment of magnetization
enhances the absorption coefficient at the L2 edge. We label such a spectrum
σ+. In negative magnetic field, the magnetization direction is reversed and
the L2 transition is suppressed. We label this spectrum σ−. Subtracting one
XAS spectrum from the other gives XMCD contrast, σ+−σ−. The resulting
XMCD spectrum shows two opposite bumps, typical of transition metals.
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The spectra are defined, conventionally, to give a positive bump at the L2

edge and a negative bump at the L3 edge under the primary measurement
configuration[193] (if right-hand circularly polarized x-rays were used, the
sign of the bumps would reverse).

Such XMCD contrast can be observed when either reversing sample mag-
netization using a fixed x-ray helicity, or reversing circular polarization direc-
tion, with a fixed magnetization direction. A nonzero XMCD signal around
the L3,2 edges is evidence of net magnetization in a material, created by
atomic magnetic moments generated in the 3d sub-shell of exactly the ele-
ments whose transitions are excited by the x-ray photons [190]. A persistent
XMCD signal at zero applied magnetic field demonstrates FM ordering.

Furthermore, XMCD allows us to calculate explicitly the orbital (ml)
and spin (ms) magnetic moments of the atomic sub-shell responsible for a
material’s magnetization. We do this using the XMCD sum rules [194].
This first requires the integration of the area under the XAS and XMCD
spectra, as described in Fig. 41. We can then calculate spin and orbital
magnetic moments according to [195],

ml = −K
P
Nunoccu

2(A+B)

3C
µB (63)

ms = −K
P
Nunoccu

(A− 2B)

C
µB (64)

where,

A =

∫
L3

XMCD =

∫
L3

(σ+ − σ−)dE (65)

B =

∫
L2

XMCD =

∫
L2

(σ+ − σ−)dE (66)

C =
1

2

∫
L3&L2

XASσ+ + XASσ− =
1

2

∫
L3&L2

(σ+ + σ−)dE (67)

and,

• K is a proportionality constant, set as 1.4 for Mn, accounting for the
overlap of the L3 and L2 excitation peaks (caused by mixing of the
J = 1/2 and J = 3/2 orbitals due to weak SOC in the light transition
metals) [196].
• P represents the degree of polarization of the x-ray beam
• Nunoccu is the number of unoccupied states in the 3d sub-shell of each

atom, determined as 4.53 for Mn atoms [195].
• µB is the Bohr magneton (see Section 1.2.2).
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In Fig. 41, we report the spin and orbital contributions to the uncom-
pensated magnetic moments measured for a Mn3Sn film, details of which are
given in Section 3.2.

Such XMCD spectroscopy can be performed at different temperatures or
in different externally applied magnetic fields (using a cryostat as described
in Section 1.2.8). Therefore, we can study the temperature dependence of
atomic magnetic moment or its magnetic field dependence. In the coming
results chapters, we present results of XMCD measurements on noncollinear
AF thin films as a function of both magnetic field and temperature.

These measurements were performed in the VEKMAG facility at the
BESSY synchrotron [197]. In order to generate the brilliance of x-rays re-
quired for XAS measurements with a good signal to noise ratio, and to uti-
lize the complex apparatus needed to tune x-ray photon energy over a broad
range, it is necessary to perform XMCD measurements at a synchrotron
radiation facility [198].

1.3.9 Lithographic patterning

The technological revolution of the past century has been driven by advances
in computational power. This, in turn, was enabled by the production of mi-
croelectronics at increasingly tiny scales. Thus, any application of spintronics
must be compatible with these device fabrication processes.

Basic thin film device fabrication is also necessary for fundamental solid-
state research, in order to perform magnetotransport measurements (dis-
cussed in Section 1.2.8). Therefore, we explore two key parts of the device
fabrication procedure: lithography, to write patterns onto a sample, and etch-
ing, to define these structures into the film.

Lithography is the process of designing a device layout and transferring
this pattern onto the surface of a thin film. This occurs in a series of steps:

• Cleaning

• Coating

• Exposure

• Development

Before starting, we clean the sample to avoid particulate contamination.
Particulates are pieces of material with sizes ranging from 100 µm (width of a
human hair) to 100 nm (particulates even one-fifth the size of elements to be
fabricated can impair patterning) [199]. For this reason, we perform lithog-
raphy in a cleanroom, with controlled humidity and filtered air to remove the
largest particulates [199].
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Next, we cover the film with a layer of resist, an organic liquid chemical
containing long-chain polymers mixed with a photosensitizer. This is spin
coated onto the sample to ensure homogenous coverage with uniform thick-
ness [200]. Before coating, we heat the sample above 100 ◦C to evaporate any
adsorbed water. In addition, the resist may also need to be prebaked after
coating, to evaporate excess solvents in the resist [201].

The next step is exposure. We expose the resist-coated sample to near-
UV light by rastering a laser across its surface, in a path that maps out our
desired device layout. Near-UV light is chosen because of its high photon
energies, E ≈ 3.3 eV, which corresponds to a wavelength (λ) of,

λ =
hc

E
=

6.626× 10−34 × 2.997× 108

3.3× 1.602× 10−19 ≈ 375× 10−9 m (68)

where h is Planck’s constant and c is the speed of light [202].
For this reason, the use of near-UV light offers two advantages. The

smallest structure that can be written is considered to be approximately 2.5
times the diffraction limit given by the Rayleigh criterion (Equation 53) [203].
Assuming a (practically achievable) lens semi angle of β = 0.61 [203], and
a UV laser wavelength of 375 nm [204], this gives a resolution of ≈ 1 µm.
Current optical lithography apparatus, with optimized resist parameters and
instrument optics, can write structures with a resolution of ≈ 500 nm [204].

The second reason is that these photons are energetic enough to trigger
photochemical reactions within the resist. Two types of resist are available.
In positive resists, the long chain polymers are mixed with an inhibitor, which
reinforces the polymers against break down by an alkaline developer [200].
UV photos destroy this inhibitor. Therefore, regions of exposed resist become
susceptible to dissolution in the developer [205].

In negative resists, the photosensitizer encourages the formation of cross-
links between polymer strands when it is excited by UV light [207]. Therefore
the negative resist gains mechanical stability where it is exposed [207]. Thus,
we form a lithographic pattern with one of two polarities: where the exposed
resist is weakened (positive resist) or where the exposed resist is strengthened
(negative resist).

The dose (amount of radiation per unit area) for a given exposure time
must be controlled (alternatively, if the dose of the UV source is fixed, expo-
sure time must be tuned) [208]. This depends on reflectivity of the sample
(as light back-reflection can set up standing waves in the resist) and resist
thickness [205].

We must tune dose to match resist thickness, which we, in turn, choose for
optimized pattern writing. Thinner resists allow for the definition of smaller
structures with sharper edges. However, the resist must be thick enough to
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Figure 42: Illustrations showing different steps in the lithography process ranging from
exposure (upper), corresponding development of positive and negative resists (middle),
and bottom-up versus top-down fabrication procedures (lower). Positive resists typically
acquire an ‘overcut’ sidewall profile during development, whilst negative resists develop
with an ‘undercut’. This makes negative resists preferable for sensitive lift-off processes,
because deposited material does not coat the resist sidewalls. Adapted from [206].

coat the sample uniformly and to protect the film during etching (as a rule
of thumb, resist thickness should be several times film thickness) [199].

For a chosen resist thickness, if the dose is too small, the pattern will
be underexposed (for negative resist) or resist will not be removed after de-
velopment (for positive resist). If the dose is too high, structures will be
overexposed with poorly defined edges that are larger (for negative resist) or
smaller (for positive resist) than nominal size [208].

During the development step, we aim to strike a balance between this
dose used and the development time. The exposed thin film is put into a
second chemical for a pre-determined period, during which this developer
reacts with the resist. For positive resist, the exposed resist will dissolve
in the developer faster than the unexposed resist [209]. For negative resist,
the exposed area is insoluble in the developer. We calibrate the time of
development to ensure that structures are not swollen, whilst maintaining all
desired unexposed resist (for positive resist). Negative resist is less sensitive;
it can be overdeveloped to remove all unexposed resist whilst retaining sharp
cross-linked structures [209].

Sometimes it is necessary to bake the resist a second time, either before or
after development. This is known as the postbake. Pre-development postbake
improves the sharpness of edges in the exposed resist. Post-development
postbake further stabilizes the resist before etching [210].

We are now left with our thin film covered in a layer of resist that is
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hardened in some areas and removed in others. For a top-down lithography
approach, the resist should be hard over the structures we want to define.
Hence, we can use a negative resist and expose only those regions of the film
to retain, or use a positive resist and expose the regions to be etched.

For a bottom-up lithography approach (where a pattern is first defined,
then a film deposited, and the excess material removed by a lift-off tech-
nique), the reverse procedure is used [211]. For clean lift-off, this resist should
be twice as thick as the layer to be deposited [211]. In this case, we expose
areas where we want deposited material to remain, which are dissolved dur-
ing development, with the remaining unexposed positive resist subsequently
lifted-off. Fig. 42 summarizes the different lithography approaches with
positive and negative resists [206].

Etching is the next stage in a top-down fabrication process [212]. It
involves removing pre-existing thin film material from the sample, around
the regions where hard resist covers the shape of the device we wish to define.
Alternatively, for a bottom-up process, etching may also be used to clean the
sample surface or remove a capping layer before material is deposited.

In this thesis, we used etching to define Hall bar structures into Mn3X
films using ion milling. The process is very similar to the sputtering explained
in Section 1.3.1. Ar ions are used for the milling, because they are inert (will
not react with the sample), and heavy but with small atomic radius (therefore
transferring significant momentum to the unprotected thin film atoms).

In the case of etching, we bias the sample as the cathode and an Ar-
ion plasma forms around the thin film to sputter it away. This is a harsh
environment to which to expose our epitaxially-grown film and, even when
protected by resist, can lead to sample damage.

An alternative approach is to use ion beam milling. Here, we generate the
Ar plasma at a separate cathode, then use a potential difference to accelerate
the Ar ions in a beam towards the sample. This results in a more controllable
etching process, where we can vary both the energy of the plasma and the
accelerating voltage. Fig. 43 shows a schematic of an Ar ion beam milling
process [212].

Finally, we must clean away the remaining hardened resist [213]. Solvents
(such as acetone) can remove positive resist, especially if warmed and gently
agitated to encourage dissolution of the resist. Negative, cross-linked resist,
requires specific stripping chemicals (bases or halogenated solvents). Often
even these can leave a 1 nm layer of resist [213]. ‘Ashing’ (oxidizing the
remaining resist using an oxygen plasma or ozone atmosphere) can remove
this. A few seconds of ashing is sufficient to remove the remaining resist, and
this process should not damage well-capped films. After a final rinsing step
in solvents, the fabricated devices are ready for measurement.
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Figure 43: Schematic showing etching using an ion beam milling procedure. A plasma of
the active species, in this case Ar, is generated at the ion source (left) and accelerated in
an ion beam towards the sample wafer (right). Adapted from [212].

Here we have described a process of optical lithography using a laser
writer apparatus [204]. This can define structures down to scale of ≈ 0.5 µm.
It is also possible to perform optical lithography using a hard mask, made of
chrome with pre-defined structures etched into it. We align this mask over
the sample, shine UV light through the mask from behind, and thus expose
the resist on the sample [208].

Alternatively, when smaller devices are required, we can use electron beam
lithography. The process is similar to that of the laser writer, but using
accelerated electrons from a modified scanning electron microscope to expose
the resist [205]. The small wavelength of such electrons (see Section 1.3.6)
makes writing of nanometer-sized structures possible.

Furthermore, a number of other etching processes are available, for ex-
ample wet-chemical or reactive-gas etching, for diverse applications [212].

The advantage of using advanced lithography and etching techniques in
the fabrication of commercial semiconductor based electronics is clear; the
smaller the transistors and other components, the more can be packed into
a single integrated circuit and the more powerful the resulting computer.
However, why is such effort to prepare devices beneficial to fundamental
solid-state physics research? Some reasons include:

• Formation of novel magnetic structures. By confining the size
and shape of certain magnetic materials, anisotropies can be modified
in such a way as to stabilize interesting magnetic structures, such as
vortex cores [46].

• Studying magnetization dynamics. Similarly, by confining mag-
netic materials to similar dimensions as the wavelength of spin waves
(which can be of the order 100s nm), we can investigate magnetiza-
tion dynamics microscopically, for example by setting up standing spin
waves [214].
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• Fabricating superlattices or heterostructures. These can form
quantum wells or other structures demonstrating new physics (such as
topological insulator states) or giving new device functionality (such as
resonant tunneling diodes that are useful in GHz-frequency microwave
electronics) [203].

• Manipulating high-frequency radiation. Higher energy electro-
magnetic radiation than such microwaves has wavelengths comparable
to the device length scales that require lithographic fabrication [203].
In photonic devices that manipulate visible light, submicrometer struc-
tures are required. Meanwhile manipulation of THz radiation, which
may find a key role in next generation telecommunications technology,
requires structures of dimensions matching its 10 to 100 µm wavelength.
Devices fabricated by optical lithography are ideal for this task.

• Entering ballistic transport regime. When device size is reduced
to such an extent that it becomes comparable with the mean free path
of electrons (50 to 100 nm in certain semiconductors), electrons begin
to flow without elastic scattering [203]. Under these conditions, elec-
tron wavefunctions maintain their phase coherence during conduction,
leading to the emergence of quantum mechanical wave effects.

• Exploring quantum transport phenomena. In this regime where
electron wavefunctions maintain their phase coherence, or where their
Bloch wavelength is comparable to the size of devices (typically on the
nanometer scale), then novel transport phenomena governed by quan-
tum mechanics are observed [203]. Such effects must be measured at ex-
tremely low temperatures, to minimize electron perturbations (achieved
with a cryostat, see Section 1.3.10).

• Demonstrating applicability of technological applications. Some
physical effects, such as GMR, can be observed in unpatterned thin
films. However, since technological applications will require their minia-
turization, it is pertinent to investigate the fundamental behavior of
these phenomena at restricted dimensions [215].

• Ensuring homogeneous material properties. We find that epitaxially-
grown thin films can have grain sizes up to 100s nm (see, for exam-
ple, Section 3.2). Thus, by fabricating devices on a micro- or even
nanometer scale, we minimize the number of individual grains within
the measurement region and so ensure a more homogenous spread of
crystallographic properties.

• Defining current paths through a device. We often wish to control
the direction of current flow through a thin film, with respect to an
external magnetic field or along a particular crystal axis. Current will
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spread diffusively between source and drain, so patterning devices with
long, narrow channels between the two electrodes ensures that current
flows in the desired direction. Alternatively, for example with MTJs,
the TMR effect requires current flow in a direction perpendicular to
the thin film plane [216]. This necessitates the definition of pillar-like
structures with contact electrodes at the top and bottom, which can
only be achieved using lithography.

• Achieving high current densities. Often the current a particular
source can generate is limited (i.e. it has a certain compliance volt-
age it can apply across a load device), or there is a maximum voltage
drop that can be tolerated by a whole device without damaging it
(due to Joule heating caused by excess current flow). Nevertheless,
to observe certain physical phenomena of interest to spintronics, for
example current-driven domain wall motion [33], or spin-orbit torque
switching of magnetization [28], high current densities (1× 107 A cm−2)
are required. Therefore, to achieve this requires the reduction of device
dimensions: (a) to reduce the channel width so that current density is
larger and (b) to reduce the absolute distance across the device to limit
total potential difference across it.

• Control magnetotransport measurement geometry. The main
motivation for fabricating devices of the Mn3X films measured in this
thesis (see Sections 2.2 and 3.2), is to ensure a controlled geometry
for voltage measurements (see Section 1.2.8). For example, if we wish
to calculate thin film resistivity, we must accurately know the spacing
of the two longitudinal voltage contacts. Alternatively, if we wish to
measure Hall effect, the two transverse voltage contacts must be well
aligned to avoid mixing components of MR with the Hall signal.

For these reasons, in the results chapters of this thesis, we describe how
Hall-bar structures were fabricated from noncollinear AF films using a com-
bination of optical and electron beam lithography, and Ar ion beam milling.

1.3.10 Electrical transport measurements and cryostats

In Section 1.2.8, we explained why the electrical transport in a material
was key to determining its usefulness for spintronic applications, and how
studies of MR and Hall effect could reveal the fundamental physical processes
governing transport properties. Now, we progress to discuss the apparatus
that enable us to make such measurements as a function of temperature and
magnetic field.
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Such magnetotransport can be measured in bulk single crystals, unpat-
terned thin films or lithographically fabricated devices. We discuss the ad-
vantages of measuring structures patterned from thin films in Section 1.3.9.
Therefore, we focus on these here.

To investigate the magnetotransport properties of the material, we must
simultaneously apply an external magnetic field to our device. Often a
strong magnetic field is required, as is the case for AFs with large internal
anisotropies. A superconducting magnet can provide this.

The magnetic field, µ0H, generated inside a solenoid with N coils of wire
over a length M is given by Ampere’s law as,

µ0H =
NI

Mε0c2
(69)

where ε0 is the permeability of free space, c is the speed of light and I is the
current [217]. Thus, if we take a tight coil of superconducting wire, which
can carry an extremely large current, then we can generate a very strong
magnetic field.

In addition, by varying the current through the coil, we can sweep mag-
netic field. However, this is only achievable if the superconducting coil is
below its critical temperature. To do this we must cool it to cryogenic tem-
peratures. For this reason, superconducting magnets are often found in
a cryostat [219].

A cryostat is an apparatus that can vary temperature and hold a sta-
ble temperature, in order to measure a sample’s properties as a function of
temperature. In our case, it uses liquid He to cool samples down to low
temperatures (300 K > T > 2 K).

Fig. 44 shows how a gas-flow cryostat functions [218]. A storage de-
war holds liquid He at approx 4 K, supplied by either transferring liquid He
from an external source, or by a cryopump compressor [219]. The thin-film-
under-test sits inside the sample chamber. The top of the sample chamber
is pumped to a low pressure [219]. This creates a pressure gradient with the
connected dewar. The lower pressure decreases the boiling point of liquid He
in the dewar to approx 2 K, causing it to begin evaporating [219]. This 2 K
He gas is then drawn along the pressure gradient to the cooling annulus, and
flows around the sample chamber, absorbing heat from it [219]. The He gas
is then recirculated, either in a closed-cycle inside the cryostat, or through
an external helium recovery system [218].

To maintain low temperatures inside the cryostat, a series of vacuum and
reflective radiation shields surround the dewar and sample chamber. In addi-
tion, lower cost, but higher temperature (boiling point = 77 K), liquid nitro-
gen may be used as a thermal shield or to precool the cryostat interior [219].
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Figure 44: A schematic diagram of the cooling system in a Quantum Design Dynacool
PPMS, of the type utilized for this thesis. This is representative of other gas-flow cryostats.
The various components of the cooling system are labeled, as explained in the main text.
The ‘cooler first and second stage’ are brought to low temperature (45 and 4 K respectively)
using a pulse-tube compressor (not shown). He gas flowing over sample (located in the
space colored yellow) is recirculated over the cooler stages and condenses back into the
‘bucket’. The superconducting magnet (made of NbTi alloy) is in thermal contact with
the ‘4 K plate’ at the bottom of this bucket, cooling it to below its critical temperature (≈
10 K). The two gas-flow paths, labelled ‘4 K gas’ or ‘1.7 K liquid/gas’ are used to provide
cooling power above and below 10 K, respectively [218].

The 2 K He gas may either flow directly over the film-under-test, or
through an annulus surrounding it (in turn cooling He transfer gas inside
the sample chamber) [218]. In both cases, we must ensure an isothermal re-
gion around the film-under-test. We can achieve this using a sample platform
made of Cu, whose high thermal conductivity and small heat capacity at low
temperatures mean the 2 K gas can quickly remove latent heat [220]. Fig. 45
shows a typical design of such a sample platform [220].

A thin film in good thermal contact with the sample platform will ther-
malize with the Cu and, hence, surrounding 2 K He gas. The actual temper-
ature of the sample holder is monitored by an attached thermometer [221].
The film-under-test’s temperature can be varied above the cryostat base tem-
perature by warming the platform using a resistive heater [221]. For efficient
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Figure 45: An example design for a typical sample stage, consisting of a Cu sample
platform that is inserted into the cryostat. The sample is mounted in the middle of the
platform, possibly on a chip carrier package (as explained in Fig. 46). A thermometer
is secured in a hole in the Cu platform (using, for example, grease or varnish) for good
thermalization. A resistive heater at the top of the platform helps regulate temperature
(the leads providing high current to drive the heater are fed-through separately from the
instrumentation wires). The twisted pair wires providing current to, and measuring voltage
from, the device-under-test are wound around the top of the platform (and secured with
varnish or tape). This ensures good thermal contact (but electrical isolation) between the
wires and the sample holder (preventing the wires from conducting heat from outside to
the sample). A loop is first formed in the wire, and the entire loop wound, to ensure any
magnetic fields induced by currents in the wire cancel one another [220].

warming, a needle valve located between the cooling annulus and dewar can
close, to limit the flow of cold He gas [221]. A proportional-integral-derivative
controller can automatically vary the combination of needle valve opening and
heater power to cool and warm the film-under test smoothly or to maintain
a set-point temperature (in a feedback loop with the thermometer) [221].

The liquid He in the dewar can simultaneously cool a superconducting
magnet. This gives us an instrument where we can measure the electrical
transport properties of materials as a function of both temperature and mag-
netic field, allowing us to study both their fundamental physical properties
and evaluate their suitability for spintronic applications. Having explained
how we create a stable environment inside the cryostat, how do we perform
magnetotransport measurements themselves?

The first step is to make electrical contacts to our lithographically-patterned
thin-film chip. We can do this efficiently using a centimeter-sized circuit board
package, onto which we mount our fabricated chip. Fig. 46 shows a diagram
of such a chip carrier package [121].

The circuit board contains a number of conducting paths, at one end
of which is a bonding pad [121]. In this work, electrical connections were
made from the chip carrier bonding pads to the fabricated device using wire
bonding. This wedge bonding technique is detailed in Fig. 47 [121].

We then secure the chip carrier package to the sample platform for in-
sertion into the cryostat. The opposite ends of the conducting paths on the
circuit board plug into terminals, which connect to the instrumentation wires
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Figure 46: Illustration of a chip carrier (package) to facilitate mounting of a patterned
thin film (test chip) in a cryostat. Lithographically-fabricated on-chip contact pads are
wire bonded to the bond pads at the end of the circuit board traces (as described in Fig.
47). These are, in turn, connected to terminals that plug into the instrumentation wires
that source current and sense voltage across the device-under-test. The chip carrier can
be removed from the sample platform for bonding, then reattached with good thermal
contact. The chip carrier can also serve to reduce any (potentially damaging) difference
in thermal expansion/contraction between the film substrate and the sample platform on
heating/cooling. However, the sample and chip carrier must be in good thermal contact
(whilst maintaining electrical isolation) to ensure the thin film thermalizes with the sample
platform, for example by mounting with a layer of silver paint or varnish [121].

that source current to, and measure voltage across, the chip-under-test.
These wires are made of Cu, typically around 0.127µm in diameter (Amer-

ican Wire Gauge 36) and electrically insulated with a coating of, for exam-
ple, polyvinyl formal or (preferably) polyimide [220]. For a good signal to
noise ratio, a twisted pair configuration is used; two coupled instrumenta-
tion wires (for example current-source and current-drain or voltage-high and
voltage-low) are wound together over about 1000 turns per meter [220].

Whilst the metal shield of the cryostat is effective in blocking external
electric signals, the wires might still be susceptible to spurious induced cur-
rents when sweeping the measurement magnetic field [220]. As a solution,
the twisted pair of wires allows us to make a differential signal measurement.
At the voltmeter, only the difference between the two wires is measured. Any
signal present in both wires (a common mode) is rejected.

Because pairs are twisted, on average they are equidistant from the mag-
netic field. This means that equal current will be induced in both, a common
mode that the differential amplifier in the voltmeter will reject [220]. Fur-
thermore, any magnetic fields generated by current flowing within the source
and drain wires will cancel-out due to pair twisting, and so not interfere with
the signal in other wires in the circuit [220].

There will be a certain resistance associated with these Cu wires. In
addition, the contacts to the device will have a characteristic resistivity,
ρcontact, limited at the point where the contact interfaces the thin film. In
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Figure 47: Storyboard showing each step in the wedge bonding process from a patterned
sample (chip) to a chip-carrier-type sample holder (package). (1) The wire-threaded wedge
tool is positioned above the chip area to be contacted. (2) The wedge tool is lowered onto
the surface, with a calibrated force controlled by the instrument, and an ultrasonic pulse
applied (providing energy to form a bond between wire and contact pad). (3) The tool
is retracted from the new bond, feeding out the wire loop. The loops should be as short
as possible and coplanar to any applied magnetic field direction, in order to minimize
induced currents. (4) The tool is moved backwards to position it over the bond pad of the
chip-carrier package (as illustrated in Fig. 46). (5) The tool is lowered to the pad, as in
step (2), to make a second bond. (6) Wire clamp closes on the wire, such that it breaks
after the second bond and forms a loop contacting the chip to the bond pad [121].

the devices measured in this study, contact pads were made using bottom-
up lithography and lift-off: patterning a resist mask, etching the thin film’s
capping layer (both detailed in Section 1.3.9) then depositing 5 nm Ru /
60 nm Au contact pads using sputtering (see Section 1.3.1). We then made
wire bonds to these pads. Such lithographically fabricated contacts can
have ρcontact ≈ 1× 10−8 Ω cm2 [222]. The resistance associated with such
a contact is given by Rcontact = ρcontact/Acontact (where Acontact is the area
of the contact pad) [222]. For a 150 µm2 contact pad, this yields Rcontact =
1× 10−8 Ω cm2/(0.0150 cm)2 ≈ 0.04 mΩ.

Although the resistances associated with these contact pads and the in-
strumentation wires are very small, the voltage drop across them will never-
theless introduce inaccuracies into any measurement of the potential differ-
ence across a device we wish to test [121]. This inaccuracy can be avoided us-
ing a four-point resistance measurement geometry, explained in Section 1.2.8.
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1.4 Objectives of thesis

In the preceding introduction, we have discussed the disadvantages of FM
spintronics (Section 1.2.2) and the potential advantages offered by AF spin-
tronics (Section 1.2.3), specifically by the topological noncollinear AFs (Sec-
tion 1.2.4).The main goals of this thesis are, therefore, to explore the prepa-
ration of noncollinear AFs, Mn3X, in thin film form, and their perspectives
for incorporation into topological spintronic applications. Use of these Mn3X
AFs in devices requires their growth in thin film form. Furthermore, since
their topologically driven phenomena are expected to be sensitive to crystal
structure, we require high-quality thin films of these chiral materials.

The first objective of this thesis is, therefore, to deposit thin films
of noncollinear AF materials, and to use various characterization
techniques in order to analyze their crystal structure. Specifically,
we aimed for:

• Epitaxial growth with sharp OP orientation and well-defined IP crys-
tallographic axes

• Low defect density layers with large grain size and small mosaicity

• Chemical homogeneity with uniform thickness and a smooth surface
suitable for integration into heterostructures

We evaluate progress towards these targets using a combination of XRD,
XRR, AFM and TEM, amongst other structural characterization methods,
as well as measurements of the Mn3X films’ exchange bias properties in
bilayers with a FM material.

In this thesis, we choose to focus on two noncollinear AFs, Mn3Ir and
Mn3Sn. These were chosen because they show a similar noncollinear AF
order and predicted Berry curvature generated magnetotransport properties
that result, whilst at the same time possessing contrasting crystal and mag-
netic structures (as discussed earlier in the introduction in Sections 1.2.6,
1.2.7 and 1.2.9). We present results of the thin film deposition of both ma-
terials in Sections 2.1 and 3.1 respectively. Since this is a cumulative thesis,
these findings take the form of a scientific paper (see structure of thesis in
Section 1.5). We assess each scientific paper’s contribution towards meeting
the objectives of this thesis in a discussion at the beginning of each results
chapter.
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In a similar way, we report the findings in support of the second major
target of this thesis in Section 2.2 and 3.2, for Mn3Ir and Mn3Sn respec-
tively. This second objective was to measure the magnetic and elec-
trical transport properties of each set of thin films, to discuss the
physical origins of the observed phenomena, and to evaluate their
suitability for application in AF spintronics.

Having carefully prepared and characterized thin film samples of both
Mn3Ir and Mn3Sn, we measure their magnetic behavior (using SQUID-VSM
and XMCD) and magnetotransport proprieties (as a function of applied mag-
netic field, temperature and, importantly, film thickness). We then aim to
clarify the reasons for the different phenomena observed, in particular:

• Using the careful characterization of the thin films’ microstructure to
draw conclusions about its effect on both magnetization and electrical
transport

• Explain the magnetic properties of the two different types of (inverse)
triangular spin texture in the context of chiral domains

• Untangle the interplay between magnetism (such as the presence of
uncompensated moments) and magnetotransport (and how it differs
between Mn3Ir and Mn3Sn)

• Discover, ultimately, Berry curvature driven electrical transport prop-
erties (for example, AHE) generated by the topology of the chiral spin
textures

In this thesis, we present results elucidating progress towards these goals.
The thesis concludes by discussing the perspectives and outlook for such

noncollinear AFs in chiralitronics.
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1.5 Structure of thesis

We have already presented an introduction (Section 1) to this thesis, be-
ginning with its conceptual foundations (Section 1.2) and a summary of the
experimental methods utilized (Section 1.3), before moving on to discuss the
objectives of the thesis (Section 1.4). These objectives will now be addressed
in the following results chapters. However, we firstly close the introduction
with an overview of the thesis structure. Being a cumulative thesis, each
results chapter takes the form of a peer-reviewed scientific paper, pub-
lished in a leading physics journal.

The results chapters are divided into two halves, labeled Part A and B
respectively. Each Part deals with a different noncollinear antiferromagnet:
Part A with the cubic Mn3Ir (possessing triangular spin texture) and Part
B with the hexagonal Mn3Sn (possessing inverse triangular spin texture).
Each Part is further divided into two Sections. The first Section in each
Part reports the growth and characterization of epitaxial thin films of the
two material systems: Mn3Ir in Section 2.1 and Mn3Sn in Section 3.1. The
second Section in each Part reports the magnetic and electrical transport
properties of the two material systems: Mn3Ir in Section 2.2 and Mn3Sn in
Section 3.2.

Within each Section, the scientific paper comprising the majority of that
chapter is proceeded by a brief discussion (including the bibliographic data
for the publication in question). This discussion reviews the main results of
each paper, connects these findings with the key themes running through the
thesis overall and, in turn, fits the outcomes into the wider context of the
role of noncollinear antiferromagnets in topological spintronics. These main
themes and the broad picture are then drawn together in the conclusion
that closes this thesis. Outlooks and perspectives for the field of topological
antiferromagnetic spintronics, as well as the specific role of Mn3X chiral
materials within this, are also presented in the conclusion.

We note that the lists of figures and abbreviations at the beginning of
this thesis correspond to the introduction. Each scientific paper (forming the
results chapters) naturally comprises its own figure numbering and abbrevi-
ation system, as well as a self-contained set of citations. Therefore, the set of
references cited in the introduction (which do not correspond to those used
in each scientific paper) are contained within their own bibliography, pre-
sented directly below. Selected key references from this overall bibliography
are further cited in the discussion sections proceeding each results chapter.

Let us now proceed to the results chapters of this thesis, along with the
discussions as to how these fulfill the objectives of the thesis.
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[117] Y. Zhang, J. Železný, Y. Sun, J. v. d. Brink, and B. Yan, “Spin Hall
effect emerging from a noncollinear magnetic lattice without spin–orbit
coupling”, New J. Phys. 20, 073028 (2018).

[118] M. Kimata et al., “Magnetic and magnetic inverse spin Hall effects in
a non-collinear antiferromagnet”, Nature 565, 627 (2019).
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2 Part A - Mn3Ir

2.1 Epitaxial growth, structural characterization, and
exchange bias of noncollinear antiferromagnetic Mn3Ir
thin films

The following chapter of this cumulative thesis consists of the peer-reviewed
scientific paper published as:

J. M. Taylor, E. Lesne, A. Markou, F. K. Dejene, B. Ernst, A. Kalache,
K. G. Rana, N. Kumar, P. Werner, C. Felser, and S. S. P. Parkin, “Epi-
taxial growth, structural characterization, and exchange bias of noncollinear
antiferromagnetic M3Ir thin films”, Phys. Rev. Mater. 3, 074409 (2019)

Reprinted with permission from [J. M. Taylor et al., “Epitaxial growth, structural char-

acterization, and exchange bias of noncollinear antiferromagnetic M3Ir thin films”, Phys.

Rev. Mater. 3, 074409 (2019)]. Copyright (2019) by the American Physical Society. DOI:

10.1103/PhysRevMaterials.3.074409

Mn3Ir, as discussed in Section 1.2.6 is an antiferromagnet with a face-
centered cubic crystal structure, where the Mn moments on the face-center
sites form a triangular spin texture on a kagome lattice in (111) crystal planes
and the Ir atoms on corner sites introduce strong SOC. These properties re-
sult in sizable internal magnetic anisotropies, with Mn spins directed parallel
to 〈1̄1̄2〉 crystalline axes, making Mn3Ir the material of choice for large EB
(used, for example, to pin the direction of magnetization in the reference
layer of MTJs) [78, 88]. The strong internal anisotropies result in a fixed
AF domain state in Mn3Ir films of moderate thickness at room temperature,
which introduces a unidirectional exchange anisotropy to a coupled FM layer.
As discussed in Section 1.2.5, the direction of this exchange anisotropy can
be set by cooling such bilayers from elevated temperatures in a magnetic
field. Typically, maximum exchange bias fields are desired, for which reason
polycrystalline films of Mn3Ir are preferred for applications, where crystallite
grain boundaries act to pin AF domain walls and thus increase the stability
of the domain state to external perturbations [79, 89].
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In the current paper, however, we instead explore the exchange bias of
single crystalline Mn3Ir films coupled to 5 nm thick permalloy (Ni80Fe20)
FM layers, which have been less frequently studied in previous years. For
10 nm thick films, field annealing of such heterostructures at 250 ◦C results
in large values of exchange bias field, competitive with those achieved for
polycrystalline Mn3Ir. These values of exchange bias field are extracted from
the shift along the applied magnetic field axis of the magnetization hysteresis
loop measured using SQUID-VSM. Similar measurements with the external
magnetic field at different angles with respect to the annealing field direction
demonstrate the unidirectional nature of the induced anisotropy.

On the other hand, heterostructures of permalloy coupled to 3 nm Mn3Ir
films do not show EB at room temperature. Instead, because of the weakened
internal anisotropy energy in such ultrathin films, the temperature required
to stabilize the AF domain state and hence induce EB (referred to as the
blocking temperature) is reduced to below 300 K. However, magnetic hys-
teresis loops measured after cooling to low temperatures show that larger
values of exchange bias can be achieved. Blocking temperature is found to
be 40 K in the case of 3 nm Mn3Ir films with (111) orientation. In this case,
we find that the shift in the hysteresis loops indicating induced exchange
anisotropy decreases during four subsequent cycles of the external magnetic
field. This training effect indicates that a significant proportion of the initial
exchange bias is caused by interfacial Mn spins that are weakly coupled to
the bulk Mn3Ir AF order. These Mn spins are uncompensated in proxim-
ity to the FM layer, with exchange interactions across the interface causing
them to couple parallel to the majority Ni moments in the permalloy layer
(shown by the resulting negative exchange bias field). As magnetic field is
cycled, these weakly pinned interfacial moments are re-oriented, and so no
longer contribute to EB. Meanwhile, uncompensated interfacial Mn moments
whose direction is pinned by strong coupling to the bulk AF order, in turn
stabilized by AF domain walls, mediate the EB after training. This observa-
tion provides an indication as to the importance of uncompensated moments
in determining the properties of thin films of the Mn3X noncollinear antifer-
romagnets, a theme we will expand upon throughout this thesis.

In the case of 3 nm Mn3Ir films with (001) orientation, measurements of
exchange bias after cooling with external magnetic field along different IP
directions reveals a dependence of blocking temperature on crystallographic
axis. Higher blocking temperature is found with cooling field applied paral-
lel to the [110] crystalline direction, compared with field cooling along the
[100] direction. We postulate that this novel result, which could be of inter-
est to technological applications, may be explained by the alignment of Mn
moments at 45◦ to the cubic crystal axes in γ-Mn3Ir.
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Prior to the measurement of exchange bias in these thin films, we per-
form a comprehensive characterization of the Mn3Ir films using XRD and
TEM, in order to demonstrate the quality of their crystal structure. Films
were deposited using magnetron sputtering, with epitaxial engineering used
to prepare Mn3Ir with both [001] and [111] growth direction perpendicular
to the film plane. Through XRD measurements, we confirm the prepara-
tion of thin films that are chemically disordered, having a γ-Mn3Ir structure,
but that show large crystalline grains with low mosaic spread between them.
XRR and AFM measurements indicate that the films are smooth, with an
average roughness of <8 Å. It is important to minimize the surface rough-
ness of the Mn3Ir films, in order to ensure the cleanest interface possible in
subsequently fabricated heterostructure devices. TEM micrographs of the
thin films give a visual indication as to their relaxed and low defect density
growth. Diffraction patterns extracted from the same cross-sectional TEM
images, showing discrete spots, demonstrate that the films contain single-
crystalline grains that are coherently oriented throughout.

These diffractograms confirm the epitaxial growth of the respective layers,
initially obtained from XRD χ−φ maps of IP diffraction peaks. The epitaxial
relationships are as follows:
Cube-on-cube growth of Mn3Ir with (001) orientation on (001) cut single
crystal MgO substrates: MgO(001)[100]‖Mn3Ir(001)[100]
Quasi-hexagon-on-hexagon growth of Mn3Ir with (111) orientation on TaN(111)
buffered c-axis oriented Al2O3 substrates: Al2O3(0001)[112̄0][1̄100]‖TaN(111)
[1̄12][11̄0]‖Mn3Ir(111)[1̄12][11̄0]

The two orientations of Mn3Ir, determined from the indexing of charac-
teristic diffraction peaks in 2θ − θ specular XRD scans, were achieved by
selection of appropriate substrates to seed the desired growth direction. In
order to achieve (111) oriented Mn3Ir, Pt and TaN buffer layers were tri-
aled, in order to reduced lattice mismatch and interface free energy with the
Al2O3 (0001) substrate. We select the TaN buffer to utilize in subsequently
measured samples.

The reason for growing Mn3Ir films of two different orientations was mo-
tivated by recent reports of SHE arising from this AF [103, 105, 106]. The
efficient conversion of charge current to spin current is an important require-
ment for future spintronic devices. Furthermore, the use of the resulting spin
currents for deterministic SOT switching of FMs, which normally requires the
application of a small IP magnetic field, can be achieved field-free in coupled
Mn3Ir/FM heterostructures, due to the EB effect breaking IP symmetry [99,
100]. However, for maximum efficiency, i.e. switching using the smallest
possible charge currents, the ratio of charge to spin conversion must be high
(quantified by the spin Hall angle of the material in question).
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To this end, it was discovered that the spin Hall angle of Mn3Ir shows a
strong facet dependence, with a very large spin Hall angle of 0.2 observed for
Mn3Ir films with (001) orientation (and this value falling by almost half in
(111) oriented films) [75]. This variation in spin Hall angle can be attributed
to an anisotropic generation of spin currents along different crystallographic
directions in Mn3Ir, for charge current applied in a particular direction [73].
Theoretical calculations of the spin Hall conductivities arising from an in-
trinsic mechanism in Mn3Ir have shown a much larger spin Hall conductivity
along the [001] direction, supporting the interpretation that in the correct
crystal orientation devices can exploit the anisotropic spin currents generated
by an intrinsic SHE [75]. This intrinsic SHE arises from the same origin as
the intrinsic AHE in Mn3Ir, namely the Berry curvature driven effective field
induced as a result of the symmetry breaking triangular spin texture in this
noncollinear AF [73]. This is discussed in more detail in Section 1.2.9.

In order to study these topological magnetotransport effects in more de-
tail, it is thus necessary to deposit Mn3Ir films of different orientation, in
order to access the anisotropic transport components that are the hallmarks
of these momentum-space Berry phase generated phenomena. However, it is
to be expected that such phenomena may be sensitive to the crystal quality
of the Mn3Ir, with defects and other impurities acting to disrupt the Berry
curvature driven electrical transport. Whilst high quality crystal growth is
relatively straightforward to achieve in bulk crystals, it is more challenging
in thin films, especially whilst controlling orientation, minimizing interface
roughness and utilizing industry-compatible deposition techniques such as
magnetron sputtering. Nevertheless, preparation of thin films is essential
should these topological magnetotransport transport effects be exploited in
future spintronic devices.

The magnetron sputtering growth of smooth thin films of Mn3Ir with
high quality crystal structure and controlled crystal orientation is thus an
important goal, whose achievement we reported in the upcoming paper J. M.
Taylor et al., “Epitaxial growth, structural characterization, and exchange
bias of noncollinear antiferromagnetic M3Ir thin films”, Phys. Rev. Mater. 3,
074409 (2019), which forms the first chapter (Section 2.1) of this cumulative
thesis.
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Antiferromagnetic materials are of great interest for spintronics. Here we present a comprehensive study
of the growth, structural characterization, and resulting magnetic properties of thin films of the noncollinear
antiferromagnet Mn3Ir. Using epitaxial engineering on MgO (001) and Al2O3 (0001) single-crystal substrates,
we control the growth of cubic γ -Mn3Ir in both (001) and (111) crystal orientations, and discuss the optimization
of growth conditions to achieve high-quality crystal structures with low surface roughness. Exchange bias is
studied in bilayers, with exchange bias fields as large as −29 mT (equivalent to a unidirectional anisotropy
constant of 0.115 erg cm−2 or 11.5 nJ cm−2) measured in Mn3Ir (111)/Permalloy heterostructures at room
temperature. In addition, a distinct dependence of blocking temperature on in-plane crystallographic direction
in Mn3Ir (001)/Permalloy bilayers is observed. These findings are discussed in the context of antiferromagnetic
domain structures, and will inform progress towards chiral antiferromagnetic spintronic devices.

DOI: 10.1103/PhysRevMaterials.3.074409

I. INTRODUCTION

Artificial (or synthetic) antiferromagnetic structures
(SAFs) [1,2] have played a key role in spintronics since
the invention of the spin-valve sensor for detecting tiny
magnetic fields in magnetic recording read heads [3] and in
magnetic tunnel junction (MTJ) memory bits for magnetic
random access memory (MRAM) applications [4]. More
recently, highly efficient current-driven motion of domain
walls in SAFs was discovered [5], which makes possible
racetrack memory devices [6] by utilizing the chirality of
the magnetic structure [7]. SAFs and related multilayers
are used to eliminate long-range magnetostatic fields that
otherwise make nanoscopic spin valves and MTJs inoperable.
Furthermore, the resonance frequencies of antiferromagnet
(AF) materials can be much higher than of ferromagnet (FM)
materials [8], making such materials of interest for ultrafast
spin dynamics.

Motivated by these improvements in performance, the
field of antiferromagnetic spintronics has rapidly grown [9],
investigating a range of different materials. More recent exper-
imental observations include spin-orbit torque switching and
electrical readout of the AF state in CuMnAs [10], Mn2Au
[11], and MnTe [12], as well as spin currents and spin Hall
magnetoresistance effects in MnPt [13,14]. Understanding of
AF domain structure is important for the efficient control of
the above effects in these metallic materials, all of which
exhibit collinear AF order.

Materials with a noncollinear spin texture, such as Mn3X
(X = Ir, Pt, Sn, Ge), are promising candidates for topological

*james.taylor@mpi-halle.mpg.de
†stuart.parkin@mpi-halle.mpg.de

AF spintronic applications [15]. This follows the prediction of
an intrinsic anomalous Hall effect (AHE) in the L12 ordered
phase of cubic Mn3Ir [16]. In addition, a facet-dependent spin
Hall effect (SHE) has been measured in epitaxial thin films
of Mn3Ir [17], whose origin derives from a Berry curvature-
driven effective field generated by a combination of spin-orbit
coupling and symmetry breaking arising from the chiral AF
structure [17,18].

For the related compounds Mn3Sn and Mn3Ge, subse-
quent to theoretical predictions [19], large AHE has been
experimentally demonstrated in highly ordered bulk samples
[20,21]. This has been enabled by the ability to align a small
geometrically frustrated uncompensated in-plane magnetiza-
tion via an external magnetic field, in turn coherently orienting
the triangular spin configuration throughout the material and
driving the system into a dominant chiral domain state [22].
Thus, the utilization of uncompensated magnetic moment to
manipulate AF domain structure, and hence topological spin
texture, is critical to the observation of these phenomena.

While Mn3Sn has only recently been grown in (0001)
c-axis-oriented epitaxial thin films [23], cubic Mn3Ir has
been extensively studied in the context of exchange bias,
where textured polycrystalline phases [24,25] were shown to
yield the largest effects in pinning the reference magnetic
electrode in spin valves and MTJs [4,26]. Later developments
have proceeded to use Mn3Ir as the active element in such
AF/FM heterostructures, acting as a source of spin current
via SHE [27–29] and in turn generating spin-orbit torques
[30] resulting in technologically attractive field-free switching
of magnetic layers [31,32] desired in high-density MRAM.
With such commercial realizations in mind, the use of mag-
netron sputtering is vital when demonstrating growth of these
material systems, due to its speed, flexibility, and scalability
(compared with other deposition techniques). Hence, in all
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of the above implementations, samples were prepared via
sputtering, resulting in polycrystalline thin films of Mn3Ir.

On the other hand, the elucidation of novel Berry
curvature-driven phenomena arising from the triangular spin
texture demands test-bed materials with well-controlled crys-
tallographic properties. To reconcile these two requirements,
in this work we report the preparation, using magnetron
sputtering, of epitaxial thin films of cubic Mn3Ir with both
(001) and (111) orientations. A detailed study of crystal
structure shows that high-quality growth can be achieved with
sputtering. By comparing our results to those in the literature,
we demonstrate the unique performance of the developed
deposition procedures. Measurements of the exchange bias
induced in heterostructures are used to investigate the mag-
netic state of the films. To this end, we examine temperature
dependence and training effect of exchange bias in epitaxial
Mn3Ir samples, allowing the identification of a crystalline
anisotropy to blocking temperature distribution. These
results are discussed in the context of topological domain
configuration. By highlighting the subtle relationship between
exchange bias and crystal microstructure, we underline the
importance of its influence when considering noncollinear an-
tiferromagnetic thin films for future chiral spintronic devices.

II. EXPERIMENTAL METHODS

Mn3Ir thin films were deposited by magnetron sputtering in
a BESTEC UHV system with base pressure <9 × 10−9 mbar,
using a process Ar gas pressure of 3 × 10−3 mbar. The
substrate-target distance was fixed at ≈150 mm, while
substrates were rotated to aid homogeneous growth. Thin
film samples were grown in both (001) and (111) crystal
orientations with various thicknesses, as follows: MgO (001)
[substrate]/Mn3Ir (001) [3 or 10 nm]/TaN [2.5 nm] and
Al2O3 (0001) [substrate]/TaN (111) [5 nm]/Mn3Ir (111) [3
or 10 nm]/TaN [2.5 nm]. MgO and Al2O3 substrates were
ultrasonically cleaned in acetone and ethanol, then clamped
mechanically to a holder, and subsequently heated to 250
and 500 °C, respectively, under vacuum for 30 min before
deposition.

Mn3Ir was grown from a Mn80Ir20 alloy target, with DC
sputtering power of 100 W, resulting in a composition of
Mn(0.72±0.03)Ir(0.28±0.03), that was determined by a combina-
tion of Rutherford backscattering spectroscopy (RBS) and
energy-dispersive x-ray spectroscopy. As expected from the
MnIr phase diagram, and confirmed by later structural mea-
surements, this composition allows the system to form the
stoichiometric Mn3Ir phase with face-centered-cubic (fcc)
crystal structure [33]. A TaN capping layer was subse-
quently grown in situ from a Ta target by rf reactive sput-
tering at 150 W, with 33 vol.% N2 partial flow introduced
to the sputtering gas mixture, resulting in a composition
Ta(0.52±0.05)N(0.48±0.05) as inferred from RBS.

The TaN growth rate was 0.6 Å s−1, while the Mn3Ir
growth rate was 1.2 Å s−1. These were measured using a
quartz-crystal microbalance, and deposition times adjusted to
obtain desired nominal film thicknesses. Actual thicknesses
were subsequently confirmed by measuring x-ray reflectiv-
ity (XRR), with fits to the data yielding individual layer
thicknesses, as shown in Fig. 1(a). Fringes are observed up

FIG. 1. (a) Measured x-ray reflectivity data from a 10-nm Mn3Ir
(001) film, with fit to determine layer thicknesses. (b) XRD 2θ -θ
scans measured for 10-nm Mn3Ir (001) films grown at different
temperatures (inset shows rms roughness measured by AFM for each
of these samples).

to high-reflectivity angles, indicating the growth of smooth
films with sharp interfaces. Two thicknesses of Mn3Ir (3 and
10 nm) were chosen such that their exchange-bias blocking
temperatures lie either below or above room temperature,
respectively [34].

The films’ crystal structure was investigated using a com-
bination of x-ray diffraction (XRD) and transmission electron
microscopy (TEM). XRD was performed using a PANalytical
X’Pert3 diffractometer with Cu Kα1 radiation (λ = 1.5406 Å).
Plane-view high-resolution TEM and cross-sectional high-
angle annular dark-field scanning TEM (HAADF-STEM)
were measured using an FEI Titan 80–300 microscope, after
fabricating thin lamella via focused ion-beam milling.

III. FILM GROWTH AND STRUCTURAL
CHARACTERIZATION

Mn3Ir films with a (001) orientation were achieved by
growing on (001) cut single-crystal MgO substrates [35].
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FIG. 2. (a) Dependence of grain size and OP lattice parameter
on growth temperature. AFM topography maps of 3-nm Mn3Ir films
with (b) (001) and (c) (111) orientation.

Mn3Ir was deposited as described above, at different elevated
substrate temperatures (growth temperature, TG). Figure 1(b)
shows specular out-of-plane (OP) 2θ -θ XRD patterns for the
resulting 10-nm-thick films. In all cases a Mn3Ir (002) diffrac-
tion peak is observed, indicating growth of Mn3Ir with a
(001) crystal orientation. From the full width at half maximum
(FWHM) of this peak, the size of crystalline grains in the
OP direction can be estimated using the Scherrer formula, as
plotted in Fig. 2(a). The intensity of the (002) peak increases
with TG, while its FWHM decreases. This indicates the (001)
texture of the film strengthens with increasing TG, due to the
growth of larger grains of consistent crystal orientation. Such
a process is further enhanced by in situ annealing for 60 min
at 500 °C.

The variation of OP lattice parameter, c, is also plotted
in Fig. 2(a). As TG is increased, c relaxes towards the bulk
value, presumably because of a combination of the elevated
temperature improving adatom mobility and the lower thermal
expansion coefficient of the insulating substrate with respect

to the metallic film. This process is accentuated by postan-
nealing, after which c approaches the bulk value of 3.780 Å.

The average roughness of the Mn3Ir layers as a function
of growth temperature is plotted in the inset of Fig. 1(b),
as measured from atomic force microscopy (AFM) studies.
The roughness increases markedly for TG above 300 °C and
after postannealing. As such, subsequent samples were grown
at 300 °C without postannealing, to achieve a compromise
between high-quality crystal structure and a smooth surface.
Under these conditions, c = (3.737 ± 0.001) Å, remaining
slightly below the bulk value. Figure 2(b) shows an AFM
topographical map from a 3-nm-thick film grown under such
conditions, where terraces of the MgO substrate can be seen
stacked along the [100] crystal axis, with the Mn3Ir following
these and showing a low root-mean-square (rms) roughness of
≈8 Å (measured over an area of 25 μm2). This is in agreement
with the roughness parameter of ≈6 Å extracted from fitting
XRR measurements.

In this growth mode, Mn3Ir has a fcc crystal lattice, and can
grow in either an L12 ordered phase (Pm3̄m, space group =
221), the crystal and magnetic structure of which is displayed
in Fig. 3(a), or a γ disordered phase (Fm3̄m, space group
= 225) showing site disorder on the respective sublattices
[36]. Contrary to previous reports, no (001) superstructure
peak from Mn3Ir is observed in the XRD patterns in Fig. 1(b)
[37,38]. Instead, our thin films grow in the γ -Mn3Ir phase,
possessing the noncollinear AF order determined by Kohn
et al. [36], where the Mn moments have been shown to cant
slightly out of the (111) plane.

To evaluate the in-plane (IP) orientation of the Mn3Ir (001)
thin films grown at 300 °C, pole figure XRD measurements
were performed in which the azimuthal angle � is scanned as
a function of tilt angle χ , with 2θ -θ fixed at the (111) reflec-
tion of a 10-nm Mn3Ir (001) film. The [100] and [010] edges
of the MgO substrate were aligned along φ = 0◦ and φ = 90◦,
respectively. The resulting map is shown in Fig. 3(b), with the
four sharp peaks demonstrating well-defined IP crystal axes
arising from a highly oriented thin film with cubic symmetry
[37,39]. Furthermore, the peak positions indicate cube-on-
cube growth with respect to the MgO substrate, with the
epitaxial relationship: MgO (001) [100] ‖ Mn3Ir (001) [100].
A schematic illustration of this relationship is displayed in
Fig. 3(a).

Having determined their IP orientation, 2θ -θ XRD scans
(longitudinal direction) at different ω offset angles (transverse
direction) were recorded such that the (111) reflections from
both the 10-nm Mn3Ir (001) film and the MgO (001) substrate
were observed. Figure 4(a) shows a map of such off-specular
(θ�ω) measurements, in which the FWHM of the Mn3Ir
peak in the transverse scans along the ω axis demonstrates a
mosaicity ≈2◦, comparable with that reported for molecular-
beam epitaxy (MBE)-grown films [36]. Table I summarizes
the structural parameters obtained for both the (001) and
(111) oriented films deposited here, and compares them with
results previously reported in the literature. Meanwhile, the
FWHM in longitudinal scans along the 2θ axis can be con-
verted to an average crystallite size of (10.6 ± 0.7) nm,
comparable with other reports [37]. This contains both IP and
OP contributions to grain size suggesting that, since vertical
grain size was already determined to be slightly below film

074409-3



JAMES M. TAYLOR et al. PHYSICAL REVIEW MATERIALS 3, 074409 (2019)

[010]
[100]

[001]

aMgO = 
4.21 Å[010]

[100]

[001]MgO

aMn3Ir = 
3.78 Å

Mn3Ir

Ir
Mn

Mg
O

(a)

(b)

FIG. 3. (a) Crystal and magnetic structure of L12 ordered Mn3Ir
with [001] axis directed out-of-plane, demonstrating cube-on-cube
epitaxy with a (001)-oriented MgO substrate. (b) XRD χ -φ pole
figure measuring 〈111〉 peaks in a 10-nm Mn3Ir film with (001)
orientation, aligned such that the [100] and [010] axes of the MgO
substrate are directed along φ = 0◦ and φ = 90◦, respectively.

thickness, crystallites grow larger laterally. This is confirmed
by plane-view TEM measurements, displayed in Fig. 4(b).
The in-plane microstructure of the sample is visible, with
high contrast produced between crystallites with small mosaic
spread, showing lateral grain sizes between 10 and 15 nm.

Finally, the IP lattice parameter, a, for a 10-nm Mn3Ir
(001) film grown at 300 °C was calculated to
be a = (3.808 ± 0.009) Å, using the relationship
a = 1√

2

√
[(3d111)2 − c2] [where d111 is the interplanar lattice

spacing determined from the (111) peak position]. Thus,
the film grows with an IP lattice expansion ε‖ = 0.74%,
and a corresponding OP lattice contraction ε⊥ = −1.14%,
in agreement with the literature [36]. Due to a large lattice
mismatch (≈10%) with MgO (001) (a = 4.212 Å), the Mn3Ir
(001) film couples only weakly to the substrate which, while
sufficient to seed cube-on-cube growth, will not introduce

FIG. 4. (a) XRD off-specular scan map measuring (111) reflec-
tions from a 10-nm Mn3Ir film with (001) orientation and the MgO
(001) substrate upon which it is grown. (b) Plane-view TEM image
of a 3-nm Mn3Ir (001) thin film, prepared using ion-beam backside
thinning.

epitaxial strain. Instead, ε‖ and ε⊥ can be understood in
terms of the film undergoing a small elastic distortion,
where unit-cell volume remains almost unchanged with
respect to the bulk. We note that mosaicity is increased and
lateral grain size suppressed with respect to (111)-orientated
films described subsequently. This can be explained by the
simultaneous weak substrate-film interaction, combined with
the inherent energetic instability of the (001) surface in
fcc crystal structures, leading to frequent relaxation of the
slight tetragonal distortion in Mn3Ir, creating a higher areal
density of grain boundaries and an enhanced rotation between
neighboring grains.

Moving on to the characterization of Mn3Ir thin films with
a (111) orientation deposited on Al2O3 (0001) substrates (a =
4.759 Å), in this case γ -Mn3Ir grows with the same fcc struc-
ture, but with the (111) crystal planes lying in the film plane
in registry with the hexagonal substrate. Figure 5(a) shows
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TABLE I. Summary of crystal-structure parameters indicative of high-quality thin films, comparing the superior quality growth achieved in
this work with previously published results discussed in the main text. Magnitude of exchange-bias fields reported for different heterostructure
configurations, as well as the resulting interfacial exchange anisotropy energy densities, are also quoted alongside the thickness of the Mn3Ir
film utilized and the temperature of the measurement.

Growth technique Material system
Lattice parameter

(Å)
Mosaic

spread (°)
Grain

size (nm)
Exchange bias field,

μ0HEB (mT)

Exchange anisotropy
energy density, JK

(erg cm−2)

Magnetron sputtering
[this work]

γ -Mn3Ir (001)
[/NiFe]

c, 3.737 ± 0.001
a, 3.808 ± 0.009

2 OP: 7.5
IP: 10–15

28 0.107
(10 nm@RT) (10 nm@RT)

121 0.462
(3 nm@5 K with
μ0HFC ‖ [110])

(3 nm@5 K with
μ0HFC ‖ [110])

104 0.397
(3 nm@5 K with
μ0HFC ‖ [100])

(3 nm@5 K with
μ0HFC ‖ [100])

77 0.294
(3 nm@5 K with

μ0HFC ‖ [100] after
training)

(3 nm@5 K with
μ0HFC ‖ [100] after

training)

γ -Mn3Ir (111) c, 3.797 ± 0.001 0.5 OP: 10.1 29 0.115
[/NiFe] a, 3.84 ± 0.08 IP: 20 (10 nm@RT) (10 nm@RT)

95 0.361
(3 nm@5 K) (3 nm@5 K)

27 0.103
(3 nm@5 K after training) (3 nm@5 K after

training)

[Fe (001)/] 6 10 4
MBE [37] a, 3.79 ± 0.05

γ -Mn3Ir (001) (10 nm@RT)

MBE [36] [Fe (001)/] c, 3.736 ± 0.008 2 6 0.07
γ -Mn3Ir (001) a, 3.80 (15 nm@RT) (15 nm@RT)

L12-Mn3Ir (001) c, 3.725 ± 0.005 31 0.37
[/Fe (001)] a, 3.81 (15 nm@RT) (15 nm@RT)

Magnetron sputtering
[38]

L12-Mn3Ir (111) c, 3.78 2.8 15
a, 3.80

Magnetron sputtering
[59,60]

L12-Mn3Ir (111)
[/CoFe]

8.5 ≈200 mT 1.3
(10 nm@RT) (10 nm@RT)

Magnetron sputtering
[39]

γ -Mn3Ir (001)
[/CoFe]

OP :≈ 10
IP: >20

≈0.2

γ -Mn3Ir (111)
(10 nm@RT)

[/CoFe]
≈0.35

γ -Mn3Ir (poly)
(10 nm@RT)

[/CoFe] ≈0.45
(10 nm@RT)

Magnetron sputtering
[25]

γ -Mn3Ir (poly)
[/CoFe]

6 ≈42 mT

(9 nm@RT)

12 ≈35 mT
(9 nm@RT)

≈6 ≈40 mT
(3 nm@ ≈ 5 K)

Magnetron sputtering
[46]

γ -Mn3Ir (poly)
[/CoFe]

≈8 mT
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FIG. 5. (a) XRD 2θ -θ patterns measured for 10-nm Mn3Ir (111)
films grown using different buffer layers (scans are offset for clarity).
(b) XRD ω rocking curve for a 10-nm Mn3Ir (111) film grown on a
TaN buffer layer, with fit to determine FWHM.

specular OP 2θ -θ XRD patterns for 10-nm Mn3Ir films grown
according to the previously discussed conditions, but now uti-
lizing various buffer layers. In the case where Mn3Ir is grown
directly on Al2O3 (0001), no crystalline structure is observed.
This can be explained by a significant variation in interface
free energies between the Al2O3 (0001) and Mn3Ir (111) sur-
faces making this growth mode unfavorable [40], a difference
that may be reduced by the introduction of a buffer layer.

Therefore, two different buffer layers were employed; ei-
ther 5-nm Pt or 5-nm TaN was deposited on Al2O3 substrates
held at 500 °C. TaN was prepared according to the conditions
described above, while Pt was deposited using a DC sputtering
power of 50 W at a rate of 1.0 Å s−1. Intense (111) and (222)
peaks arising from both Pt and TaN are observed in Fig. 5(a),
indicating that both films grow epitaxially on the hexagonal
substrate with a sharp (111) texture [41]. Furthermore, both
buffer layers seed a (111) orientation into the subsequently
deposited 10-nm Mn3Ir. A TaN buffer was chosen for further
samples, giving the advantages of chemical stability, a smooth

FIG. 6. (a) Crystal and magnetic structure of (111) planes in L12

ordered Mn3Ir, of (111) planes in TaN and of (0001) planes in Al2O3,
showing the epitaxial relation between them as viewed along the OP
axis. (b) XRD χ -φ pole figure measuring 〈002〉 peaks in a 10-nm
Mn3Ir film with (111) orientation and a 5-nm TaN (111) buffer layer,
aligned such that the [112̄0] axis of the Al2O3 substrate is directed
along φ = 0◦.

surface (with rms roughness of <3 Å confirmed by AFM), and
a high resistance (measured as >2 m� cm via a four-probe
method, in agreement with literature values [42]). From the
OP 2θ -θ XRD pattern in Fig. 5(a), a lattice parameter for TaN
of (4.397 ± 0.004) Å is measured, which is close to the value
for relaxed TaN thin films of 4.383 Å [42].

A lattice parameter value of (3.797 ± 0.001) Å is deduced
for Mn3Ir (111). This is very close to the bulk value, indicating
that the film grows fully relaxed, in agreement with sputtered
films prepared by Jara et al. [38]. OP grain size is calcu-
lated via the Scherrer formula to be (10.1 ± 0.3) nm, again
demonstrating the correlation of grain size vertically with
film thickness. A low mosaic spread in the film is measured
as (0.478 ± 0.008)° by recording a ω rocking curve XRD
scan about the Mn3Ir (111) peak, displayed in Fig. 5(b).
This low mosaicity, alongside the high-quality (111) crystal
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structure, can be attributed to the small lattice mismatch when
using a TaN buffer layer, allowing relaxed film growth with
minimal introduction of misfit dislocations or other defects.
Indeed, between two periods of the Al2O3 substrate lattice
and three of the TaN buffer, the lattice mismatch amounts
to 2.0%, which in turn reduces to just 0.3% between the
(111)-oriented TaN and the kagome planes of Mn atoms,
based on measured lattice parameters. The rms roughness of
the films is <4 Å, as extracted from Fig. 2(c), where the step
and terrace topography of the Al2O3 substrate is observed via
AFM through a 3-nm Mn3Ir (111) film.

Based on this analysis of lattice mismatch, Fig. 6(a)
displays the expected IP orientation of the stack, along-
side experimentally determined lattice parameters. This mode
of epitaxial growth was confirmed by XRD pole fig-
ures, presented in Fig. 6(b), measuring the (002) reflec-
tions of (111)-oriented TaN and Mn3Ir when the [112̄0]
axis of the substrate was aligned along φ = 0◦. The sharp
peaks observed provide evidence of coherent IP crystallo-
graphic directions, while their sixfold symmetry suggests
rotational twinning between (111) crystal planes [38,39].
The relative positions of the reflections confirm pseudo-
hexagon-on-hexagon epitaxial growth throughout the stack,
and allow the determination of the following epitaxial
relationship, illustrated in Fig. 6(a): Al2O3 (0001) [112̄0]
[1̄100] ‖ TaN(111) [1̄1̄2] [11̄0] ‖ Mn3Ir(111) [1̄1̄2] [11̄0].

Additional TEM measurements on the (111)-oriented sam-
ples investigated the film structure at the nanoscale. A cross-
section HAADF-STEM image of a 10-nm Mn3Ir film is
displayed in Fig. 7(a), viewed along the [11̄0] zone axis. The
epitaxial growth of the TaN (111) buffer and Mn3Ir (111) film
is clearly seen, demonstrating high-quality crystal structure
with sharp interfaces and few defects. An absence of grain
boundaries observed within the field of view suggests growth
of large grains in the lateral direction, with a size of >20 nm.

Figure 7(b) shows a fast Fourier transform diffractogram of
the lattice plane image in Fig. 7(a), with (hkl) diffraction peaks
indexed. The positions of the diffraction spots confirm the
epitaxial relationship between the layers. They further allow
the determination of the predominantly IP lattice parameter
along the [001] direction: (4.35 ± 0.09) Å for TaN and
(3.84 ± 0.08) Å for Mn3Ir. These agree, within uncertainty,
with the OP lattice parameters measured from XRD, confirm-
ing the relaxed growth of Mn3Ir (111). Table I collates the
different crystal-structure figures of merit measured for our
thin films, demonstrating the competitive performance of the
magnetron sputtering growth protocols developed here with
those previously published.

IV. EXCHANGE BIAS

Exchange bias (EB) was studied in bilayer samples of
Mn3Ir/FM. To achieve this, replicas of the above samples
were prepared incorporating a layer of 5 nm Ni80Fe20

(=Py, Permalloy), grown from a Ni80Fe20 alloy target at
a rate of 1.2 Å s−1 via 75-W DC magnetron sputtering af-
ter samples had cooled to room temperature (RT), result-
ing in the growth of polycrystalline Py with composition
Ni(0.80±0.01)Fe(0.20±0.01) (measured by RBS). The magnetic
properties of the resulting heterostructures were measured

FIG. 7. (a) Cross-sectional HAADF-STEM image of a 10-nm
Mn3Ir (111) film, grown on an Al2O3 substrate with (0001) orien-
tation using a 5-nm (111) textured TaN buffer layer, viewed along
the [11̄0] zone axis. (b) Diffractogram (fast Fourier transform) of
the above experimental image. The epitaxial correlation between the
Mn3Ir and TaN lattices is demonstrated by the corresponding indexed
reflections.

using superconducting quantum interference device vibrating
sample magnetometry (Quantum Design MPMS3).

EB occurs in coupled AF/FM systems, introducing a uni-
directional anisotropy to the bilayer. This manifests itself as
a shift in the FM magnetization hysteresis loop along the
applied field axis, the exchange-bias field (μ0HEB), as well
as an enhancement of coercive field (μ0HC) [43,44]. EB is
generally regarded as resulting from uncompensated spins at
the interface of the AF [45,46], which exchange couple to
moments in the FM layer [47,48]. These uncompensated AF
spins are, in turn, strongly pinned in the direction of unidirec-
tional anisotropy by AF domains that extend into the bulk of
the film [49,50]. EB is set in a given direction at sufficient
temperatures to overcome an energy barrier to AF domain
reorientation, namely the blocking temperature, TB. Here the
application of an external magnetic field that saturates the FM
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FIG. 8. (a) Magnetization hysteresis loops at 300 K for an as-
deposited 10-nm Mn3Ir (001)/Py bilayer, and for the same sample
after 1-T IP field annealing at 550 K (with μ0HFA ‖ [100]), with
IP measurement field directed parallel and perpendicular to μ0HFA.
(b) Magnetization hysteresis loops at 300 K for a 10-nm Mn3Ir
(111)/Py bilayer after 1-T IP field annealing at different temperatures
(with μ0HFA ‖ [1̄1̄2]) (inset shows variation of μ0HEB with annealing
temperature).

will also align the coupled uncompensated moments, in turn
leading to coherent orientation of bulk AF domains [51,52].
As the heterostructure is cooled, the preferential AF domain
alignment becomes fixed below TB and exchange anisotropy
is set in the direction of the external field [49,50]. The various
characteristics of EB are determined by the thermal stability of
the resulting AF domain walls, and hence depend intimately
on film microstructure [53,54].

For the case of 10-nm Mn3Ir/Py bilayers, TB lies above
300 K, meaning an EB can be stabilized at RT [24].
Figure 8(a) shows magnetization (M) measured as a function
of IP field (μ0H ) for a 10-nm Mn3Ir (001)/Py bilayer; both
as-deposited and after 30-min magnetic-field annealing (FA)
at 550 K and subsequent cooling in a 1-T magnetic field
(μ0HFA) applied along the [100] crystal direction (performed

ex situ in a furnace at a pressure <9 × 10−6 mbar). The
field annealing procedure did not result in modification of
the crystal structure of the bilayer, as confirmed by XRD
measurements. In the as-deposited state, no shift in the
magnetization hysteresis (MH) loop can be seen. Following
the IP field-annealing procedure, a shift in the MH loop of
μ0HEB = −28 mT, measured with applied field along the
[100] axis in Mn3Ir, demonstrates the onset of EB. This
value of μ0HEB is equivalent to a unidirectional anisotropy
energy density (defined as JK = MSdFμ0HEB, where MS is
the saturation magnetization and dF is the thickness of the
FM layer [55]) of JK = 0.107 erg cm−2 (in turn equiva-
lent to 10.7 nJ cm−2). Magnetization measured with external
field along the perpendicular [010] crystallographic direction
shows a hard axis response, confirming the unidirectional
nature of the induced anisotropy. The negative shift of the
hysteresis loops indicates the exchange anisotropy is set in the
same direction as the field applied during annealing. This is
because of the parallel coupling between interfacial Mn spins
and Ni magnetic moments, which is shown to dominate over
antiparallel coupling with Fe when smoothly varying Py to a
Ni-rich composition [56]. These uncompensated AF moments
become, in turn, strongly pinned in their preferred direction by
the dominant AF domain state in the bulk of the Mn3Ir film as
the sample is cooled through TB [55].

Figure 8(b) shows MH loops measured for a 10-nm Mn3Ir
(111)/Py heterostructure with field applied along the [1̄1̄2]
crystalline direction after 30-min ex situ 1-T IP field anneal-
ing at different temperatures, Tanneal. In all cases, a negative
shift of the hysteresis loop indicates the introduction of a
unidirectional exchange anisotropy. The inset of Fig. 8(b)
shows the variation in μ0HEB with Tanneal. A maximum
μ0HEB = −29 mT is achieved after IP FA at 550 K, cor-
responding to a unidirectional anisotropy energy density of
JK = 0.115 erg cm−2 (JK = 11.5 nJ cm−2). Higher annealing
temperatures lead to a degradation of μ0HEB, indicating that
TB of these bilayers is close to 550 K, comparable to other
values for epitaxially grown Mn3Ir films in the literature
[35]. Contrary to Ref. [39], where larger μ0HEB is measured
for (111) textured films of similar thickness, we find similar
μ0HEB for both Mn3Ir orientations. In our case, larger than
expected μ0HEB for (001)-orientated films may be explained
by these samples containing a higher density of grain bound-
aries and larger mosaicity compared with the (111) films, as
discussed above, which may act to enhance EB by introducing
pinning sites to stabilize AF domain formation [57].

Table I compares EB values achieved in these bilayers
with optimized μ0HEB and JK previously reported. The μ0HEB

and JK values achieved here compare favorably with other
epitaxially grown films, also reinforcing the assertion that our
Mn3Ir thin films possess a noncollinear AF order (since EB is
shown to degrade significantly when transitioning towards the
collinear AF phase of Mn50Ir50 [58]). Nevertheless, for both
orientations we measure lower μ0HEB and JK compared to
maximized values in the literature. This is because larger val-
ues of μ0HEB and JK are obtained in textured polycrystalline
films containing much smaller grains (thus more pinning sites)
[25] and a fraction of L12 ordered Mn3Ir phase [59,60].

On the other hand, the TB of 3 nm Mn3Ir/Py bilayers will lie
below RT. It has been shown that TB decreases rapidly when
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FIG. 9. (a) μ0HEB measured at different temperatures after 1-T
IP field cooling from 400 K for a 3-nm Mn3Ir (001)/Py bilayer,
with μ0HFC ‖ [100] and [110] crystal axes (inset shows normal-
ized magnetization hysteresis loops recorded at 5 K after different
field-cooling protocols with μ0HFC ‖ [100]). (b) μ0HEB measured
at different temperatures after 1-T IP field cooling from 400 K
for a 3-nm Mn3Ir (111)/Py bilayer, with μ0HFC ‖ [1̄1̄2], [01̄1], and
[12̄1] crystal axes (inset shows normalized magnetization hysteresis
loops recorded at 5 K after different field-cooling protocols with
μ0HFC ‖ [1̄1̄2]).

Mn3Ir thickness is reduced below 5 nm [24,57] due to the re-
duced thermal stability of the AF domain state [61]. However,
no studies of EB in ultrathin epitaxial Mn3Ir films have pre-
viously been reported. Figure 9(a) shows the value of μ0HEB

measured for such a bilayer with (001) orientation after 1 T
IP field cooling (FC) from 400 K to different temperatures, T.
The inset to Fig. 9(a) shows an example of the individual MH
loops measured at 5 K after zero-field cooling (ZFC), +1-T
IP field cooling and −1-T IP field cooling. Shifting of the MH
loop along the applied field axis after field cooling, as opposed
to ZFC, indicates the onset of EB at low temperatures and
demonstrates the essential role of the external field (μ0HFC)
in selecting a preferred direction for interfacial AF spins.

The reversal of the unidirectional anisotropy after −1-T field
cooling confirms the parallel coupling of the uncompensated
Mn and FM Ni moments, while also showing the ability
to manipulate interfacial magnetic structure and AF domain
orientation as a function of field cooling.

Figure 9(a) also shows the change in μ0HEB when ex-
change anisotropy is induced by cooling the sample (and sub-
sequently measuring) with magnetic field applied along dif-
ferent crystallographic directions. An onset of μ0HEB increase
indicates TB of the heterostructures. With EB along the [110]
crystal axis, a higher TB ≈ 150 K is observed compared with
the [100] axis (TB ≈ 60 K), as well as larger values of μ0HEB

at equivalent temperatures, in agreement with Ref. [35]. There
is no obvious relation between microstructure (e.g., film ter-
race orientation measured by AFM) and this preferential axis
for unidirectional anisotropy. However, an epitaxial AF layer
can imprint its magnetocrystalline anisotropy onto a poly-
crystalline FM layer in exchange-coupled heterostructures
[62]. EB phenomena are then governed by a combination of
unidirectional exchange anisotropy set through field cooling,
and an anisotropy determined by the AF crystal symmetry.
In our case, the enhanced TB along the [110] direction may be
caused by a different magnetocrystalline anisotropy compared
with the [100] axis, in turn connected to the alignment of
Mn moments in the γ -Mn3Ir structure at 45° to the cubic
crystallographic edges. The triangular spin texture of epitaxial
Mn3Ir films has been shown to have a significant influence
on the magnetization reversal mechanism in AF/FM bilayers
[36], and, while the relationship between μ0HEB and magne-
tocrystalline easy axes of epitaxial FM layers has been studied
[63], the effect of crystalline anisotropy in noncollinear AF
films on EB is open to further exploration.

The measurement of μ0HEB in a 3-nm Mn3Ir (111)/Py bi-
layer at different temperatures after 1-T IP field cooling from
400 K is shown in Fig. 9(b). In this case, no difference is seen
in μ0HEB with cooling field applied along different crystal
directions. This may be due to sixfold IP crystalline symmetry
in these samples, such that no direction provides a preferential
axis for EB setting. Observed TB ≈ 40 K is found to be lower
than (001)-oriented Mn3Ir, as is μ0HEB at equivalent tem-
peratures, with maximum μ0HEB = −95 mT at 5 K. Again,
this may be attributable to higher-quality epitaxial growth of
(111) films, introducing less defects and grain boundaries to
stabilize AF domains at a given temperature [57].

The inset of Fig. 9(b) shows individual MH loops recorded
at 5 K following IP field cooling with different external
field strengths. The asymmetric shape of the hysteresis loops
indicates that the magnetization of the Py layer reverses
via the same two distinct mechanisms, domain-wall nucle-
ation/propagation on the downward sweep of magnetic field
and coherent magnetization rotation on the recoil branch, as
previously discovered for Mn3Ir [64]. In addition, μ0HEB is
invariant with field strength as expected, again indicating the
potential uses of EB in manipulating AF order using low
applied fields. Indeed, EB may play a valuable role when
utilizing chiral AFs for spintronic applications, by setting a
dominant domain state in a material [51] with otherwise large
internal anisotropy fields, when the uncompensated moment
induced at the interface [48] acts to coherently orient trian-
gular spin configuration. Extending this concept to materi-
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FIG. 10. (a) Exchange-bias training effect showing variation of
μ0HEB and μ0HC with successive measurement field cycles at dif-
ferent temperatures after 1-T IP field cooling from 300 K for a
3-nm Mn3Ir (001)/Py bilayer (with μ0HFC ‖ [100]). (b) Blocking
temperature distribution showing μ0HEB and μ0HC measured at 5 K
after 1-T IP FC from different starting temperatures for a 3-nm Mn3Ir
(111)/Py bilayer (with μ0HFC ‖ [1̄1̄2]).

als such as Mn3Sn [20], where weak magnetization can be
used to directly manipulate chiral domain orientation [22],
exchange interactions across heterostructures of epitaxially
grown noncollinear AF films could be used to control topo-
logical spin textures. AF domains in Mn3Ir, and their relation
to uncompensated moment, are considered in our subsequent
work [65].

For such realizations, an important consideration is the EB
training effect. Here the measured μ0HEB and μ0HC decrease
over the course of successive external applied magnetic-field
cycles. This arises because a portion of the uncompensated
AF moments at the interface, that contribute to exchange
coupling after the initial field-cooling procedure, are only
weakly pinned to the bulk AF structure. They are thus free
to follow the reversing magnetization of the FM layer, and
so are reorientated by the external field [45]. In Fig. 10(a)
the change in μ0HEB and μ0HC measured over the course of

consecutive training-field cycles is shown for a (001)-oriented
3-nm Mn3Ir/Py bilayer, following 1-T IP field cooling from
300 K to different temperatures. In all cases, it is observed
that, after at most four applied field cycles, both μ0HEB and
μ0HC reach equilibrium values and do not change further.
At this point all weakly pinned uncompensated Mn spins
are relaxed. The remaining exchange bias is modulated by
interfacial AF spins that are strongly coupled to the bulk
Mn3Ir domain state [48]. Similar results are seen for 3-nm
Mn3Ir (111)/Py heterostructures (not shown).

These resulting values of exchange bias therefore depend
on the stability of the AF order, and hence on the temperature
to which the bilayer was field cooled. While before train-
ing both Mn3Ir orientations show large μ0HEB � −95 mT
at 5 K, the maximum post-training μ0HEB = −77 mT for a
3-nm Mn3Ir (001)/Py bilayer and μ0HEB = −27 mT for the
(111) orientation. The dramatic decrease in μ0HEB for the
3-nm Mn3Ir (111)/Py bilayer may indicate the significant
contribution to the initial exchange-bias setting of weakly
coupled uncompensated Mn moments in ultrathin films of this
orientation, as discussed further in our subsequent work [65].

Finally, in order to confirm the TB of bilayers with ultra-
thin Mn3Ir, further temperature-dependent measurements of
exchange bias were performed. In Fig. 10(b) the variation
in μ0HEB and μ0HC, extracted from magnetization hystere-
sis loops measured at 5 K after 1-T IP field cooling from
different starting temperatures, Tstart , is shown for a 3-nm
Mn3Ir/Py bilayer with (111) orientation. A sharp decrease
in both μ0HEB and μ0HC is observed when cooling from
temperatures below 40 K, indicating that Tstart is no longer
completely above the maximum of the bilayer’s TB distri-
bution, and thus insufficiently energetic to fully reorient AF
domains in order to obtain maximum exchange bias. Variation
in grain size within the Mn3Ir film results in a distribution
of these activation energies and hence of TB, accounting for
the steady decrease in μ0HEB towards zero as Tstart is further
decreased [25].

V. CONCLUSION

In summary, recipes for the sputter deposition of γ -Mn3Ir
with (001) orientation on MgO substrates, and with (111)
orientation on TaN buffered Al2O3 substrates, are reported.
A combination of XRD and TEM analysis demonstrates the
epitaxial growth of the films and the resulting high-quality
crystal structure, with Mn3Ir (111) films in particular showing
low mosaicity and large grain size. The ability to manipulate
crystal texture through epitaxial engineering, while achieving
single-crystalline thin-film structure using magnetron sput-
tering, represents an important springboard for exploiting
epitaxial thin films of Mn3Ir and other chiral antiferromagnets
in topological spintronic applications.

Exchange bias was studied in bilayer samples, with
values up to μ0HEB = −29 mT (JK = 0.115 erg cm−2 or
11.5 nJ cm−2) achieved after 1-T in-plane field annealing at
550 K. For heterostructures with ultrathin epitaxial antifer-
romagnetic layers, the temperature dependence of exchange
bias is studied. Exchange bias is observed below room tem-
perature, with TB ≈ 40 K in 3-nm Mn3Ir (111)/Py samples
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and a notable dependence of exchange coupling on in-plane
crystalline direction in 3-nm Mn3Ir (001)/Py bilayers. Here a
higher TB ≈ 150 K and larger values of μ0HEB are measured
when unidirectional anisotropy is set along the [110] crystal-
lographic axis. These findings may inform future studies of
spin-orbit torques in such heterostructures.

Finally, we explore how these macroscopic exchange-
bias properties provide a clue as to the underlying anti-
ferromagnetic domain structure, based on the domain-state
model. By discussing exchange anisotropy in the context
of our detailed analysis of crystal microstructure, this paper

provides groundwork as to how exchange coupling might
be used to control triangular spin textures in heterostruc-
tures of noncollinear antiferromagnets utilized in chiralitronic
devices.
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2.2 Magnetic and electrical transport signatures of un-
compensated moments in epitaxial thin films of the
noncollinear antiferromagnet Mn3Ir

The following chapter of this cumulative thesis consists of the peer-reviewed
scientific paper (and its supplementary material) published as:

J. M. Taylor, E. Lesne, A. Markou, F. K. Dejene, P. K. Sivakumar, S.
Pöllath, K. G. Rana, N. Kumar, C. Luo, H. Ryll, F. Radu, F. Kronast, P.
Werner, C. H. Back, C. Felser, and S. S. P. Parkin, “Magnetic and electrical
transport signatures of uncompensated moments in epitaxial thin films of the
noncollinear antiferromagnet Mn3Ir”, Appl. Phys. Lett. 115, 062403 (2019)

Reprinted from [J. M. Taylor et al., “Magnetic and electrical transport signatures of un-

compensated moments in epitaxial thin films of the noncollinear antiferromagnet Mn3Ir”,

Appl. Phys. Lett. 115, 062403 (2019)], with the permission of AIP Publishing. DOI:

10.1063/1.5099428

The previous Section 2.1 detailed the growth and structural characteri-
zation of epitaxial thin films of Mn3Ir. We demonstrated that smooth films
of thicknesses down to 3 nm could be grown with a highly oriented crys-
tal structure, large grain size and low mosaicity. The reason for optimizing
the crystal structure of the films was to attempt to measure the topological
electrical transport properties of Mn3Ir, as discussed in Section 1.2.9. This
includes the theoretically predicted AHE driven by a Berry curvature in-
duced effective field arising from the time-reversal symmetry breaking of the
noncollinear AF order in Mn3Ir [67]. The origin of this effect was discussed
in Section 1.2.9 and is, importantly, found to be odd with respect to trian-
gular spin texture chirality [73]. In its equilibrium state, the noncollinear
magnetic structure of Mn3Ir will break into multiple AF domains, each of
which will posses an opposite handedness of triangular spin texture. For this
reason, the anomalous Hall conductivity from oppositely oriented domains
will cancel over a macroscopic sample, and no net AHE will be observed.
This is unless the system can be driven into a dominant chiral domain state.
However, the strong internal anisotropy fields of Mn3Ir mean that manipu-
lation of its noncollinear magnetic structure using an external magnetic field
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is challenging [65]. Extremely large magnetic fields are expected to be neces-
sary in order to drive the material into a single AF domain state that would
show a saturating, finite AHE. For this reason, observation of the AHE in
Mn3Ir has remained elusive.

However, Berry phase generated AHE has been successfully measured in
the closely related compound Mn3Pt [109]. This was achieved by growing
Mn3Pt thin films on a piezoelectric substrate, BaTiO3, which resulted in the
growth of films with IP tensile strain. In these strained films, a large AHE
was observed, attributed to the Berry curvature mechanism. Magnitude of
anomalous Hall conductivity increased with decreasing film thickness (and
thus increasing strain). Simultaneously, a small uncompensated magnetiza-
tion (1 to 5 mµB/f.u.) was measured, whose size also increases with increasing
tensile strain. This suggests that the weak magnetization may play a role
in allowing the observation of a large AHE, by allowing manipulation of the
domain structure in a similar way to Mn3Sn (discussed in the second half,
Part B, of this thesis), with the tensile strain acting either to induce this
moment or additionally modify the domain structure directly.

We were therefore motivated to explore a similar relationship in our epi-
taxial thin films of Mn3Ir. By comparing films of different thicknesses, and
studying their microstructural, magnetic and electrical transport properties,
we hoped to help clarify the connection between epitaxial strain, induced un-
compensated magnetic moment, and the resulting magnetotransport proper-
ties in cubic noncollinear AFs. This forms the objective of the second chap-
ter of this thesis, Section 2.2, consisting of the paper: J. M. Taylor et al.,
“Magnetic and electrical transport signatures of uncompensated moments in
epitaxial thin films of the noncollinear antiferromagnet Mn3Ir”, Appl. Phys.
Lett. 115, 062403 (2019).

Here the (111) oriented films, shown in the previous paper to grow on TaN
(111) buffered Al2O3, are the primary candidate material. This is because,
in this case, the kagome lattice of Mn atoms, which forms the noncollinear
AF order, lies in the film plane. Thus, as current is passed through the (111)
crystal planes, electrons encounter the triangular spin texture and should
therefore acquire the momentum-space Berry phase that drives AHE.

To this end, the (111) oriented Mn3Ir films, which were grown as part of
the study in Section 2.1, with two example thicknesses of 10 nm and 3 nm,
were lithographically patterned into Hall bar devices, as explained in Section
1.3.9. We then measured their electrical transport properties as a function of
external magnetic field at different temperatures, using a cryostat system as
described in Section 1.2.8, with the objective of measuring the topologically
generated AHE.

Such measurements of Hall effect as a function of OP applied magnetic
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field in 10 nm and 3 nm Mn3Ir (111) films reveal an absence of large, Berry
curvature driven AHE. Indeed, at room temperature both thicknesses show
an ordinary Hall effect. However, when measured at low temperature, an
important difference between the two thickness regimes becomes apparent.
Whilst for the 10 nm thick film, the ordinary Hall response hardly changes
between high and low temperature regimes, in the 3 nm ultrathin film an
anomalous Hall-like response is measured at low temperature. This switches
polarity as external magnetic field is reversed and is saturated in a field of
around 2 T. However, the magnitude of this AHE is much smaller than the
predicted Berry phase generated anomalous Hall conductivity [67]. What
is more, this AHE is accompanied by a negative MR. Negative MR arises
because of a decrease in sample resistivity to flowing electrons, when mag-
netic moments in the material are driven into an ordered configuration by
an external magnetic field. This suggests that, in fact, the low temperature
behavior in 3 nm Mn3Ir (111) films may be a conventional AHE driven by
the presence of a net magnetization, rather than a topological mechanism.

We confirm this interpretation using XMCD spectroscopy measurements
performed in the same samples. XMCD, whose origin and interpretation
is discussed in Section 1.3.8, was measured as a function of magnetic field
applied OP. In the 10 nm Mn3Ir (111) film, a linear response of XMCD to
magnetic field parallel to the [111] crystal direction can be explained by tilting
of the Mn moments out of the kagome planes in the presence of a strong
external magnetic field. Meanwhile the ultrathin 3 nm films show a small
hysteresis in their response of XMCD to OP applied magnetic field, with a
coercivity of around 0.3 T, and a small remnant signal at zero field. Using
sum rule analysis, we calculate that this corresponds to an uncompensated
Mn moment of 0.02µB per atom

We therefore conclude that there is a tiny uncompensated Mn moment,
which reverses hysterically in magnetic field and generates a small anomalous
Hall-like response, present in ultrathin Mn3Ir (111) films. By performing
detailed analysis of the thin film microstructure, we are able to suggest an
origin for this weak magnetization. TEM measurements were made of each
films’ crystal structure. By extracting diffractograms for each of the two
thicknesses, we observe sharp spots indicative of single crystalline structure.
These can be indexed and, from their relative positions, the IP and OP lattice
parameters of each thin film calculated.

In the 10 nm thick films, we found the lattice parameters to be very close
to the bulk, as discussed in Section 2.1. However, for the 3 nm Mn3Ir (111)
films, an inelastic expansion of the IP lattice parameter was discovered, corre-
sponding to significant IP tensile strain. This increased IP lattice parameter
may act to modify the exchange interactions between neighboring Mn atoms,
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the sign of whose coupling is known to be very sensitive to interatomic spac-
ing. Thus the IP tensile strain in ultrathin Mn3Ir (111) films may induce the
small uncompensated Mn moment observed in both magnetic and electrical
transport measurements.

This finding could prove useful when designing potential AF spintronic
devices based on such materials, where epitaxial engineering can be used to
control thin film strain, and thus the resulting magnetotransport properties.
These results are similar to the case of Mn3Pt[109], but with an important
difference. Whereas in Mn3Pt the weak magnetization in the strained films
appears to help induce the Berry phase driven AHE, in our case only a
conventional AHE is observed. This suggests that the uncompensated Mn
moments in Mn3Ir (111) remain decoupled from the bulk AF order, and
therefore that their reorientation in an applied magnetic field is unable to
modify the configuration of the overall triangular spin texture (the impor-
tance of which was discussed in relation to Mn3Sn in Section 1.2.7). Thus an
external magnetic field is unable to move domain walls in the Mn3Ir (111)
thin films, and no net Berry curvature generated AHE is observed, as the
sample remains in a multi-domain state.

Finally, therefore, in an attempt to measure this chiral domain structure
of Mn3Ir, we performed X-PEEM measurements, as described in Section
1.3.8. We measured XMCD andXMLD, detected using X-PEEM. Measure-
ments were made in 10 nm thick Mn3Ir samples at zero magnetic field and
low temperature. Here we do not expect to observe any weak magnetization,
but instead to image the equilibrium AF domain state of Mn3Ir. Using both
linear (which would be sensitive to the triangular spin texture) and circu-
lar (whose absorption should depend on the chirality of the noncollinear AF
order) polarized x-rays, no contrast is discerned above the sample surface
topography background and no AF domains are resolved. Not only does this
confirm that Mn3Ir is not in a dominant chiral domain state at equilibrium,
but also that the domains in the resulting multi-domain state are very small
(that is, below the 20 nm resolution of the electron microscope). Therefore,
we conclude that our Mn3Ir thin films contain many tiny AF domains of op-
posite chirality, yielding no net Berry curvature driven AHE and that, even
in ultrathin Mn3Ir (111) samples with an IP tensile strain induced uncom-
pensated moment, this is decoupled from the bulk AF order and thus unable
to drive the Mn3Ir into a dominant chiral domain state.

These results speak to the important interplay of epitaxial strain, un-
compensated magnetic moment, chiral domain structure and electrical trans-
port behavior in AF materials, a relationship that forms a common theme
throughout this thesis and which, as we will explore in Part B, is key to the
potential utilization of noncollinear AFs in topological spintronic applications.
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Finally, recent electronic structure simulations [67] predict that Mn mo-
ments will cant out of the (111) planes in Mn3Ir by ≈ 0.1◦. This is calculated
to result in an net magnetic moment of 0.0067µB per atom, and to generate
a corresponding anomalous Hall conductivity of 1 Ω−1 cm−1.

The origin of this canting is attributed to the anisotropy introduced by
local cubic symmetry breaking (explained in Section 1.2.6) around each Mn
moment in the kagome plane of Mn3Ir [65]. LeBlanc et al. predict that this
anisotropy cants Mn moments towards the cubic crystal axes, resulting in an
uncompensated magnetic moment along the [111] direction [95].

We highlight the fact, as an extension to the discussion given in paper
J. M. Taylor et al., “Magnetic and electrical transport signatures of uncom-
pensated moments in epitaxial thin films of the noncollinear antiferromagnet
Mn3Ir”, Appl. Phys. Lett. 115, 062403 (2019), that this theoretically pre-
dicted net magnetic moment somewhat matches with the uncompensated Mn
moment measured along the [111] direction in our 3 nm Mn3Ir films using
XMCD. Furthermore, our measured anomalous Hall conductivity is calcu-
lated as σxy = ρxy/(ρxx)2 = 3× 10−3

µΩ cm/(81 µΩ cm)2 = 0.46 Ω−1 cm−1.
Whilst this is half of the simulated value, the difference can be accounted for
by the measured longitudinal resistivity in an experimental device.

The uncompensated Mn moment observed in our ultrathin Mn3Ir (111)
films may, therefore, be attributed to this same anisotropy. We also note
that the presence of lattice site disorder in Mn3Ir leads to the tilting of Mn
moments towards the cubic crystal axes [93]. Thus, the presence of γ-Mn3Ir
in our epitaxial thin films may encourage such an anisotropic canting of Mn
moments out of the kagome planes.

However, that the net Mn moment measured experimentally remains
larger than the predicted value suggests other sources of noncollinear AF
order variation or uncompensated magnetic moment may play a role (for
example strain, as discussed in the paper). Furthermore, that reversal of
the net Mn moment does not seem to modify the chiral domain structure
of Mn3Ir, so as to induce larger changes in topological magnetotransport
properties, suggests the source of uncompensated magnetic moment may be
de-coupled from the bulk triangular spin texture.
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ABSTRACT

Noncollinear antiferromagnets, with either an L12 cubic crystal lattice (e.g., Mn3Ir and Mn3Pt) or a D019 hexagonal structure (e.g., Mn3Sn
and Mn3Ge), exhibit a number of phenomena of interest to topological spintronics. Among the cubic systems, for example, tetragonally
distorted Mn3Pt exhibits an intrinsic anomalous Hall effect (AHE). However, Mn3Pt only enters a noncollinear magnetic phase close to the
stoichiometric composition and at suitably large thicknesses. Therefore, we turn our attention to Mn3Ir, the material of choice for use in
exchange bias heterostructures. In this letter, we investigate the magnetic and electrical transport properties of epitaxially grown, face-
centered-cubic c-Mn3Ir thin films with (111) crystal orientation. Relaxed films of 10 nm thickness exhibit an ordinary Hall effect, with a
hole-type carrier concentration of (1.5006 0.002) � 1023 cm�3. On the other hand, TEM characterization demonstrates that ultrathin 3 nm
films grow with significant in-plane tensile strain. This may explain a small net magnetic moment, observed at low temperatures, shown by
X-ray magnetic circular dichroism spectroscopy to arise from uncompensated Mn spins. Being of the order of 0.02 lB/atom, this dominates
electrical transport behavior, leading to a small AHE and negative magnetoresistance. These results are discussed in terms of crystal micro-
structure and chiral domain behavior, with spatially resolved XML(C)D-PEEM supporting the conclusion that small antiferromagnetic
domains, <20 nm in size, with differing chirality account for the absence of observed Berry curvature driven magnetotransport effects.

Published under license by AIP Publishing. https://doi.org/10.1063/1.5099428

Antiferromagnetic (AF) spintronics is a growing research
field,1 motivated by a number of potential advantages for applica-
tions, including ultrafast magnetization dynamics2 and improved
stability against external perturbations at reduced dimensions. For
example, synthetic antiferromagnetic structures (SAFs)3 are
already employed to eliminate magnetostatic fields in spin-valve
sensors4 and magnetic tunnel junction (MTJ) memory bits.5

Furthermore, an efficient current-driven domain-wall motion has
been demonstrated in such SAFs6 by utilizing the chirality of the
magnetic structure.7

Indeed, chiral spin textures play a key role in the emerging field
of topological AF spintronics.8 Of particular interest are the noncollin-
ear AFs Mn3X (X ¼ Ir, Pt, Sn, Ge), which can stabilize with either a
face-centered-cubic (fcc) or a hexagonal crystal structure. The symme-
try breaking noncollinear spin texture of these materials, combined
with spin–orbit coupling, gives rise to a Berry curvature driven effec-
tive field that is predicted to generate an intrinsic anomalous Hall
effect (AHE).9,10 In the case of cubic Mn3Ir, a facet-dependent spin
Hall effect (SHE) emerging from the same origin has been discov-
ered.11 While this intrinsic SHE is even with respect to the handedness
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of topological AF order, contributions to the AHE will cancel out over
domains with opposite chirality of spin texture.12

Experimental measurements of the intrinsic AHE have been real-
ized in bulk single crystals of hexagonal noncollinear AFs, namely
Mn3Sn,

13 and Mn3Ge.
14 This has been enabled by the small in-plane

magnetic moment exhibited by these materials, also demonstrated in
epitaxial thin films of Mn3Sn,

15 which arises from geometric frustra-
tion of the inverse triangular spin texture. Alignment of this weak
magnetization via an external magnetic field in turn coherently orients
the AF order throughout the material, driving it into a dominant chiral
domain state.16

Such control of AF domains is challenging in the fcc noncollinear
systems, which are normally fully compensated with strong internal
anisotropy fields.17 However, Liu et al.18 have recently discovered a
large AHE in Mn3Pt films epitaxially grown with in-plane tensile strain
on BaTiO3 substrates. Mn3Pt undergoes a first-order magnetic phase
transition from the noncollinear to a collinear AF state above �360K.
AHE is only observed below this transition temperature, where a small
uncompensated magnetization is also measured. The size of this net
moment correlates with the magnitude of the Berry curvature driven
AHE and shows a dependence on the degree of tetragonal distortion of
the films, although the exact relationship between them (including the
role of chiral domain manipulation) remains open for further study.

While the magnetic phase transition of Mn3Pt has allowed the
important demonstration of electric field control of this topological
AHE, by applying additional piezoelectric strain to move between the
collinear and noncollinear states,18 it also presents an upper limit to
the operating temperature in the resulting spintronic structures. On the
other hand, the closely related cubic noncollinear AF Mn3Ir can be sta-
bilized with a triangular spin texture below its high N�eel temperature,
TN� 700K,19 over a broad composition range in the phase diagram.20

While Mn3Ir has previously been utilized as an exchange bias
pinning layer in heterostructures with ferromagnets (FMs),21,22 and
subsequently spin–orbit torques studied in such bilayers,23,24 further
understanding of the magnetotransport properties of Mn3Ir alone is
required before its potential implementation in future chiral spintronic
applications.25–27 Therefore, in this letter, we explore further the subtle
interplay between the crystal microstructure, uncompensated
moments, and electrical transport properties of this noncollinear AF.
In order to elucidate the behavior of Berry curvature driven phenom-
ena in these materials, thin film samples with high-quality crystal
structure are required, while the commercial realization of AF spin-
tronic devices requires deposition using fast and flexible techniques.28

To this end, the epitaxial films utilized here were grown by magne-
tron sputtering according to our recipe published in Ref. 29. Mn3Ir films
with (111) planes parallel to the substrate surface were selected for fur-
ther study, grown with the sample structure: Al2O3 (0001) [Substrate]/
TaN (111) [5nm]/Mn(0.726 0.03)Ir(0.286 0.03) (111) [3 or 10nm]/TaN
[2.5 nm]. The two different sample thicknesses were chosen to display
different structural properties, while both having a TN above room tem-
perature (RT).24 Comprehensive characterization is detailed in Ref. 29,
demonstrating that these films grow in an fcc c-Mn3Ir phase and sug-
gesting a noncollinear magnetic structure.19

As detailed in the supplementary material, 10 nm Mn3Ir (111)
films grow fully relaxed, with a large grain size in the lateral direction
of �20nm. In the case of 3 nm ultrathin films, high-resolution TEM
operated at 300 kV (FEI Titan 80–300) was used to further analyze the

crystal structure. Figure 1(a) shows a typical micrograph of the epitax-
ial growth of <111> oriented Mn3Ir, with sharp interfaces and uni-
form thickness. Examples of grain boundary defects are highlighted,
indicating slightly smaller laterally oriented grains in these ultrathin
films. Indeed, examination of different regions of the TEM lamella
allows an estimation of lateral grain size of 15–20nm.

The inset of Fig. 1(a) displays a fast Fourier transform diffracto-
gram for the 3 nm Mn3Ir (111) film, taken from the marked area.
Indexing of Mn3Ir (111) and (002) diffraction peaks allows the calcula-
tion of out-of-plane, OP (d111), and in-plane, IP (d112 ¼

ffiffiffiffiffiffiffi
2=3

p
d002),

lattice spacing, respectively. In the OP direction, the lattice plane sepa-
ration, d111 ¼ (2.196 0.09) Å, agrees within uncertainty with the bulk
value (2.182 Å). Meanwhile, the estimated IP crystal lattice spacing is
d112 ¼ (1.96 0.1) Å. In spite of the high uncertainty in this

FIG. 1. (a) TEM image of a 3 nm Mn3Ir (111) film, viewed along the [110] zone
axis, with in-plane crystallographic directions indicated and grain boundaries
highlighted by dashed lines (inset shows a diffractogram from the region marked by
green box). (b) XMCD measured for 10 nm and 3 nm Mn3Ir (111) films at 10 K (inset
shows XAS spectra recorded at the Mn-L3 edge using right- and left-circularly polar-
ized X-rays after sweeping the magnetic field to �8 T, and the resulting XMCD
spectrum, for a 3 nm thin film).
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measurement, which arises from the low intensity of the diffractogram
extracted from such an ultrathin layer, it is significantly larger than the
bulk value (1.543 Å). This indicates that the 3 nm Mn3Ir (111) film
grows with appreciable IP strain. The resulting volume expansion of
the unit cell was also previously found in < 5nm thick films of Mn-
based Heusler compounds.30,31 This is expected to lead to a modifica-
tion of magnetic properties (as observed, for example, in the noncol-
linear AF Mn3Ge under hydrostatic pressure32) due to changing
interatomic distances between Mn atoms.33

Characterization of these samples’ magnetism using SQUID vibrat-
ing sample magnetometry proved challenging, as previously reported for
ultrathin ferrimagnetic films30 and discussed further in the supplemen-
tary material. Instead, direct measurements of the films’ magnetic
moment (m) were performed using X-ray magnetic circular dichroism
(XMCD) spectroscopy at the VEKMAG endstation of the PM2 beamline
at BESSY.34 X-ray absorption spectra (XAS) were recorded around the
Mn-L3 edge in the total electron yield mode [shown in the inset of Fig.
1(b)], using alternating right- and left-circularly polarized X-rays
(rþ and r�, respectively), at temperature T¼ 10K. Figure 1(b) displays
the resulting XMCD signal, ðrþ � r�Þ=ðrþþr�Þ, as a function of the
OP applied magnetic field along the [111] direction, l0H. In the case of a
10nm Mn3Ir (111) film, a small linear response of the Mn magnetic
moment (calculated using the XMCD sum rules35) is observed, explained
by their slight canting out of the (111) plane under the influence of an
external magnetic field. Due to the high magnetic anisotropy of Mn3Ir,

17

we estimate that the fields used during these experiments remain well
below any spin-flip transition.

For a 3 nmMn3Ir (111) film, an XMCD signal which is hysteretic
for l0H < 2T is measured, with a coercivity of approximately 0.3T.
A subtle plateau in the XMCD signal (where low-field hysteretic behav-
ior reverts to a linear response) is seen at around 0.5%, corresponding
to a net Mn moment of 0.02 lB/atom. This demonstrates a small satu-
rating component of magnetization in ultrathin Mn3Ir (111) films,
which can be manipulated by an external magnetic field and arises
from uncompensated Mn spins. Since both chemical composition and
defect density are similar in 10nm and 3nm thick samples, this effect
could be interface driven, for example, by reorientation of the noncol-
linear AF structure.36 However, no similar effect has been observed in
ultrathin polycrystalline Mn0.8Ir0.2 films.23 Therefore, the origin of this
uncompensated moment may instead be strain in our epitaxial 3 nm
Mn3Ir (111) films. This is consistent with the results of Liu et al.,18 and
can be explained by the slightly increased interatomic distance begin-
ning to favor the parallel coupling of Mn spins.37 Modification of rem-
anent magnetization by IP strain has also been reported in epitaxially
distorted thin films of the noncollinear AFMn3Ga.

31

The thin films were then patterned into Hall bars, using electron
beam lithography and Ar ion etching, with dimensions ranging from
150� 50lm2 down to 3� 1lm2. Current (Ic ¼ 200 lA) flow was
directed along Hall bars fabricated in different IP crystalline directions.
The inset of Fig. 2(b) displays the electrical measurement geometry, for
an exemplar 15� 5lm2 device. Previous magnetotransport measure-
ments in polycrystalline Mn0.8Ir0.2 utilized anisotropic magnetoresistance
(AMR)25 or tunneling-AMR26 to detect AF order. In our case, longitudi-
nal (qxx) and transverse (qxy) resistivity were measured at different tem-
peratures, as a function of external magnetic field applied OP.

Figure 2(a) records the measurements of transverse resistivity in
a 150� 50lm2 Hall bar of a 3 nm Mn3Ir (111) film. We observe an

anomalous-type behavior of qxy at 2K, saturating at comparable fields
to the hysteretic part of the XMCD signal. The inset of Fig. 2(a) shows
that this is accompanied by a negative longitudinal magnetoresistance
(MR), ð½qxx l0Hð Þ �qxx 0ð Þ�=qxx 0ð ÞÞ�100%, which points to a mag-
netic origin, namely the presence of uncompensated Mn moments, for
the exhibited AHE in strained ultrathin Mn3Ir (111) films. We find a
comparable AHE across devices of different sizes, down to the smallest
3� 1lm2 Hall bars, as shown in the supplementary material, Fig.
S2(a). Similar electrical measurements of uncompensated Mn spins
have been made at RT by Kosub et al.27

In our case, as the temperature is increased above 50K, both the
AHE and negative MR are replaced by an ordinary Hall effect and posi-
tive MR, respectively, demonstrated for a measurement at 300K in Fig.
2(a). We attribute this change in behavior to a vanishing of the strain-
induced uncompensated moment at higher temperatures. In spite of
this, supplementary Fig S2(a) shows that low temperature transport
properties are not modified after cooling from 400K in a 9T magnetic

FIG. 2. (a) Hall effect for a 3 nm Mn3Ir (111) film in a 150� 50lm2 Hall bar directed
along [112] at 300K and at 2K (inset shows variation in longitudinal magnetoresistance
over the same magnetic field range). (b) Hall effect for a 10 nm Mn3Ir (111) film in a
15� 5lm2 Hall bar directed along [112] at 300K and at 2K (inset shows an optical
image of an example patterned device with measurement geometry indicated).
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field along the [111] axis. This implies that samples remain antiferro-
magnetic up to and above RT (i.e., have respective TN> 400K), because
it is known that field cooling analogous polycrystalline Mn0.8Ir0.2 films
through TN can modify their electrically detected AF order.38

These different temperature dependencies imply that strain-
mediated uncompensatedMnmoments are decoupled from the bulk tri-
angular AF order. They are therefore unable to coherently orient spin
texture under external magnetic field and thus induce Berry curvature
driven AHE, which would be expected to produce a larger qxy signal, as
is the case for Mn3Pt.

18 In addition, the magnitude of qxy measured in
3nm Mn3Ir (111) films is smaller than that for 10nm thick samples,
reported below. We can attribute this to a short mean free path of elec-
trons (as calculated in the supplementary material), meaning interface
scattering will contribute significantly to resistivity in the 3nm films, in
turn acting to reduce transverse voltage. Furthermore, a sign change of
qxy (with respect to 10nm films) indicates the presence of electronlike
carriers in the 3nm ultrathin regime. Such a change in charge carrier
type indicates a modification of band structure between the two different
film thicknesses. This can be explained by considering the variation of
longitudinal resistivity with temperature, displayed in the inset of supple-
mentary Fig. S2(a). While scattering is defect dominated in 10nmMn3Ir
(111), the actual band structure at the Fermi level may be sensitive to, for
example, the observed structural changes in 3nmMn3Ir (111).

Figure 2(b) shows the transverse resistivity of a 10 nm
Mn3Ir (111) film measured at 300 and 2 K in a 15� 5 lm2 Hall
bar fabricated along the [112] crystallographic axis. A positive
linear response of qxy is measured across the temperature range, indicating
hole-type charge carriers. Fitting the gradient (qxy/l0H) of this
ordinary Hall effect at RT allows determination of the carrier concentra-
tion, h¼ (1.5006 0.002)� 1023 cm�3. As well as demonstrating a lack
of uncompensated Mn moments, such an ordinary Hall effect is
consistent with an absence of Berry curvature driven AHE. This is
because the moderate magnetic fields applied in this experiment are
insufficient to drive Mn3Ir into a single chiral domain state. Instead,
AHE cancels over multiple degenerate AF domains with opposing
orientation of a triangular spin texture.11

To investigate this further, qxy was measured in Hall bar devices
fabricated along different crystalline directions, because the intrinsic
AHE is predicted to be highly anisotropic.12 However, a linear Hall
effect is observed along all crystallographic axes, demonstrated in sup-
plementary Fig. S2(b) for a 15� 5lm2 Hall bar fabricated along the
[121] crystalline direction. This isotropic behavior suggests that any
intrinsic AHE may cancel over multiple differently oriented AF
domains, which follow the six-fold symmetry of the epitaxial crystal
structure. To isolate individual chiral domains, we performed mea-
surements of qxy in devices of differing size. Again, the ordinary Hall
effect found in all devices points to the AF domain size in epitaxial
10 nm Mn3Ir (111) thin films being significantly smaller than the low-
est Hall bar dimension tested (1lm).

Therefore, in an attempt to elucidate the chiral domain structure
of 10 nm Mn3Ir (111) thin films, we performed X-ray magnetic linear
(circular) dichroism photoemission electron microscopy, XML(C)D-
PEEM (or X-PEEM), at the beamline UE49_PGM at BESSY.
Experimental details are described in the supplementary material.
Figure 3(a) shows an XMCD-PEEM image, taken at the Mn-L3 edge,
at 45K with no applied external magnetic field. For this film without
remanent Mn moment, no net XMCD signal is observed. Instead,

only small intensity fluctuations at the resolution limit of the electron
microscope create contrast in the image.

XMLD-PEEM imaging has been shown to exhibit contrast
between domains with orthogonal N�eel vector orientations in collinear
AFs.39,40 We postulate that, in the same way, differences in the orienta-
tion between the linearly polarized X-rays and the N�eel vector defining
the chirality of the triangular spin texture would lead to a difference in
absorption between opposite chirality AF domains. Figure 3(b) shows
such an XMLD-PEEM image measured at the Mn-L3 edge for the
same 10nm Mn3Ir (111) sample; no XMLD contrast is discerned
above the sample surface topography background. Possible reasons are
discussed in the supplementary material, one of which may be that AF
domains are smaller than the resolution limit of the PEEM (� 20nm),
which will indeed be the case if they are correlated with the grain size
in the film measured using TEM.

Finally, in an attempt to enlarge chiral domains in Mn3Ir to an
observable size, exchange bias was utilized to introduce a preferential
AF domain orientation through coupling with a ferromagnetic (FM)
layer.22 X-PEEM was therefore imaged at both the Ni-L3 and Mn-L3
edges in a 3nm Mn3Ir (111)/5 nm Ni80Fe20 bilayer. We have demon-
strated that such heterostructures show large exchange anisotropy after
cooling below their blocking temperature of 40K.29 Figure 3(c) exhibits
an approximately equal distribution of oppositely oriented FM domains
in an XMCD-PEEM image recorded at the Ni-L3 edge at RT. After cool-
ing the bilayer to 70K under a 20mT IP magnetic field, Fig. 3(d) dis-
plays a repeat XMCD-PEEM image of the same area, in which the FM
domains have grown but no preferential domain direction has been set.
This is likely due to the bilayer not having passed through its blocking
temperature. Finally, XMCD- and XMLD-PEEM images were recorded
at the Mn-L3 edge after this IP field cooling routine, shown in Figs. 3(e)
and 3(f), respectively. No uncompensated Mn spins are observed at the
interface, as expected if the temperature is not low enough to induce
large exchange bias.21 Finally, no AF domains of differing chirality are
resolved, which may be due to the concomitant difficulty in observing
the buried interface through a 5nm Ni80Fe20 layer

41 combined with the
intrinsic spatial resolution limit of X-PEEM discussed above.

In conclusion, we studied the magnetic and electrical properties
of fully relaxed 10nm Mn3Ir (111) samples and of ultrathin films

FIG. 3. XPEEM images (5� 5lm2) of a 10 nm Mn3Ir (111) film acquired using (a)
XMCD and (b) XMLD at the Mn-L3 edge; of a 3 nm Mn3Ir (111)/5 nm Ni80Fe20 bilayer
using XMCD at the Ni-L3 edge both at (c) 300K and (d) 70 K after 20mT IP field cool-
ing, and using (e) XMCD and (f) XMLD at the Mn-L3 edge after 20mT IP field cooling.
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exhibiting significant IP lattice distortion. This tensile strain may be
the origin of an uncompensated Mn magnetic moment observed by
XMCD spectroscopy. Because of this net Mn magnetization, the 3 nm
Mn3Ir (111) films demonstrate a small negative MR and an AHE at
low temperatures. On the other hand, 10 nmMn3Ir (111) films exhibit
an ordinary Hall effect, which is isotropic with respect to the IP crys-
tallographic direction. The lack of Berry curvature driven electrical
transport effects can be explained by the presence of multiple AF
domains of differing triangular spin texture chirality, suggested by
XML(C)D-PEEM imaging to be correlated with film grain size, and
thus< 20nm. Our results illuminate the intimate connection between
crystal structure, uncompensated spins, and magnetotransport proper-
ties, therefore informing further implementation of noncollinear
Mn3X thin films in chiralitronic devices.

See the supplementary material for characterization of 10 nm
Mn3Ir (111) thin films, supporting magnetic and electrical transport
measurements, and details of X-PEEM experimental procedures.
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I – Growth and structural characterization 

 

Comprehensive details of the thin film growth procedure and subsequent structural 

characterization are given in our previous paper [1]. These demonstrate that the <111> oriented 

films grow in an fcc γ-Mn3Ir phase (Fm3̅m, space group = 225), shown by Kohn et al. to possess 

a non-collinear antiferromagnetic (AF) structure as detailed in Ref. [2]. Atomic force microscopy 

measurements indicate the films’ smooth growth, with RMS roughness < 4 Å. Meanwhile X-ray 

diffraction (XRD) ϕ scan pole figures confirm the pseudo hexagon-on-hexagon growth of the TaN 

(111) buffer, and in turn the Mn3Ir (111) thin film, on the Al2O3 (0001) substrate with the epitaxial 

relationship: Al2O3 (0001) [112̅0] [1̅100] || TaN (111) [1̅1̅2] [11̅0] || Mn3Ir (111) [1̅1̅2] [11̅0]. 

 

In the main text, we determine the crystal lattice spacing for an ultrathin Mn3Ir film, and relate the 

observed in-plane (IP) tensile strain to the resulting magnetic properties. For the case of a thicker 

10 nm Mn3Ir (111) film, Supplementary Fig. S1(a) displays a specular 2θ-θ XRD scan, from which 

an out-of-plane (OP) lattice parameter of c = (3.797 ± 0.001) Å is measured. Combined with 

transmission electron microscopy (TEM) studies reported in Ref. [1], such 10 nm thick films were 

found to grow fully relaxed, with both IP and OP lattice parameters close to the bulk value (a = 

3.780 Å). IP grain size > 20 nm is observed, indicating the growth of large crystallites in the 

lateral direction (slightly larger than in the ultrathin films). Further rocking curve measurements, 

ω XRD scans, an example of which is inset in Supplementary Fig. S1(a), show the films’ low 

mosaicity of 0.5°. The combination of low roughness and mosaicity, with large lateral grain size 

and sharp crystal texture, demonstrate the high-quality epitaxial growth of these thin films.  

 

 

II – Magnetic properties 

 

Initially, the magnetic moments of the 10 nm and 3 nm Mn3Ir (111) thin films were measured as 

a function of external magnetic field applied OP along the [111] direction (μ0H) using the vibrating 

sample mode of a SQUID magnetometer (Quantum Design MPMS3). Supplementary Fig. S1(b) 

records such magnetic hysteresis loops for both 10 nm and 3 nm Mn3Ir (111) samples at room 

temperature (RT) and 2 K. In addition, measurements of a reference Al2O3 substrate prepared 

under the same conditions, and of an ultrathin film after field cooling from 400 K to 2 K in a 9 T 

external magnetic field || [111], are shown. All samples exhibit a large paramagnetic signal, 

dominated by the substrate background, combined with a small non-linear low-field contribution 
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(also present in the substrate control sample). These results demonstrate the futility of such 

measurements using conventional magnetometry applied to AF thin films, because of the 

challenge disentangling tiny film signals from magnetic contamination of the substrate during 

sample preparation and other background signals. Instead, element specific measurements of 

the magnetic moment arising from the metallic film alone were made using X-ray magnetic 

circular dichroism (XMCD) in total electron yield mode, as described in the main text.  

 

 

 

Supplementary FIG. S2. (a) Hall effect for a 3 nm Mn3Ir (111) film in 3 × 1 μm2 Hall bar at 300 

K (data smoothed using adjacent averaging), and in 150 × 50 μm2 Hall bar at 2 K after 9 T OP 

field cooling (inset shows variation in longitudinal resistivity with temperature for 10 nm and 3 nm 

thin films). (b) Hall effect for a 10 nm Mn3Ir (111) film in 15 × 5 μm2 Hall bar directed along [12̅1] 

(inset shows longitudinal magnetoresistance over same magnetic field range at 300 K and 2 K). 

 

 

III – Electrical transport properties 

 

As discussed in the main text, measurements of transverse resistivity, ρxy, as a function of µ0H 

were made in Mn3Ir (111) Hall bar devices of various dimensions. No changes in 

magnetotransport properties were observed across devices of different sizes. A representative 

example is shown in Supplementary Fig. S2(a), for a 3 × 1 µm2 Hall bar fabricated in a 3 nm 

ultrathin film. Here, the voltage drop data collected across such a small device have been 
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smoothed using a 10 point adjacent averaging filter. The Hall effect at RT is comparable with 

that reported in Fig. 2(a) of the main text. In addition, measurements were made after field 

cooling samples from 400 K to 2 K under a 9 T external magnetic field || [111]. Again, no change 

in anomalous Hall effect (AHE) behavior was measured, demonstrated in Supplementary Fig. 

S2(a) for a 150 × 50 µm2 Hall bar in a 3 nm Mn3Ir (111) film. 

 

Longitudinal resistivity (ρxx) on cooling from 400 K to 2 K is plotted in the inset of Supplementary 

Fig. S2(a) for both 10 nm and 3 nm thin films fabricated into 15 × 5 μm2 and 150 × 50 µm2 Hall 

bars respectively. For 10 nm Mn3Ir (111), ρxx shows little change as a function of temperature 

(T), indicating that defect scattering dominates resistivity. In particular, the large residual 

resistivity at low temperature can be attributed to disorder occurring in the γ-Mn3Ir phase [3]. 

Conversely, 3 nm Mn3Ir (111) shows an increase in ρxx with decreasing temperature. This 

semiconductor-like behavior suggests a partially gapped band structure, in agreement with 

simulations of open Dirac points arising close to the Fermi level due to a combination of non-

collinear spin texture and strong spin-orbit coupling [4]. Modification of this complex band 

structure via subtle changes to crystal structure, or a shift in Fermi energy because of small 

variations in composition, could therefore lead to changes in the electrical transport properties 

of ultrathin films. This may explain the change in charge carrier type seen between 10 nm and 3 

nm Mn3Ir (111) samples.  

 

In addition, calculation of the electron mean free path, λ, at RT (assuming electron rest mass) 

yields λ ≈ 3.4 Å for 10 nm Mn3Ir (111) and λ ≈ 1.5 Å for 3 nm Mn3Ir (111). It can be seen that for 

3 nm ultrathin films, electron mean free path begins to comprise a notable portion of the film’s 

thickness. Therefore interface scattering effects will begin to play an increasingly significant role 

in the magnetotransport characteristics of 3 nm Mn3Ir (111) films, as discussed in the main text. 

 

For 10 nm Mn3Ir (111) thin films, no AHE driven by either uncompensated magnetization or Berry 

curvature was observed. Instead an ordinary Hall effect is seen at both 300 K and 2 K, with only 

a small change in carrier concentration between temperatures (h = (1.545 ± 0.001) × 1023 cm-3 

at 2 K). This ordinary Hall effect is isotropic with current flow directed along different IP 

crystallographic directions, as explained in the main text. This is shown in Supplementary Fig. 

2(b), for the example of a 15 × 5 μm2 Hall bar directed along the [12̅1] crystal axis at RT. Finally, 

the inset of Supplementary Fig. 2(b) plots longitudinal magnetoresistance (MR) as a function of 

µ0H for the same 15 × 5 μm2 Hall bars directed along [1̅1̅2] as measured in Fig. 2(b) of the main 
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text. The absence of negative MR at both 300 K and 2 K underlines the conclusion that 

unstrained 10 nm Mn3Ir (111) films exhibit no uncompensated Mn moment. The small positive 

MR seen is attributed to Lorentz force scattering of electrons in large applied magnetic fields.  

 

 

IV – X-ray magnetic linear (circular) dichroism photo-emission electron microscopy, 

XML(C)D-PEEM (or X-PEEM) 

 

In an attempt to elucidate AF domain structure, X-PEEM measurements were made in 10 nm 

Mn3Ir (111) thin films, and 3 nm Mn3Ir (111) / 5 nm Ni80Fe20 heterostructures. Further details of 

the bilayer samples are given in Ref. [1]. Experiments were performed at beamline UE49_PGM 

at BESSY, using a combination of linearly and circularly polarized X-ray radiation to excite photo-

emitted electrons from the thin film surface, which are then spatially imaged using an electron 

microscope. For XMCD, X-PEEM images were formed by taking the difference of images 

recorded using right- and left-handed circularly polarized X-rays. Here the presence of 

ferromagnetic (FM) domains or uncompensated AF moments would be expected to produce 

non-zero XMCD signal, with spatial variation in orientation yielding contrast in the image. This is 

represented in the color scale of the XMCD-PEEM images in Fig. 3 of the main text, with blue 

(red) contrast showing areas of positive (negative) XMCD signal respectively. In images (c) and 

(d), XMCD at the Ni-L3 edge is set on a scale of ± 10%, whilst in images (a) and (e) the scale bar 

is normalized to the maximum/minimum signal at the Mn-L3 edge. 

 

For XMLD measurements, linearly polarized X-rays were incident at an angle of 16° to the 

sample surface, with polarization lying in the film plane. Previous seminal studies have utilized 

the contrast produced by differing absorption between AF domains with Néel vectors aligned 

either parallel or perpendicular to the linearly polarized X-rays, in order to image orthogonally 

oriented domains in collinear AFs [5,6]. Two images were taken with X-ray energies (E) tuned to 

both the absorption peak at the Mn-L3 edge (EB) and to a lower energy just below the rising edge 

of the peak (EA), with the asymmetry between the images’ signal intensities (I) giving XMLD 

contrast according to [ IMax(EB)-IMin(EA)] [IMax(EB)+IMin(EA)]⁄  [7]. The greyscale in the XMLD-

PEEM images in Fig. 3 of the main text corresponds to the magnitude of this asymmetry, with 

the maximum/minimum of the scale bar in images (b) and (f) set to give optimum contrast. In this 

measurement mode, the spatial resolution of the PEEM is ≈ 20 nm. We hypothesized that 

differences in orientation between the linearly polarized X-rays and the Néel vector defining the 
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chirality of AF domains would lead to a difference in absorption across domains of opposite 

chirality, and hence a contrast in the photo-emitted electron image. However, as shown in Fig. 

3(b) of the main text, no discernable XMLD contrast is observed for a 10 nm Mn3Ir (111) thin film. 

Instead, the speckled image corresponds to intensity fluctuations at the resolution limit of the 

electron microscope, with no structure between extended topological domains of different 

chirality visible. We therefore postulate this may be due to either AF domains in this high-

anisotropy material being smaller than the resolution limit of the PEEM (< 20 nm, which maybe 

be the case if domain size is correlated with grain size in the film), the limited escape depth of 

photo-electrons from these films (that are capped with a 2.5 nm layer of TaN), or the possible 

insensitivity of the triangular AF structure to in-plane polarized X-rays [8]. 

 

In an attempt to enlarge chiral domains in Mn3Ir to an observable size, exchange bias was utilized 

to introduce a preferential AF domain orientation through coupling to an FM layer in a 3 nm Mn3Ir 

(111) / 5 nm Ni80Fe20 heterostructure. By cooling such AF / FM bilayers through their blocking 

temperature (in this case 40 K [1]) in an applied magnetic field, a unidirectional exchange 

anisotropy, and hence a dominant pinned AF domain state, can be set. Using a combination of 

XMLD- and XMCD-PEEM, a direct correlation between externally manipulatable FM domains 

and exchange coupled AF domains has previously been observed [8-10]. We therefore took X-

PEEM images at both the Ni-L3 and Mn-L3 edges, with the results reported in the main text. 
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3 Part B - Mn3Sn

3.1 Noncollinear antiferromagnetic Mn3Sn films

The following chapter of this cumulative thesis consists of the peer-reviewed
scientific paper (and its supplementary material) published as:

A. Markou, J. M. Taylor, A. Kalache, P. Werner, S. S. P. Parkin, and
C. Felser, “Noncollinear antiferromagnetic Mn3Sn films”, Phys. Rev. Mater.
2, 051001(R) (2018)

Reprinted with permission from [A. Markou et al., “Noncollinear antiferromagnetic Mn3Sn

films”, Phys. Rev. Mater. 2, 051001(R) (2018)]. Published (2018) by the American

Physical Society under the terms of the Creative Commons Attribution 4.0 license. DOI:

10.1103/PhysRevMaterials.2.051001

In the second half of this thesis, Part B, we move onto an investigation of
the material Mn3Sn. As discussed in Section 1.2.7, Mn3Sn is a noncollinear
AF similar to Mn3Ir, but with a hexagonal crystal structure and an inverse
triangular spin texture. In Section 2.2, we explored how the theoretically
predicted intrinsic AHE could not be observed for Mn3Ir, even in strained
ultrathin films showing an uncompensated magnetic moment, because the
material remains fixed in a multi-domain state. This is due to the strong
internal anisotropies of Mn3Ir, meaning that its magnetic order cannot be
manipulated by even comparatively strong magnetic fields. This stable multi-
domain state makes Mn3Ir attractive for EB applications, but prohibits its
evolution to become the active component of AF spintronic devices.

Mn3Sn, on the other hand, exhibits a number of different properties that
make it more attractive than Mn3Ir for applications in topological spintron-
ics. Mn3Sn has a hexagonal crystal structure, consisting of atomic planes
stacked along the c-axis. Within each of these basal planes, Mn moments
are arranged on a kagome-type lattice, with Sn atoms located at the center of
each hexagon. This results in a complex interplay of AF exchange coupling
between Mn atoms and DMI, which stabilizes the magnetic order of Mn3Sn in
the inverse triangular structure, as discussed in Section 1.2.7 [64]. Added to
this, the crystal directions joining nearest neighbor Sn atoms, that is, 〈21̄10〉,
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act as magnetic easy axes [111]. This magnetocrystalline anisotropy results
in an equilibrium spin configuration where one Mn moment points along such
a 〈21̄10〉 direction, with the other two moments in the inverse triangular spin
texture canting slightly away from their default 120◦ alignment towards these
easy axes [110]. The spins no longer fully compensate, resulting in a tiny net
magnetic moment pointing locally along 〈21̄10〉 crystallographic directions.

A relatively small magnetic field can be used to couple to this resulting
weak magnetization and manipulate it; that is, align the net uncompensated
moment with the applied magnetic field. The uncompensated moment can
freely to rotate within the ab-plane of Mn3Sn, and will follow the direction
of the external magnetic field. The magnetic field can saturate the weak
magnetization and its direction will reverse hysterically when looping applied
magnetic field. However, unlike the strained Mn3Ir films studied in Section
2.2, in the case of Mn3Sn, the fact that the uncompensated moment arises
fundamentally from a canting of the inverse triangular spin texture means
that modifying the direction of this uncompensated moment will, in turn,
act to rotate the entire noncollinear AF order. In other words, saturating
the weak magnetization in one direction corresponds to aligning the entire
inverse triangular spin texture into a single chirality. In practice, this means
than an external magnetic field can be used to drive a Mn3Sn sample into a
single chiral domain state, and then to reverse this chirality throughout the
material.

Contrary to the case of Mn3Ir, one would therefore expect a Berry cur-
vature driven AHE to be measurable in Mn3Sn, whose polarity follows the
magnetization reversal of the uncompensated moment (i.e. whose sign can
be reversed when the chirality of the AF order is inverted) and which satu-
rates at high magnetic field. Indeed, such an observation was first made in
2015 [131], followed shortly afterwards by a comparable finding in the closely
related compound Mn3Ge [135]. This measurement was made in single crys-
tals of Mn3Sn, in a conventional Hall effect geometry where magnetic field is
applied within the ab-plane, with current applied either along an orthogonal
direction within the basal plane or along the c-axis [131]. The magnetiza-
tion of the sample was extremely small, as expected, and the large anomalous
Hall conductivity measured was therefore attributed to the momentum-space
Berry phase mechanism discussed in Section 1.2.9. A number of related ob-
servations followed, including an experimental demonstration of the presence
of theoretically predicted Weyl points in Mn3Sn [72], which act as the sources
and sinks of the Berry flux generating these topological transport properties.

These landmark experiments highlight Mn3Sn as a test-bed for studying
the electrical and magnetic properties of noncollinear antiferromagnets, and
have elucidated a number of fundamental physical phenomena emerging from
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the field of topological magnetism. Furthermore, the exciting magnetotrans-
port properties offer much promise for the potential applications of Mn3Sn
in antiferromagnetic spintronics. To achieve this, however, it is necessary to
fabricate devices using thin films of Mn3Sn. At the time of the first theoret-
ical predictions [68] and experimental observations [131] of AHE in Mn3Sn,
preparation of this compound had not yet been demonstrated in thin film
form. Realization of this goal was achieved in the paper forming Section 3.1
of this thesis.

We succeeded in growing thin films of D019 hexagonally structured Mn3Sn
on Y:ZrO2 substrates using a 5 nm Ru buffer layer. (111) cut Y:ZrO2 sub-
strates seed the growth of smooth, single crystalline Ru with (0001) orienta-
tion. Co-sputtering of Mn and Sn onto this surface in turn stabilized Mn3Sn,
with the c-axis directed OP. The crystal structure and lattice parameters of
the multilayers were determined from XRD 2θ − θ measurements. We de-
posited Mn3Sn (0001) films with thicknesses as low as 5 nm, and found a slight
reduction in the a lattice parameter (and increase in the c lattice parame-
ter) as film thickness was reduced. The layers grew heteroexpitaxially on the
substrate, and using azimuthal XRD scans we determined their epitaxial rela-
tionship to be: Y:ZrO2(111)[11̄0][1̄12]‖(0001)[112̄0][011̄0]‖(0001)][112̄0][011̄0].

We characterized the magnetic properties of the thin films using SQUID-
VSM. Firstly, we measured the magnetization response of a Mn3Sn sample
directly, as a function of magnetic field applied both IP and OP. As expected,
we observe a mostly paramagnetic response, with only small hysteresis, when
magnetic field is applied OP along the (0001) hard axis. However, with ex-
ternal magnetic field in the basal plane, the expected small uncompensated
moment arising from the canting of Mn spins is observed. This weak mag-
netization is found to be reversible in magnetic field, with a magnitude of
34 kA m−1 for a 40 nm Mn3Sn (0001) film. This is significantly larger than
that found for bulk crystals, which can be explained by the presence of in-
herent structural defects in thin films, as well as chemical disorder caused by
the films stabilizing in a slightly off-stoichiometric composition and by an-
tisite disordering. These may act to disrupt the subtle balance of exchange
coupling, DMI and MCA that combine to determine the canting of Mn mo-
ments within the basal plane, which may increase this canting slightly and
thus enhance the IP uncompensated Mn moment in thin films.

In addition, we prepared replica Mn3Sn (0001) samples, this time capped
with a layer of FM permalloy (Ni80Fe20). In order to prove the AF character
of the Mn3Sn thin films, we measured EB across these bilayer samples (see
Section 1.2.5). The Néel temperature of Mn3Sn, 420 K, results in a blocking
temperature for these heterostructures below room temperature. Therefore,
it was necessary to cool the samples in order to measure EB, using the same
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method described in Section 2.1. We observe sizeable EB below 50 K, with
exchange bias fields as large as 8 mT obtained at low temperatures after
training. This introduction of a unidirectional anisotropy to the FM layer,
as a result of exchange interactions across the interface, confirms that the
Mn3Sn films are indeed AF.

Finally, we performed TEM analysis to evaluate thin film structure at the
nanoscale. This confirmed the heteroepitaxial growth of the films (through
SAED patterns), their chemical homogeneity (using EDXS mapping) and
the high quality crystal structure of the Mn3Sn layer. Specifically, sharps
spots in the SAED patterns indicate quasi-single-crystalline growth, whilst
scanning-TEM images with atomic resolution indicate a series of stacking
faults within the first few crystal planes (occurring as initial epitaxial strain
in the film relaxes) after which the Mn3Sn grows almost defect free.

TEM micrographs also revealed that the films prepared in this study were
discontinuous. Island growth morphology typically arises when adatoms de-
posited using physical vapor deposition methods arrive with excessive energy,
allowing them to migrate across the substrate surface and coalesce. This sug-
gests that the growth temperature of the films was too high. Such a high
growth temperature may have been necessary to seed hexagonal crystal struc-
ture to the multilayers due to their sizable lattice mismatch with the Y:ZrO2

substrate. Unfortunately, the island-like morphology prevented measurement
of electrical transport properties in these samples. Instead, progress towards
this ultimate goal will be discussed later in this thesis. Nevertheless, the
present results represent the first demonstration of the growth of Mn3Sn
in thin film form, and are reported in the following paper: A. Markou et
al., “Noncollinear antiferromagnetic Mn3Sn films”, Phys. Rev. Mater. 2,
051001(R) (2018).
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Noncollinear antiferromagnetic Mn3Sn films
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Noncollinear hexagonal antiferromagnets with almost zero net magnetization were recently shown to
demonstrate giant anomalous Hall effect. Here, we present the structural and magnetic properties of noncollinear
antiferromagnetic Mn3Sn thin films heteroepitaxially grown on Y:ZrO2 (111) substrates with a Ru underlayer.
The Mn3Sn films were crystallized in the hexagonal D019 structure with c-axis preferred (0001) crystal
orientation. The Mn3Sn films are discontinuous, forming large islands of approximately 400 nm in width,
but are chemical homogeneous and characterized by near perfect heteroepitaxy. Furthermore, the thin films
show weak ferromagnetism with an in-plane uncompensated magnetization of M = 34 kA/m and coercivity of
μ0Hc = 4.0 mT at room temperature. Additionally, the exchange bias effect was studied in Mn3Sn/Py bilayers.
Exchange bias fields up to μ0HEB = 12.6 mT can be achieved at 5 K. These results show Mn3Sn films to be an
attractive material for applications in antiferromagnetic spintronics.

DOI: 10.1103/PhysRevMaterials.2.051001

I. INTRODUCTION

Antiferromagnetic spintronics is a rapidly developing field
that has received much attention in recent years and could
represent the next advance in spintronic applications, as an-
tiferromagnets show several advantages compared to the fer-
romagnets currently utilized. Antiferromagnets do not produce
stray fields, are robust to external perturbations from magnetic
fields, and show ultrafast spin dynamics and current-induced
phenomena [1–6]. Among many different antiferromagnetic
[7–9] or artificial antiferromagnetic materials [10,11], the
noncollinear chiral antiferromagnets have attracted much
interest, due to their remarkable structural, magnetic, and
electrotransport properties. The trianglular spin structure of
these compounds gives rise to a large anomalous Hall effect
(AHE) [12,13], thermoelectric effect [14–16], magneto-optical
Kerr effect [17,18], and spin Hall effect (SHE) [19]. Inspired
by experimental work in Mn3Ir [19], ab initio calculations
confirmed large anisotropic anomalous Hall current and spin
Hall current in these materials [20], while predicting that
charge current is also spin polarized [21].

Hexagonal Mn3Z (Z = Ga, Ge, and Sn) compounds are
noncollinear antiferromagnets that crystallize in the D019

structure. Mn3Sn and Mn3Ge were theoretically predicted to
show large AHE driven by nonvanishing Berry curvature [13],
while band-structure calculations reveal that both compounds
demonstrate a Weyl semimetal state with several Weyl points
around the Fermi level [22,23]. In accordance with these
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theoretical calculations, single crystals of Mn3Sn and Mn3Ge
were found to exhibit large AHE [24–26] and large anomalous
Nernst effect [14,15], reaching the same order of magnitude as
in ferromagnetic materials. These studies concern bulk single
crystal, but to extend to spintronic devices thin films of these
materials are required.

Up to now, the only report on hexagonal noncollinear
antiferromagnetic thin films is from Mn3Ga, as a bottom
pinning antiferromagnet layer for magnetic tunnel junctions
[27]. The Mn3Ga film was (0001) oriented, showing low
magnetization and large coercivity. The magnetic properties
measured parallel and perpendicular to the film plane indicate
that the net magnetization of the Mn3Ga film was almost
isotropic.

Mn3Sn crystallizes in the hexagonal Mg3Cd-type structure
(D019), with space group P 63/mmc (No. 194) as shown in
Fig. 1(a) and lattice constants of a = b = 5.670 Å, c = 4.530 Å.
The Mn atoms form a kagome-type lattice in basal planes
stacked along the c axis, where Sn atoms are located at
the center of hexagons formed by Mn atoms. Mn3Sn has a
Néel temperature of TN = 420 K. Neutron diffraction studies
have demonstrated that a noncollinear triangular spin con-
figuration of the Mn moments is obtained below T N, where
the neighboring moments are aligned at an angle of 120◦
[28,29], as shown in Fig. 1(b). Furthermore, Mn3Sn shows
weak ferromagnetism [30], owing to geometrical frustration
of the Dzyaloskinskii-Moriya interaction (DMI) stabilized
antiferromagnetic structure, which slightly cants spins toward
in-plane easy axes.

In this work, we present the structural and magnetic
properties of antiferromagnetic Mn3Sn films with hexagonal
structure and the results of exchange bias using these thin films.
For this purpose, we performed systematic x-ray diffraction
(XRD), transmission electron microscopy (TEM), and mag-
netic characterization of films heteroepitaxially grown on ZrO2

substrates.
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FIG. 1. (a) Crystal and (b) magnetic structure of Mn3Sn, where
the blue and orange spheres correspond to the Mn and Sn atoms,
respectively.

II. EXPERIMENTAL DETAILS

Mn3Sn films with thicknesses of 5–40 nm have been
grown heteroepitaxially on single-crystal yttrium stabilized
ZrO2 (111) substrates with a 5 nm Ru underlayer. A BESTEC
UHV magnetron sputtering system was used for the deposition
of the films, with Mn (2′′), Sn (2′′), and Ru (2′′) sources in con-
focal geometry. The target to substrate distance was 8′′. Prior to
deposition, the chamber was evacuated to a base pressure less
than 2×10−8 mbar, while the process gas (Ar 5 N) pressure
was 3×10−3 mbar. The total stack was Y:ZrO2/Ru(5 nm)/
Mn3Sn(5–40 nm)/Al(2 nm). The Ru underlayer was deposited
at a rate of 0.27 Å/s by applying 40 W dc power. The Mn3Sn
films were grown by cosputtering. The Mn was deposited at
a rate of 0.48 Å/s by applying 55 W dc power and the Sn at
a rate of 0.29 Å/s by applying 10 W dc power. The growth
rates and the film thicknesses were determined by a quartz
crystal microbalance and confirmed by using x-ray reflectivity
measurements. The substrates were rotated during deposition,
to ensure homogeneous growth. The Ru underlayer and the
Mn3Sn films were grown at 500 ◦C and then post-annealed in
situ for an additional 10 min. In order to study the exchange
bias effect, an additional stack was prepared of Y:ZrO2/

Ru(10 nm)/Mn3Sn(40 or 20 nm)/Py(5 nm)/Al(2 nm), under
the same conditions, with the Permalloy (Py = Ni80Fe20) film
grown at room temperature (RT). All samples were capped at
RT with a 2-nm-thick Al film to prevent oxidation.

Stoichiometry was estimated as Mn74Sn26 by energy-
dispersive x-ray spectroscopy (EDXS) and verified by induc-
tively coupled plasma optical emission spectrometry. XRD
was measured with a PANalytical X’Pert3 MRD diffractome-
ter, using Cu Kα1 radiation (λ = 1.5406 Å). Conventional
TEM, high-resolution TEM, and scanning transmission elec-
tron microscopy (STEM) were performed using a FEI Titan
80-300 microscope. For high-resolution STEM imaging, the
high-angle annular dark-field technique (HAADF-STEM) was
applied. Additionally, the Titan was equipped with EDXS for
element mapping with high spatial resolution. Cross-section
samples were prepared by focused ion beam milling. A
protective C-Pt layer was deposited on the stack before starting
the cross-section preparation. Magnetic measurements were
carried out using a Quantum Design (MPMS 3 SQUID-VSM)
magnetometer.

III. RESULTS AND DISCUSSION

A. Structural properties

Different XRD measurements, 2θ -ω scan, rocking curve
(ω scan), and phi-scan, were performed to study the structure,
the crystallinity, and the heteroepitaxial relationship between

FIG. 2. (a) XRD pattern of the 40 nm Mn3Sn film on 5 nm Ru
underlayer. (b) Phi-scan patterns of the hexagonal {202̄1} planes from
the Mn3Sn film and Ru underlayer, and the cubic {202} planes from
the ZrO2 substrate.

the films and the substrate, respectively. The lattice mismatch
between the substrate and the Ru underlayer is 4.44%, and
between the Ru underlayer and the Mn3Sn film is 5.26%,
which allow the heteroepitaxial growth of c-axis oriented films.
Figure 2(a) shows the XRD pattern of the 40 nm Mn3Sn film.
The (111) and (222) reflections from the Y:ZrO2 substrate,
and the (0002) and (0004) reflections from the hcp Ru were
observed, suggesting that the Ru underlayer is (0001) oriented.
The Ru main diffraction peaks are surrounded by Pendellösung
fringes (n±1, n±2), which indicate a sharp interface between
film and substrate and a high-crystalline quality along the c

axis. Only the (0002) and (0004) reflections from the Mn3Sn
film were observed in XRD patterns, which demonstrates that
the sample is crystallized in the hexagonal D019 structure with
(0001) preferred orientation and the c axis normal to the film
plane.

Phi-scan patterns of the hexagonal {202̄1} planes from
the Mn3Sn film and Ru underlayer, and the cubic {202}
planes from the Y:ZrO2 substrate, are depicted in Fig. 2(b).
The six reflections of the Mn3Sn film and Ru underlayer
show sixfold symmetry with 60◦ intervals, suggesting hexag-
onal single-crystalline epilayers with well-defined in-plane
orientation. The three different sets of lattice planes occur
at the same azimuthal angle φ, which indicates that the
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TABLE I. Lattice constants a and c, and the FWHM of the (0002)
rocking curve profile, for Mn3Sn thin films with different thicknesses.

Thickness a (Å) c (Å) FWHM
(nm) ±0.002 Å ±0.002 Å (deg.)

5 5.689 4.537 0.780
10 5.691 4.534 0.759
20 5.694 4.532 0.748
40 5.695 4.532 0.566

unit cells of the Mn3Sn film and Ru underlayer are well
aligned in the basal planes of the Y:ZrO2 substrate. The
crystallographic orientation relationship is thus determined as
Y:ZrO2(111)[11̄0]‖Ru(0001)[112̄0]‖Mn3Sn(0001)[112̄0].

The measured lattice parameters a and c, and the full width
at half maximum (FWHM) of the (0002) out-of-plane rocking
curve are summarized in Table I. The lattice parameter c is
deduced from the (0002) and (0004) reflections of the out-of-
plane XRD patterns, while the lattice parameter a is estimated
from the in-plane (202̄1) reflection. For the measurement of
the in-plane reflection, the detector was used in 0D scanning
mode to create a 2D 2θ/ω-χ scan map, in which the (202̄1)
reflection appears as a peak with Gaussian shape. The (202̄1)
reflection was chosen because its intensity is the strongest,
thus making investigation of the reflection possible even for
5-nm-thick films. The c and a lattice parameters are very
close to the bulk values. As the film thickness is decreased,
a decreases, while c increases. This dependence of the lattice
constants with decreasing film thickness can be explained in
terms of inner strain, due to lattice mismatch and different
thermal expansion coefficients between the epilayers and the
substrate. The crystal quality of the Mn3Sn films was evaluated
from the FWHM values of rocking curves measured around
(0002) reflections. The high intensity of the curve combined
with small FWHM ≈ 0.566◦ suggests that the 40-nm-thick
sample shows high-crystalline quality with low mosaicity (see
Supplemental Material [31]). At lower thicknesses the FWHM
is slightly higher, owing to the limited film thickness and/or
presence of defects.

B. TEM analysis

TEM was performed to evaluate the film quality on the
nanoscale. A cross-section high-resolution HAADF-STEM
image of the 40-nm-thick Mn3Sn film is represented in
Fig. 3(a). The crystal lattice of the Mn3Sn film is characterized
by nearly perfect heteroepitaxy. Close to the interface between
the Mn3Sn film and the Ru underlayer, a small amount of planar
defects are observed. They have the character of stacking faults
within the stacking sequence of the (0001) planes along the
[0001] growth direction. An example is shown in Fig. 3(a),
where stacking faults are indicated by dashed lines. We
attribute these planar faults to strain relaxation in the Mn3Sn
lattice, as similarly observed in other heteroepitaxial systems
[32,33]. Moving away from the interface, further epitaxial
growth of the Mn3Sn layer proceeds along the [0001] direction
without defects. The inset of Fig. 3(a) illustrates the scheme
of the Mn3Sn crystal lattice according to the chosen 〈011̄0〉
orientation for the TEM observation. The large orange spheres

FIG. 3. (a) Cross-section HRSTEM image of the 40 nm Mn3Sn
film grown on Y:ZrO2 substrate with a 5 nm Ru underlayer. The
inset illustrates the scheme of the Mn3Sn crystal lattice in the 〈011̄0〉
direction, where the large orange spheres and the small blue spheres
correspond to the Sn and Mn atoms, respectively. (b) SAED pattern
showing the diffraction spots from Mn3Sn (green open circles), Ru
(red open circles), and Y:ZrO2 (blue open circles). (c) Cross-section
HAADF-STEM image, where the green box denotes the area where
chemical mapping was performed. (d) Elemental mapping of Zr
(blue), Ru (red), Mn (green), Sn (light blue), and Al (purple).

and the smaller blue spheres correspond to the Sn and Mn
atoms, respectively. In the HAADF-STEM image the lattice
of the Ru underlayer is locally blurred. This can be attributed
to local strains and a misalignment of the crystal lattice due
to strained-induced mosaicity. Furthermore, the TEM analysis
reveals that the Mn3Sn film is discontinuous, forming large
islands of approximately 400 nm in width (see Supplemental
Material). The growth of islands can be attributed to the large
lattice mismatch between the Ru underlayer and Mn3Sn film,
which is 5.26%. Furthermore, the kinetic conditions (i.e.,
growth rate, temperature, and atomic mobility) during thin-film
deposition may affect the morphology of the films, similar to
the case of Mn3Ga [34].

The selected area electron diffraction (SAED) pattern of
the same sample is depicted in Fig. 3(b), where the electron
beam is parallel to the 〈112̄0〉 zone axis of the epilayers. The
blue, red, and green open circles correspond to the diffraction
spots from the substrate, the Ru underlayer, and the Mn3Sn
film, respectively. The three different sets of diffraction spots
are aligned, confirming the coherent heteroepitaxial growth
of the epilayers on the substrate. The indexed SAED pattern
reveals that the Mn3Sn film is crystallized in the hexagonal
D019 structure. The lattice constants were determined to be
a = 5.676 Å and c = 4.495 Å, which are in a good agree-
ment with the XRD measurements. The small difference
can be attributed to the larger measurement error result-
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FIG. 4. In-plane and out-of-plane magnetization hysteresis loops
of the 40 nm Mn3Sn film.

ing from the analysis of local restricted electron diffraction
patterns.

The element distribution within the Mn3Sn films was
analyzed by EDXS element mapping in the HAADF mode.
An example is shown in Figs. 3(c) and 3(d). The green box
in the HAADF image [Fig. 3(c)] indicates the area where
the elemental analysis was performed. The spatial distribution
of the count rate intensity for Mn, Sn, Ru, and Zr elements
are represented with different colors in Fig. 3(d). Mn and Sn
were detected at exactly the same sample regions, therefore
confirming the homogeneity of the Mn3Sn film. Due to the
sharp interface between the Ru and Mn EDXS signals, we
conclude that intermixing between the Mn3Sn film and Ru
underlayer does not occur.

C. Magnetic properties and exchange bias

Typical in-plane and out-of-plane magnetization hysteresis
loops for the 40 nm Mn3Sn film measured at 300 K are shown
in Fig. 4. The Mn3Sn film shows small spontaneous magne-
tization in plane. This uncompensated moment in otherwise
noncollinear antiferromagnetic Mn3Sn has been explained
experimentally [28,30] and theoretically [35], due to geometric
frustration of the Mn moments leading to canting in the a-b
plane. Even though the Mn moments are expected to lie only in
the a-b plane, a smaller additional moment is observed out of
plane, indicating that Mn moments are tilted slightly toward the
c axis, similar to bulk Mn3Ge [25]. The weak ferromagnetism
in this class of materials is useful, as it allows control of their
transport properties, since a small external field can switch the
moment orientation of the chiral spin structure.

In contrast with previously reported Mn3Ga films, which
show isotropic uncompensated magnetization in plane and
out of plane accompanied by large coercivity (μ0Hc > 3 T)
[27], these Mn3Sn films are anisotropic. The 40 nm film
has an in-plane uncompensated moment of M = 34 kA/m
and coercivity of μ0Hc = 4.0 mT, while for a 20 nm film
the magnetic properties are similar with an uncompensated

FIG. 5. (a) Initial (solid symbols) and trained (open symbols) in-
plane magnetization hysteresis loops of the Mn3Sn (40 nm)/Py (5 nm)
bilayer at 5 K after 1 T FC. (b) Temperature dependence of exchange
bias and coercive fields during field cooling.

moment of M = 37 kA/m and coercivity of μ0Hc = 3.8 mT
(see Supplemental Material). The in-plane uncompensated
moment of the 40 nm film corresponds to 0.21μB/f.u. which is
one order of magnitude larger than similar bulk single crystals
[24–26]. The structure of bulk Mn3Sn is stable in excess of Mn,
which randomly occupies the Sn site, but in thin films it is stable
even with less Mn (Mn:Sn ∼74:26 at.%). We therefore propose
that the larger magnetization observed in films compared to
bulk can be attributed to additional uncompensated moments
arising from disorder effects. The disorder is caused due to
the excess of Sn randomly occupying Mn sites or due to
Mn vacancies, as well as a possible slight antisite disorder
with Sn/Mn exchanging their positions. Furthermore, the DMI,
which is responsible for the triangular spin configuration,
can produce only an in-plane moment, since the Dij vector
has to lie along the c axis. Thus the smaller out-of-plane
moment observed in Fig. 4 indicates a small disruption to
the expected anisotropy that tilts the Mn moments slightly
toward the c axis. This shows that the excess of Sn on Mn
sites or vacancies can cause a disorder in the triangular spin
configuration, which in turn affects the magnetization through
an increase of uncompensated moment. In addition, surface or
bulk defects, lattice strain, and grain boundaries may introduce
further uncompensated moment contributions.
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Exchange bias (EB) results from interfacial exchange inter-
actions between coupled antiferromagnetic and ferromagnetic
(AFM/FM) systems [36]. EB is characterized by a shift in
the magnetization hysteresis loop of the FM along the applied
field axis, called the exchange bias field (μ0HEB), accompanied
by a coercivity (μ0Hc) enhancement. This phenomenon arises
below a certain characteristic temperature of the AFM/FM
system, known as the blocking temperature (TB). EB is utilized
to pin the magnetization of a FM layer in a desired direction
in spintronic devices such as spin valves [37] and magnetic
random-access memories [38].

The initial in-plane normalized magnetization hysteresis
curve (solid symbols) of the Mn3Sn (40 nm)/Py (5 nm) bilayer
measured at 5 K after field cooling (FC) from 400 K under a 1 T
in-plane magnetic field is depicted in Fig. 5(a). After FC the
measured hysteresis loop is shifted along the negative direction
of the applied field axis, and also vertically by +15 kA/m. The
vertical loop shift indicates the presence of uncompensated
pinned interfacial spins [39,40]. After correcting for the verti-
cal shift, values of μ0Hc = 10.0 mT and μ0HEB = 12.6 mT are
determined. These results suggest the observed EB is mediated
by a layer of uncompensated spins induced in Mn3Sn at the
interface with Py, a fraction of which are pinned (demonstrated
by the vertical hysteresis loop shift) due to strong exchange
coupling to the bulk Mn3Sn antiferromagnetic order and thus
inducing unidirectional anisotropy in the Py film. Following a
number of hysteresis loop measurements, as shown in Fig. 5(a)
(open symbols), a training effect of this exchange bias is
observed. After five repeat cycles, we obtain consistent values
of μ0HEB = 8.0 mT [inset of Fig. 5(a)]. This training effect can
be attributed to a relaxation of uncompensated interfacial mo-
ments during field cycling, in turn lessening exchange bias. In
addition, the exchange bias field is reversible when field cooled
under a negative applied field, but otherwise found to be inde-
pendent of cooling field strength (see Supplemental Material).

The temperature dependence of μ0Hc and μ0HEB for the
Mn3Sn (40 nm)/Py (5 nm) bilayer is shown in Fig. 5(b).

Each data point represents the displacement in the M(H )
loop measured after the bilayer was cooled from 400 K to
different temperatures under a 1 T in-plane magnetic field.
As the bilayer passes through its characteristic TB, increasing
exchange interactions act to pin the magnetization of Py. A
rapid increase in both μ0Hc and μ0HEB below 50 K indicates
the onset of exchange coupling, allowing us to place the
blocking temperature of a 40-nm-thick Mn3Sn film in this
range (see Supplemental Material).

IV. CONCLUSIONS

In summary, we have studied the structural and magnetic
properties of Mn3Sn films heteroepitaxially grown on Y:ZrO2

(111) substrates with a 5 nm Ru underlayer. The films were
crystallized in the hexagonal D019 structure with (0001) pre-
ferred orientation. TEM analysis reveals that the Mn3Sn films,
although discontinuous, are chemically homogeneous and
characterized by near perfect heteroepitaxy. Magnetic mea-
surements show weak anisotropic ferromagnetism in the films.
The weak ferromagnetism in this class of materials allows
control of their electrical transport properties, since a small ex-
ternal field can switch the moment orientation of the chiral spin
structure. Furthermore, we have studied the exchange bias of
Mn3Sn/Py bilayers. Exchange bias fields up to μ0HEB = 12.6
mT are achieved at 5 K. Such exchange biased heterostructures
open up the possibility of further interesting study investigating
the spin-orbit torque produced by Mn3Sn, similar to Mn3Ir/Py
[19], following predictions of a large SHE [20] and spin-
polarized current [21]. Our results show that Mn3Sn is an
attractive material to study novel phenomena which may have
a major impact in antiferromagnetic spintronic applications.
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Supplemental Material

1 Structural, morphological and magnetic char-
acterization of Mn3Sn films

Fig. 1(a) shows the XRD patterns of the Mn3Sn films with different thicknesses.
All films grow heteroepitaxially with (0001) preferred orientation. Fig. 1(b)
shows the full width at half maximum (FWHM) of the 40 nm Mn3Sn film. The
combination of a high intensity peak with a small value of FWHM≈ 0.566◦

reveals that the film has high crystal quality with low mosaicity.

Figure 1: (a) XRD patterns of the Mn3Sn films with different thicknesses. (b)
FWHM of the (0002) out-of-plane rocking curve for the 40 nm Mn3Sn film.

Fig. 2(a) shows the cross-section scanning transmission electron microscopy
(STEM) image of the 40 nm Mn3Sn film. The film is discontinuous, forming
large islands of approximately 400 nm in width. The growth of islands during
thin film deposition can be attributed to the large lattice mismatch between
the Ru underlayer and Mn3Sn film, which is 5.26 %. Furthermore, the kinetic
conditions (i.e. growth rate, atomic mobility, temperature) during thin film
deposition may affect the morphology of the films. A transition from island-
growth to continuous films has been observed in different systems as the film
thickness is increased [1]. The films, although discontinuous, are characterized
by nearly perfect heteroepitaxial growth. Fig. 2(b) depicts the cross-section
high resolution transmission electron microscopy (HRTEM) image of the same
sample, where the substrate, the Ru underlayer, the Mn3Sn film and the Al
capping layer can be observed.
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Figure 2: (a) Cross-section STEM image of the 40 nm film. The Mn3Sn islands
are covered by C-Pt protection layer. (b) Cross-section HRTEM image of the
same sample.

The in-plane hysteresis curve of a 20 nm thick Mn3Sn film measured at 300 K,
is illustrated in Fig. 3. The sample shows an in-plane uncompensated magneti-
zation of M = 37 kA/m and coercivity of µ0Hc = 3.8 mT.

Figure 3: In-plane magnetization hysteresis loop of the 20 nm Mn3Sn film. The
inset shows the ± 50 mT region.

2 Exchange bias in Mn3Sn/Py bilayers

The XRD pattern of the Mn3Sn(40 nm)/Py(5 nm) bilayer grown on Y:ZrO2 sub-
strate with a 10 nm Ru underlayer is depicted in Fig 4. The hexagonal Mn3Sn
and Ru are (0001) oriented, while the Py (Ni80Fe20) film is heteroepitaxially
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grown on top of the Mn3Sn film with (111) preferred orientation (only the (111)
and (222) reflections are observed).

Figure 4: XRD pattern of the Mn3Sn/Py bilayer.

In order to clarify the blocking temperature of the Mn3Sn(40 nm)/Py(5 nm)
bilayer, a second set of measurements was performed. Here, we measured the
samples at 5 K after field cooling (FC) under 1 T in-plane applied magnetic field
from a series of different starting temperatures. As the starting temperature is
decreased below the blocking temperature, a reduction in the exchange bias field
and coercive field is expected. Fig 5(a) shows µ0Hc and µ0HEB as a function of
the starting temperature before FC. Below 150 K exchange bias field begins to
decrease, whilst for a starting temperature of 20 K no exchange bias is achieved.
This demonstrates a blocking temperature distribution, which may be due to
varying grain size or other defects in the Mn3Sn film. Nevertheless a rapid
decrease in µ0HEB is observed when FC begins below 50 K, showing that in
this temperature range less pinning of the Py magnetization is being thermally
activated, thus supporting the conclusion that TB ≈ 50 K.

The in-plane magnetization hysteresis loops of the Mn3Sn(40 nm)/Py(5 nm)
bilayer measured after field-cooling (FC) from 300 K to 5 K under different in-
plane magnetic fields are illustrated in Fig. 5(b). The exchange bias field is
found, as expected, to be independent of field cooling strength (1-5 T). Fur-
thermore it is reversible when field-cooled under a negative applied field of -1 T
(hysteresis loop is shifted along the positive direction of the applied field axis).

The temperature dependence of µ0Hc and µ0HEB for a thinner Mn3Sn(20 nm)/Py(5 nm)
bilayer is shown in Fig. 6. The results are broadly similar to the Mn3Sn(40 nm)/Py
bilayer. Here a coercive field of µ0Hc = 15 mT and an exchange bias field of
µ0HEB = 9mT are observed after FC in an 1 T in-plane applied magnetic field
from 400 K to 2 K. The variation of µ0Hc and µ0HEB after 1 T FC from 400 K to
sequential temperatures shows smaller exchange bias fields and a lower blocking
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Figure 5: (a) Exchange bias and coercive fields measured at 5 K as a function of
the starting temperature before 1 T FC. (b) In-plane magnetization hysteresis
loops of the Mn3Sn(40 nm)/Py(5 nm) bilayer, after FC to 5 K under different
in-plane magnetic fields.

temperature (TB ≈ 30 K) compared with the Mn3Sn(40 nm)/Py bilayer. This
is as exected for a thinner anitferromagnetic film in an exchange bias system,
where grain size may be smaller (leading to reduced blocking temperature) and
the anisotropy of the antiferromagnetic order weaker (lessening the pinning of
the ferromagnetic layer).

Figure 6: Temperature dependence of exchange bias and coercive fields during
1 T FC from 400 K .
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3.2 Anomalous and topological Hall effects in epitax-
ial thin films of the noncollinear antiferromagnet
Mn3Sn

The following chapter of this cumulative thesis consists of the peer-reviewed
scientific paper (and its supplementary material) published as:

J. M. Taylor, A. Markou, E. Lesne, P. K. Sivakumar, C. Luo, F. Radu,
P. Werner, C. Felser, and S. S. P. Parkin, “Anomalous and topological Hall
effects in epitaxial thin films of the noncollinear antiferromagnet Mn3Sn”,
Phys. Rev. B 101, 094404 (2020)

Reprinted with permission from [J. M. Taylor et al., “Anomalous and topological Hall

effects in epitaxial thin films of the noncollinear antiferromagnet Mn3Sn”, Phys. Rev. B

101, 094404 (2020)]. Published (2020) by the American Physical Society under the terms

of the Creative Commons Attribution 4.0 license. DOI: 10.1103/PhysRevB.101.094404

In Section 3.1, we demonstrated the ability to grow hexagonal Mn3Sn in
thin film form. However, we were unable to measure the magnetotransport
properties of the resulting samples, because the films were discontinuous.
This was attributed to the large lattice mismatch between the Y:ZrO2 sub-
strate and the Ru buffer layer (5.7%) and the subsequent Mn3Sn film (10.7%).
By switching to substrates with lower lattice mismatch, we were able to de-
posit Mn3Sn onto the Ru buffer at RT and seed hexagonal crystal structure
by post annealing at 300 ◦C alone. This is a lower energy process than the
high temperature growth used in Section 3.1, thus limiting the mobility of
adatoms and ensuring continuous growth. The fabrication, structural analy-
sis, magnetic properties and magnetotransport behavior of such continuous
Mn3Sn films is reported in the paper J. M. Taylor et al., “Anomalous and
topological Hall effects in epitaxial thin films of the noncollinear antiferro-
magnet Mn3Sn”, Phys. Rev. B 101, 094404 (2020), which forms the final
chapter of this thesis.

In order to achieve this continuous growth, we deposited Mn3Sn thin
films on Ru buffered SrTiO3 (111) single crystal substrates. Here, the lattice
mismatch between SrTiO3 (111) and Ru (-2.0%) and Mn3Sn (2.6%) is re-
duced compared with the Y:ZrO2 substrates. The Ru buffer layer grew with
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its c-axis OP on top of the SrTiO3 (111) surface, which in turn seeded the
growth of (0001) oriented Mn3Sn. XRD and TEM analysis of the resulting
crystal structure reveals relaxed film growth with lattice parameters close to
bulk values, comparable crystal quality to that reported in Section 3.1, and
the same epitaxial relationship as the thin films grown on Y:ZrO2 substrates.
However, the important difference is that the Mn3Sn (0001) films grown in
this case are, as confirmed by wide-view TEM images and AFM topography
maps, continuous.

This allowed us to fabricate Hall bar devices from the samples, and there-
fore attempt to measure their Berry phase driven magnetotransport proper-
ties. Specifically, transverse resistivity (partially-parallel to the [21̄10] di-
rection) was measured with current flow along the [011̄0] crystallographic
direction, as a function of OP external magnetic field along the c-axis. At
room temperature, we observed a linear response of transverse resistivity to
applied field, that is, an ordinary Hall effect. This is as expected, however,
for the case where magnetic field is applied along the (0001) crystalline di-
rection. This is a magnetic hard axis, and thus external field is unable to
manipulate the weak magnetization that is confined to the sample ab-plane.
Since it cannot align the uncompensated moment, the magnetic field can-
not reorient the inverse triangular spin texture into a single chirality. Thus
anomalous Hall conductivities from neighboring domains of opposite chirality
cancel out.

As the sample temperature was lowered, a significant change in the be-
havior of the Hall effect was observed. Below 50 K, we see a small anomalous-
like Hall response begin to occur. This can be explained by the well-known
transition of Mn3Sn into a glassy FM state below 50 K [113]. Upon this
transition, Mn moments are frustrated to tilt out of the basal planes [112].
This results in a net magnetization arising along the (0001) direction, which
in turn produces a conventional AHE.

For Hall bars patterned in the film plane, it would be impossible to mea-
sure the topologically generated AHE at room temperature using a conven-
tional Hall effect measurement geometry in these Mn3Sn (0001) samples. We
therefore proceeded to prepare thin films where the c-axis lies partially IP,
thus allowing a component of the OP applied magnetic field to manipulate
uncompensated moment in the basal plane. To achieve this, we changed sub-
strates again, this time depositing Mn3Sn on Ru buffered MgO (001) cubic
substrates. Here, XRD 2θ − θ scans revealed the Mn3Sn films to have the
[404̄3] crystal axis directed OP. This is an unusual thin film growth orienta-
tion, and we therefore performed further XRD χ − φ pole figure maps and
TEM analysis, in order to fully characterize the obtained crystal structure.

We again find the films to be continuous, with grain boundary defects
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separating crystallites whose crystallographic axes are well correlated to fol-
low one of the 〈110〉 cubic diagonals in the MgO substrate. Sharp spots in
both XRD pole figures and TEM diffractograms reveal the single crystalline
nature of individual grains and their low mosaicity, whilst TEM micrographs
demonstrate the high quality crystal structure of the thin films in general,
with small roughness, uniform thickness and low defect density. We find that
the (0001) crystal planes grow tilted out of the film plane, with the c-axis ly-
ing at an angle of approximately 55◦ to the film normal, the [21̄10] magnetic
easy axis lying at an angle of approximately 35◦ to the film normal, and the
[011̄0] crystallographic direction lying completely IP.

Therefore, by patterning Hall bars into these (404̄3) oriented Mn3Sn films,
current was passed along the [011̄0] crystallographic direction, and transverse
resistivity measured in a direction partially along the [0001] axis. Hall effect
was then recorded at different temperatures, as a function of magnetic field
applied OP; that is, along the [404̄3] direction but with a significant compo-
nent of external field parallel to the [21̄10] magnetic easy axis. The magnetic
field was thus able to align the uncompensated moment arising within the
basal planes, and therefore to reorient the entire sample into a single chi-
rality of the inverse triangular spin texture. As a result, we succeeded in
measuring Berry curvature driven AHE in these Mn3Sn (404̄3) samples at
room temperature.

By taking into account the current shunted through the Ru buffer, model-
ing the multilayer as a set of parallel resistors, and subtracting the ordinary
Hall effect background arising from both layers, we calculate the remnant
zero-field anomalous Hall conductivity at 300 K to be σxy(µ0H = 0 T) =
21 Ω−1 cm−1. This is found to be nearly independent of film thickness, mean-
ing that we observe momentum-space Berry curvature driven AHE down
to thicknesses as low as 30 nm. Coercive field also shows no dependence
on film thickness, with a value of µ0Hc = 1.3 T. This value of coercivity
is much larger than that observed in single crystals of Mn3Sn, and reflects
the important relationship between uncompensated magnetic moment, chiral
domain configuration, and film microstructure in noncollinear AFs that we
introduced in Section 2.2.

We have already discussed how the weak magnetization in Mn3Sn can
be used to reorient the inverse triangular spin texture. Recently, Higo et
al. [76], by exploiting the large MOKE contrast arising between different
chiralities of this inverse triangular spin texture (which is also related to the
Berry phase generated magnetotransport properties, as discussed in Section
1.2.7), showed that this reorientation occurs through a process of domain
nucleation and propagation. In other words, they imaged the multi-domain
state of Mn3Sn, and showed that application of an external magnetic field to
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align the weak magnetization drives the motion of domain walls, expanding
domains of a certain preferred chirality, until the sample reaches a single
domain state (and AHE is saturated) [76]. The opposite process occurs on
the reverse field sweep. Such AF domain dynamics are currently an area of
great interest, in order to understand the magnetotransport behavior of AF
materials for spintronic applications. In our present results, the enhanced
coercivity is a reflection of this domain wall motion mechanism. Defects
and impurities, that are inherent in sputter deposited thin film samples,
as well as the grain boundaries occurring between the four-fold symmetric
crystallites discussed above, act to pin domain wall motion. Therefore, a
stronger magnetic field is required to drive the sample into a single chiral
domain state, resulting in a larger coercive field.

Finally, the nature of the domain walls between these chiral domains is
of interest to the fundamental physics of noncollinear AFs, but also yields
some potentially exciting applications, as we demonstrate in the last part
of this work. Very recently, Xi et al. [148] measured symmetric features
in the planar Hall effect of Mn3Sn single crystals, which they concluded
arise from chiral domain walls. Not only do these chiral domain walls have
measurable magnetotransport signatures, but Xi et al. showed that their
internal moment configuration depends on the magnetic history of the sample
and thus shows a memory effect [148].

In the case of our Mn3Sn (404̄3) films, as we measure Hall effect at lower
temperatures, the magnitude of the Berry curvature driven AHE decreases.
This is because the sample begins to loose the inverse triangular AF order
that yields Berry curvature induced AHE. Towards 50 K, the sample under-
goes a magnetic phase transition to the spin glass state discussed above. In
Mn3Sn films with this (404̄3) orientation, we do not observe the conventional
AHE generated by this glassy FM state (because we are not sensitive to
magnetization induced along the c-axis in this measurement configuration).
Instead, the Hall effect hysteresis loops begin to show clear asymmetry. This
is a signature of the THE, which, as discussed in Section 1.2.10, occurs when
electrons propagating through a noncoplanar, noncollinear spin texture ac-
quire real-space Berry phase and thus a transverse component of momentum.

Specifically, two ‘bumps’ in Hall resistivity are measured, close to the co-
ercive field of the Mn3Sn (404̄3) films. Therefore, electrons encounter a spin
texture with nonzero scalar spin chirality at the point where reversed AF
domains are beginning to nucleate and propagate. In other words, the for-
mation of domain walls is the source of the observed THE, and we therefore
conclude that chiral domain walls are also present in our Mn3Sn thin films.
The polarity of these THE bumps are symmetric in magnetic field. Accord-
ing to the model put forth by Xi et al. (where the domain wall structure
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consists of an IP rotation of moments between one domain and the next)
this means that the internal configuration of Mn moments within the do-
main walls remains the same on forward and reverse field sweeps, whilst the
sense of rotation of the spins within the domain wall is inverted [148]. In
our Mn3Sn (404̄3) films, a domain wall consisting of Mn moments rotating
within the basal plane will appear as a noncollinear, noncoplanar spin tex-
ture to electrons propagating within the plane of the film, thus subtending a
finite scalar spin chirality that, in turn, induces THE.

Furthermore, the sign of the bumps in Hall resistivity is reversed depend-
ing on the field cooling condition applied as the sample passes through the
magnetic phase transition at 50 K. In the first example, Mn3Sn was driven
to saturation of a negative AHE by applying a magnetic field up to +9 T,
setting the sample into a particular single domain state, which then remains
stable as external field is brought back to zero. When the sample is then
zero field cooled, the THE bumps observed are negative. In the opposite
case, following zero field cooling after saturation of a positive AHE in a −9 T
magnetic field, the THE bumps measured are positive. Both of these effects
are enhanced by field cooling directly in a ±9 T magnetic field.

The polarity of the THE bump indicates the sign of the real-space Berry
phase, which arises from the value of the finite scalar spin chirality of the
noncollinear, noncoplanar spin texture generating it. Because this, in turn,
depends on the internal moment configuration within the domain walls, we
conclude that the handedness of the inverse triangular spin texture set at
room temperature directly evolves to favor a particular chirality of domain
walls in the low temperature magnetic state. From the current results, it is
not clear whether the chiral domain walls appear only following the transition
to the glassy FM state, or whether they persist up to room temperature as
measured by Xi et al. [148]. This is because, in the present measurement,
we only observe THE after the momentum-space Berry curvature driven
AHE has been suppressed below 50 K. Xi et al. attribute the magnetic
field history effect to the presence of minority domains, that remain after
external field has been removed and act to seed a preferentially domain wall
chirality during subsequent measurements [148]. This mechanism fits with
our observation of an enhanced THE following direct field cooling, since
the applied field may act to stabilize the domains that select the preferred
chirality through the magnetic phase transition. However, further work is
needed to explore the details of this mechanism, and indeed the role of chiral
domains in noncollinear AFs more generally.

Nevertheless, the present observation of a THE generated by chiral do-
main walls open up new possibilities for Mn3Sn films in spintronic devices
based on topological AFs.
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Noncollinear antiferromagnets with a D019 (space group = 194, P63/mmc) hexagonal structure have garnered
much attention for their potential applications in topological spintronics. Here, we report the deposition of
continuous epitaxial thin films of such a material, Mn3Sn, and characterize their crystal structure using a
combination of x-ray diffraction and transmission electron microscopy. Growth of Mn3Sn films with both (0001)
c-axis orientation and (404̄3) texture is achieved. In the latter case, the thin films exhibit a small uncompensated
Mn moment in the basal plane, quantified via magnetometry and x-ray magnetic circular dichroism experiments.
This cannot account for the large anomalous Hall effect simultaneously observed in these films, even at room
temperature, with magnitude σxy(μ0H = 0 T) = 21 �−1 cm−1 and coercive field μ0Hc = 1.3 T. We attribute the
origin of this anomalous Hall effect to momentum-space Berry curvature arising from the symmetry-breaking
inverse triangular spin structure of Mn3Sn. Upon cooling through the transition to a glassy ferromagnetic state
at around 50 K, a peak in the Hall resistivity close to the coercive field emerges. This indicates the onset of
a topological Hall effect contribution, arising from a nonzero scalar spin chirality that generates a real-space
Berry phase. We demonstrate that the polarity of this topological Hall effect, and hence the chiral nature of the
noncoplanar magnetic structure driving it, can be controlled using different field-cooling conditions.

DOI: 10.1103/PhysRevB.101.094404

I. INTRODUCTION

Antiferromagnets (AF) are of interest for spintronic appli-
cations [1]; however, they struggle to produce readout signals
of the size required for devices. Large magnetotransport sig-
natures, such as the intrinsic anomalous Hall effect (AHE) [2],
generated by topological materials may offer the solution [3].
In particular, topological noncollinear AFs of the form Mn3X
are of interest.

Mn3Sn is a noncollinear AF with Mn moments arranged
in hexagonal crystal planes [4], which exhibits an inverse
triangular spin structure resulting from a combination of
exchange and Dzyaloshinskii-Moriya (DM) interactions [5].
The inverse triangular AF order breaks time-reversal sym-
metry, thus introducing momentum-space Berry curvature.
In turn, this induces a fictitious magnetic field, which has
been theoretically predicted [6] to drive a highly anisotropic
AHE [7]. This was subsequently experimentally measured in
single crystals of hexagonal Mn3Sn [8] and Mn3Ge [9].
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The emergence of Berry curvature is connected with Weyl
points arising in Mn3Sn [10–12]. The presence of such
Weyl quasiparticles close to the Fermi level also induces an
anomalous Nernst effect [13–15]. Further enhancement of the
attractiveness of Mn3Sn for spintronics stems from its hosting
of a Berry curvature-driven intrinsic spin Hall effect [16–18],
which was originally discovered in the cubic noncollinear AF
Mn3Ir [19].

The symmetry-breaking inverse triangular spin texture also
gives rise to a magneto-optical Kerr effect [20–22]. Kerr
microscopy imaging of this effect reveals that Mn3Sn con-
tains AF domains possessing opposite chiralities of the non-
collinear spin structure. These reversed chiralities correspond
to opposite signs of a cluster octupole order parameter [23]
and, hence, reversed polarities of magnetotransport properties
across different AF domains [24].

An external magnetic field can be used to propagate AF
domains of a particular chirality [22], in order to generate a net
magnetotransport output. The applied magnetic field couples
to the small uncompensated magnetic moment [25] that is
created in the hexagonal crystal planes of Mn3Sn by spins
spontaneously canting slightly towards magnetocrystalline
easy axes [26]. This weak magnetization can freely rotate
within the basal plane [5], in turn acting to orient the entire
inverse triangular spin texture, and, when saturated, achieving
a single chiral domain state.

As Mn3Sn is cooled, its magnetic order changes depend-
ing on microstructure [27]. At 275 K, Mn-deficient samples
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FIG. 1. (a) 2θ -θ x-ray diffraction scans measured for a 70-nm Mn3Sn (0001) film grown on a SrTiO3 (111) substrate, and for a 60-nm
Mn3Sn (404̄3) film grown on a MgO (001) substrate. Inset shows azimuthal φ scans of the SrTiO3 {202}, Ru {101̄1}, and Mn3Sn {202̄1}
reflections for a 70-nm Mn3Sn (0001) sample. The corresponding positions of in-plane crystallographic directions are indicated. (b) Cross-
section scanning-TEM micrograph of a 70-nm Mn3Sn (0001) film, viewed along the [1̄10] zone axis of the SrTiO3 (111) substrate. Inset shows
a wide-view image over an extended region of the same lamella. (c) Representative crystal structure of Mn3Sn (0001) films grown on SrTiO3

(111) substrates using a Ru buffer layer. (d) χ -φ x-ray pole figures measured for a 60-nm Mn3Sn (404̄3) sample. The MgO [100] crystalline
axis was aligned with φ = 0◦. Inset shows an atomic force microscopy topographic map for a similar 50-nm Mn3Sn (404̄3) film, capped with
2-nm Ru. (e) Cross-section high-resolution TEM micrograph of a 60-nm Mn3Sn (404̄3) film, viewed along the [010] zone axis of the MgO
(001) substrate. Inset shows an overview TEM image measured for the same sample. (f) Representative crystal structure of Mn3Sn (404̄3)
films grown on MgO (001) substrates using a Ru buffer layer.

transition to a helical magnetic phase [28]. Around 50 K, the
magnetic structure changes to a “glassy” ferromagnetic (FM)
(or spin-glass) state [29], regardless of composition, in which
Mn moments are frustrated to cant out of the basal planes [30].
Studies in bulk samples [31] show this is accompanied by the
onset of a topological Hall effect (THE) [32], attributed to a
possible magnetic skyrmion phase [33], or to chiral domain
walls [34].

Recently, AHE has been measured in polycrystalline
Mn3Sn films [35–37]. In addition, a planar Hall effect has
been observed in epitaxial films [38]. In this paper, we extend
these previous results by studying the structural and magnetic
properties of epitaxial Mn3Sn thin films, and demonstrating
the presence of both AHE and THE.

II. RESULTS AND DISCUSSION

A. Film growth and structural characterization

We previously grew Mn3Sn films that were epitaxial but
discontinuous [39]. By changing substrate and optimizing
postannealing temperature, we succeeded in fabricating

continuous Mn3Sn films (details in the Supplemental
Material [40]). Figure 1(a) shows 2θ -θ x-ray diffraction
(XRD) patterns measured for films deposited on SrTiO3 (111)
and MgO (001) substrates. In both cases, a 5-nm Ru buffer
layer was used [39]. The presence of {0002} diffraction
peaks indicates the growth of c-axis oriented films on SrTiO3

(111) substrates. Lattice parameters calculated from these
XRD measurements establish that these hexagonal Mn3Sn
(0001) films grow fully relaxed (analysis in the Supplemental
Material [40]). Azimuthal XRD φ scans of partially in-plane
(IP) peaks, shown in the inset of Fig. 1(a), demonstrate the
same epitaxial relationship as in Ref. [39]: SrTiO3(111)[112̄]
[11̄0]‖Ru(0001)[011̄0][2110]‖Mn3Sn(0001)[011̄0][2110],
depicted schematically in Fig. 1(c).

We studied film structure at the nanoscale using trans-
mission electron microscopy (TEM). Figure 1(b) shows a
cross-section scanning-TEM micrograph from a 70-nm film
deposited on SrTiO3 (111), which demonstrates explicitly the
epitaxial growth of (0001)-oriented Mn3Sn on a Ru (0001)
buffer. The inset of Fig. 1(b) displays a wide-view scanning-
TEM image of the same lamella, confirming the preparation
of continuous films.
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Figure 1(a) also shows a single peak in the 2θ -θ XRD scan
for a 60-nm film deposited on MgO (001); this corresponds
to the growth of single-phase hexagonal Mn3Sn with (404̄3)
orientation. We analyzed this crystal texture by recording χ -φ
XRD pole-figure maps around the expected positions of the
{111} reflections of MgO, {0002} reflections of Ru, and
{0002} reflections of Mn3Sn, as presented in Fig. 1(d). The
{0002} reflections of Ru follow the cubic {111} MgO peaks,
indicating that the hexagonal planes of Ru are tilted to lie
at the same angle as the (111) planes of the substrate. The
{0002} reflections of Mn3Sn in turn follow the Ru diffraction
peaks, confirming that the basal planes of Mn3Sn are seeded to
grow at the same angle as those in the buffer layer. This results
in a structure for Mn3Sn (404̄3) with the [0001] crystalline
direction at almost 55° to the film normal, the [2110] magnetic
easy axis [26] at approximately 35° to the film normal, and
the [011̄0] crystallographic axis lying completely IP. This
epitaxial relationship is illustrated in Fig. 1(f).

The Mn3Sn {0002} reflections are fourfold symmetric.
This indicates four distinct crystallite orientations in which the
c axis, and in turn the orthogonal [011̄0] direction, follows one
of the possible IP 〈110〉 MgO axes. Therefore, for a chosen
macroscopic measurement direction, there will be equivalent
numbers of Mn3Sn crystal grains with either the [0001] or
[011̄0] axes parallel to this.

Nevertheless, high-resolution TEM of an individual
Mn3Sn (404̄3) crystallite, as depicted in Fig. 1(e), confirms
single-crystalline growth. The [011̄0] crystallographic axis is
directed at 45° into the plane of the image. The basal planes
of Mn3Sn are clearly visible, while the [2110] magnetic easy
axis is aligned almost out of plane (OP). That these crystal
grains coherently coalesce to form a continuous thin film
is ascertained from wide-view TEM images, an example of
which is shown in the inset of Fig. 1(e).

Finally, we used atomic force microscopy to quantify the
roughness of Mn3Sn. An example topographic map is shown
in the inset of Fig. 1(d), which yields an average roughness of
≈0.5 nm over a 1-μm2 region of a 50-nm Mn3Sn (404̄3) film
capped with 2-nm Ru.

B. Magnetic properties

Figure 2(a) shows the magnetization (M) of a 60-nm
Mn3Sn (404̄3) film measured using superconducting quantum
interference device vibrating sample magnetometry (SQUID-
VSM, Quantum Design MPMS3), after subtracting the back-
ground contribution from a MgO substrate/5-nm Ru reference
sample. When magnetic field (μ0H) is applied OP, with a
component along the [2110] easy axis, an opening of the
loop in the region ±1.5 T is attributed to the reversal of the
small uncompensated moment expected in the basal plane of
Mn3Sn.

With magnetic field applied along one of two orthogonal
IP directions, a similar hysteretic behavior is observed, but
with a smaller magnitude and an isotropic response. This
is because magnetization is averaged over many crystallites,
which can be fourfold symmetrically oriented with either
[011̄0] (in the plane where uncompensated moment freely
rotates) or partially IP [0001] (hard axis) directions parallel
to the magnetic field.

FIG. 2. (a) Magnetization measured as a function of magnetic
field for a 60-nm Mn3Sn (404̄3) film at 300 K. Magnetic field
was applied either out of plane or along one of two orthogonal
in-plane directions (closed and open symbols represent down and up
field sweeps, respectively). Inset shows magnetization as a function
of out-of-plane magnetic field, measured at different temperatures.
(b) X-ray absorption spectroscopy and XMCD spectra for a 70-nm
Mn3Sn (404̄3) film, recorded using σ− polarized x-rays in
μ0H± = ±8 T magnetic fields applied out of plane, at 100 K.
Inset shows XMCD, calculated as the difference between spectra
recorded with σ± polarized x-rays, measured in different out-of-
plane magnetic fields at 100 K, as well as that measured in −8 T
at 300 and 5 K.

The inset of Fig. 2(a) plots magnetization response to mag-
netic field at different temperatures (T ). At 5 K, a significant
enhancement of magnetization demonstrates the appearance
of the glassy FM phase [29].

X-ray magnetic circular dichroism (XMCD) was measured
at the BESSY synchrotron facility [41], using negative, σ−,
polarized x rays in an OP magnetic field of μ0H± = ±8 T.
Nonzero XMCD around the Mn L2,3 edges at 100 K, displayed
in Fig. 2(b), confirms the presence of a net Mn moment
that is reversible by external magnetic field. Using XMCD
sum-rule analysis [42], an uncompensated magnetic moment
of ms+l = 0.279 μB/f.u. was calculated, comprising spin,
ms = 0.273 μB/f.u., and orbital, ml = 0.006 μB/f.u. mo-
ments respectively. Measured ml is of the same order of
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magnitude as that simulated [25], while ms is found to be
substantially larger than the theoretically predicted value for
zero-field weak magnetization.

We explain this by considering the inset of Fig. 2(b), show-
ing the magnetic-field dependence of XMCD, measured as in
Ref. [43]. XMCD increases approximately linearly, because
of Mn spins tilting out of the film plane in response to strong
applied magnetic fields [43]. This therefore enhances ms,
whose magnitude is in agreement with that determined from
SQUID-VSM, which indicates similar paramagnetic behavior
after the closing of the hysteresis loop.

Nevertheless, both measurements reveal that the uncom-
pensated moment overall is enhanced compared with bulk
crystals, including the remnant weak magnetization within
the basal plane measured at zero-applied magnetic field using
SQUID-VSM. This uncompensated moment is exacerbated
because of structural defects and chemical disorder present in
the thin films, which may act to modify the balance of AF ex-
change, DM interactions, and magnetocrystalline anisotropy,
thus increasing the spontaneous canting of Mn spins [39].

The inset of Fig. 2(b) also presents XMCD measured in
a −8-T magnetic field at different temperatures. XMCD is
reduced at 300 K, while its enhancement at 5 K evidences an
increased net moment after transition to the spin-glass state.

C. Magnetotransport measurements

We now report magnetotransport measurements in Mn3Sn
thin films lithographically patterned into 75 × 25-μm2 Hall
bar devices. Figure 3(a) shows the variation in longitudinal
resistivity (ρxx) for a 70-nm-thick Mn3Sn (0001) film as
a function of temperature, during either zero-field cooling
(ZFC) or cooling in a 7-T OP magnetic field (FC), followed in
both cases by zero-field warming (ZFW). A background con-
tribution from the 5-nm Ru buffer layer has been subtracted
(see Supplemental Fig. S2 [40]). On cooling, a deviation from
metallic behavior below 100 K, down to a bump in resistivity
close to 50 K, provides evidence for the transition to the
glassy FM phase. No change is observed between ZFC and
FC protocols, as expected with cooling field parallel to the
[0001] hard axis.

During subsequent ZFW, a thermal hysteresis is seen.
Resistivity first drops between 50 and 100 K. The resulting
difference in resistivity is maintained, as above 100 K re-
sistivity rises at the same rate compared to ZFC but with a
smaller absolute value, until the film is warmed above room
temperature. This may indicate that the transition from the
inverse triangular to glassy FM state that occurs on cooling
is not fully reversible until the thin film reaches close to
the Néel temperature of Mn3Sn (TN = 420 K [4]). This can
be explained if regions of the spin-glass structure become
pinned at defects via their chiral domain walls (discussed
below).

Figure 3(b) plots the variation in transverse resistivity (ρxy)
as a function of OP magnetic field for the same 70-nm Mn3Sn
(0001) film. At room temperature, we observe a linear Hall
effect. This is because external field is applied along the
c axis, which is a magnetic hard axis. Therefore, applied
field is unable to manipulate the weak magnetization, which
occurs within the basal plane, and is thus unable to drive the

FIG. 3. Magnetotransport for a 70-nm Mn3Sn (0001) film pat-
terned into 75 × 25-μm2 Hall bars, with 500-μA current parallel
to the [011̄0] in-plane crystallographic direction. (a) Longitudinal
resistivity measured as a function of temperature during either zero-
field cooling, or cooling in a 7-T magnetic field applied out of
plane (closed symbols), and subsequent zero-field warming (open
symbols). Diagram illustrates measurement geometry in relation
to different crystallographic directions in the Mn3Sn (0001) film.
(b) Hall resistivity measured as a function of magnetic field applied
out of plane at different temperatures. Transverse resistivity was
measured along the [2̄110] crystalline axis (closed and open symbols
represent down and up field sweeps, respectively).

thin film into a dominant chiral domain state (which would
yield a net contribution to Berry curvature-induced AHE).
Between 100 and 50 K, this ordinary Hall effect changes to
an AHE as Mn3Sn transitions into the glassy FM phase. Here,
moments are frustrated to cant along the [0001] axis [30],
with the resulting FM-like component of magnetization pro-
ducing a conventional AHE in response to an OP magnetic
field.

Moving onto the Mn3Sn (404̄3) films, we sourced current
(Ic) along the [011̄0] direction and measured a component
of Hall resistivity partially orthogonal to the (0001) crystal
planes. Magnetic field was applied parallel to the [404̄3]
direction, thus with a significant component along the [2110]
easy axis. A schematic of this measurement configuration is
inset in Fig. 4(b). These crystalline directions are as defined in
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FIG. 4. Magnetotransport for a 60-nm Mn3Sn (404̄3) film pat-
terned into 75 × 25-μm2 Hall bars. Transverse resistivity was mea-
sured normal to the (0001) crystal plane, with 500-μA current
parallel to the [011̄0] in-plane crystallographic direction (closed and
open symbols represent down and up field sweeps, respectively).
Isothermal Hall resistivity measured as a function of magnetic
field applied out of plane in the (a) higher-temperature regime and
(b) lower-temperature regime. Diagram illustrates measurement ge-
ometry in relation to different crystallographic directions in the
Mn3Sn (404̄3) film. Inset shows the Hall effect measured for a
30-nm Mn3Sn (404̄3) film at 5 K, after cooling under different field
conditions.

one of the four equivalent structural grains (see Supplemental
Fig. S5 [40]).

Figures 4(a) and 4(b) show isothermal measurements of
Hall effect for a 60-nm Mn3Sn (404̄3) film, in two temperature
regimes. At room temperature, we measure a large AHE
driven by momentum-space Berry curvature [8]. A tiny longi-
tudinal magnetoresistance (<0.02% at 8 T) is simultaneously
observed (see Supplemental Material [40]), ruling out FM
contributions to magnetotransport.

Consistent AHE is measured across a series of Mn3Sn
(404̄3) samples of different thicknesses, as discussed in the
Supplemental Material [40]. We extract a remnant anomalous
Hall conductivity, σxy(μ0H = 0 T) = 21 �−1 cm−1, compa-
rable to previous reports [35].

Figure 4(a) shows that as temperature is increased towards
TN, coercive field decreases because of a softening of the mag-
netic structure. However, as temperature is decreased below
100 K, the magnitude of the Berry curvature-generated AHE
drops concomitantly, as Mn3Sn begins to leave the inverse
triangular AF phase.

Below 50 K, Mn3Sn transitions into the glassy FM state,
where momentum-space Berry curvature-driven and (in this
measurement configuration) conventional AHE are no longer
detected. Instead, as shown in Fig. 4(b), the hysteresis loop
becomes prominently asymmetric; a signature of the THE,
caused when electrons acquire a real-space Berry phase upon
encountering a magnetic structure with nonzero scalar spin
chirality [32].

The inset of Fig. 4(b) explores this THE in a 30-nm Mn3Sn
(404̄3) film undergoing different field-cooling protocols. In
the first case, the sample is saturated in a 9-T OP magnetic
field, setting a particular chirality of the inverse triangular
spin texture, which is maintained as the field is decreased to
zero. The film is then cooled (ZFC). Here a downward bump
arising close to the point of magnetization reversal (when
external field is swept from positive to negative) indicates a
negative THE. A bump with the same negative polarity is
seen at coercivity on the reverse (negative to positive) field
sweep. This demonstrates the formation of a noncollinear,
noncoplanar spin texture close to the coercive field, at which
point magnetic order is reversing through a mechanism of
domain nucleation and propagation.

Therefore, we attribute the THE to the nucleation of chiral
domain walls. Mn moments forming the domain walls will
rotate within the basal plane, in order to invert magnetic
structure between one domain and the next [31]. A domain
wall with such arrangement will appear as a noncollinear,
noncoplanar spin texture possessing finite scalar spin chirality
to electrons propagating within the plane of these Mn3Sn
(404̄3) films. The even sign of THE suggests that the sense
of rotation of spins in the domain walls is opposite during for-
ward and reverse magnetization processes, while the internal
moment configuration within the domain walls remains the
same.

These results are in agreement with Li et al. [34], who
measure a symmetric planar Hall effect in Mn3Sn single
crystals. This is attributed to chiral domain walls with a
fixed internal moment configuration, which is maintained
during both positive to negative, and negative to positive, field
sweeps. The sense of rotation of spins within the domain walls
must therefore be inverted between forward and reverse field
sweeps. They also observe a dependence of the planar Hall
effect polarity on applied field history.

We measure a similar magnetic state history in Mn3Sn
(404̄3) films. The inset of Fig. 4(b) shows that in the sec-
ond case, when the thin film is ZFC after saturation in a
−9-T OP magnetic field, the polarities of both symmetric
THE peaks invert. This represents a sign change of real-
space Berry phase, corresponding to an opposite sign of
the finite scalar spin chirality generating it. We propose,
therefore, that the handedness of the inverse triangular spin
texture set at room temperature favors a certain chirality of
domain wall formed during low-temperature magnetization
reversal.
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Furthermore, the THE bumps with either negative or pos-
itive polarity are enhanced after cooling in a +9-T or −9-T
OP magnetic field, respectively. This may be explained by
the external field further stabilizing the preferred domain-
wall moment configuration during cooling. We thus demon-
strate a memory effect in noncollinear AF thin films, that
can be controlled by setting the orientation of the inverse
triangular spin texture from which the chirality of domain
walls evolves, which may find applications in neuromorphic
computing.

III. CONCLUSION

In conclusion, we have grown epitaxial thin films of Mn3Sn
with both (0001) c-axis orientation and (404̄3) crystallo-
graphic structure. In the latter case, Berry curvature-driven
AHE is observed at room temperature. Upon cooling through
the magnetic phase transition at 50 K, a peak in the Hall
resistivity indicates the appearance of a THE. The sign of
this THE signal, and hence the chirality of the noncoplanar

spin texture generating it, can be manipulated through field-
cooling conditions, thus furthering the potential of Mn3Sn in
chiralitronic devices.
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Noncollinear antiferromagnets with a D019 (space group = 194, P63/mmc) hexagonal structure
have garnered much attention for their potential applications in topological spintronics. Here, we
report the deposition of continuous epitaxial thin films of such a material, Mn3Sn, and characterize
their crystal structure using a combination of x-ray diffraction and transmission electron microscopy.
Growth of Mn3Sn films with both (0001) c-axis orientation and (404̄3) texture is achieved. In the
latter case, the thin films exhibit a small uncompensated Mn moment in the basal plane, quantified
via magnetometry and x-ray magnetic circular dichroism experiments. This cannot account for
the large anomalous Hall effect simultaneously observed in these films, even at room temperature,
with magnitude σxy (µ0H = 0 T) = 21 Ω−1cm−1 and coercive field µ0Hc = 1.3 T. We attribute the
origin of this anomalous Hall effect to momentum-space Berry curvature arising from the symmetry-
breaking inverse triangular spin structure of Mn3Sn. Upon cooling through the transition to a glassy
ferromagnetic state at around 50 K, a peak in the Hall resistivity close to the coercive field emerges.
This indicates the onset of a topological Hall effect contribution, arising from a nonzero scalar
spin chirality that generates a real-space Berry phase. We demonstrate that the polarity of this
topological Hall effect, and hence the chiral-nature of the noncoplanar magnetic structure driving
it, can be controlled using different field cooling conditions.

I. THIN FILM GROWTH AND STRUCTURAL
CHARACTERIZATION

The epitaxial thin film samples of Mn3Sn utilized in
this study were deposited using magnetron sputtering fol-
lowing the procedure described in Ref. [39] of the Main
Text. However, in this case single crystal substrates of
either (111) cut SrTiO3 or (001) cut MgO were used to
seed either (0001) c-axis texture or (404̄3) orientation
respectively. In order to achieve continuous films, we
made modifications to the temperatures during growth
and post-annealing of the different layers. The Ru buffer
layer was grown at 400 ◦C, and allowed to cool to room
temperature. Mn and Sn were then co-sputtered at room
temperature, and the films post-annealed by heating to
300 ◦C at a rate of 10 ◦C / minute, holding for 10 minutes,
then allowing to cool back to room temperature over a
period of approximately 60 minutes.

Stacks were subsequently capped with 2.5 nm Al,
which partially oxidizes, thus protecting the Mn3Sn with-
out shorting too much current during transport measure-
ments. Since the surface of the resulting Al(Oxide) is
rough, samples used for atomic force microscopy mea-
surements were instead capped with 2 nm Ru, which
closely follows the topography of the underlying Mn3Sn,
thus allowing an accurate quantification of its roughness.

Additional reference samples, consisting of either
30 nm or 5 nm Ru buffer layers alone, grown on

MgO (001) and MgO (111) substrates respectively, were
also prepared. Due to the proximity of the sets of peaks
in 2θ-θ position, the pole figure scans of the Ru {0002}
reflections shown in Fig. 1(d) of the Main Text were
measured from the 30 nm Ru buffer reference film. Mean-
while, the 5 nm reference sample was used to measure the
contribution of the Ru to electrical transport, discussed
below, and to record the background magnetization con-
tribution from the substrate and buffer layer (subtracted
from the total signal measured by SQUID-VSM, as ex-
plained in the discussion around Fig. 2(a) of the Main
Text).

The composition of the thin film stacks was quantified,
using energy dispersive X-ray spectroscopy measured in
a scanning electron microscope, as Mn0.76Sn0.24. We de-
note this as Mn3Sn, although we point out that the films
grow with a slightly Mn-rich composition (and are thus
not expected to show a first-order phase transition to a
helical magnetic state below 275 K).

Mn3Sn has a hexagonal crystal structure, with
Mn moments arranged in a kagome lattice in the
basal plane. Its bulk lattice parameters are: in-
plane (IP), aMn3Sn = 5.665 Å and out-of-plane (OP)
cMn3Sn = 4.531 Å. The bulk IP and OP lattice parame-
ters of hexagonal Ru are aRu = 2.706 Å and cRu = 4.282 Å
respectively. The lattice mismatches between the differ-
ent orientations of the Mn3Sn film and Ru buffer layer,
and the various substrates (as well as the Y:ZrO2 used
in our earlier study, see Ref. [39] of the Main Text)
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Supplemental Table S1 – Lattice mismatch calculated between different orientations of Mn3Sn thin films and Ru
buffer layers, and the various substrates utilized to achieve each epitaxial relationship. We calculate lattice mismatch

from bulk lattice parameters, using the same layer stacking sequences as in our deposited multilayers.

Y:ZrO2 (111) SrTiO3 (111) Ru (0001) Mn3Sn (0001) MgO (001) Ru (404̄3) Mn3Sn (404̄3)
Y:ZrO2 (111) - 5.7% 10.7%
SrTiO3 (111) - -2.0% 2.6%

Ru (0001) 5.7% -2.0% - 4.7%
Mn3Sn (0001) 10.7% 2.6% 4.7% -

MgO (001) - 17.2% 24.0%
Ru (404̄3) 17.2% - 5.8%

Mn3Sn (404̄3) 24.0% 5.8% -

are shown in Supplemental Table S1. The lattice mis-
match between the SrTiO3 (111) substrates and the Ru
buffer layer (and, in turn, the subsequent c-axis oriented
Mn3Sn film) is less than that with the previously utilized
Y:ZrO2 substrates. This motivated our choice to switch
to depositing on SrTiO3 (111) substrates. A smaller lat-
tice mismatch likely results in a higher quality Ru buffer
layer, which may subsequently contribute to the seed-
ing of continuous Mn3Sn films in the present case. The
choice of cubic MgO (001) substrates, whilst poorly lat-
tice matched with both Ru and Mn3Sn, nevertheless suc-
ceeded in seeding the growth of a Ru buffer layer with
sharp crystal structure, which is, in turn, relatively well
lattice matched to the (404̄3) textured Mn3Sn.

In both cases, x-ray diffraction (XRD) measurements
were performed using a PANalytical X’Pert3 diffractome-
ter with Cu Kα1

radiation (λ = 1.5406 Å). For the c-
axis oriented films, by fitting the positions of the Mn3Sn
and Ru (0002) and (0004) peaks from the 2θ-θ scan with
a Gaussian profile, we can extract values for their OP
hexagonal lattice parameters, c. These are found to be
cMn3Sn = 4.524 Å and cRu = 4.312 Å respectively. Sepa-
rate measurements of the Mn3Sn (202̄1) and Ru (101̄1)
partially IP diffraction peaks (not shown) allow us to
calculate the IP hexagonal lattice parameters, a. These
are found to be aMn3Sn = 5.684 Å and aRu = 2.695 Å re-
spectively. In all cases, the measured lattice parameters
are close to the bulk values, with no systematic epitaxial
strain observed.

By setting the diffractometer to the 2θ-θ position of
each of these partially IP peaks and scanning the rota-
tional angle, φ, the azimuthal scans in the inset of Fig.
1(a) of the Main Text were recorded. The substrate was
aligned with its [11̄0] edge along φ = 0◦. From these,
we determined the epitaxial relationship of the SrTiO3

(111) / Ru (0001) / Mn3Sn (0001) multilayers. In a sim-
ilar way, the pole figures shown in Fig. 1(d) of the Main
Text were mapped by performing individual φ azimuthal
scans at consecutive values of the OP to IP rotation an-
gle χ.

We confirm the interpretation of the epitaxial relation-
ship for the (404̄3) textured films through plane-view
transmission electron microscopy (TEM) measurements.
Supplemental Fig. S1 displays such a plane-view TEM

image taken for a 60 nm Mn3Sn (404̄3) film and viewed
along the MgO [001̄] zone axis. The sample was pre-
pared for measurement by conventional backside thin-
ning and subsequent ion beam milling. The plane-view
micrograph confirms the continuity of the films, whilst
simultaneously demonstrating their granular structure.
We observe large crystallites of around 200 nm in size,
with grain boundary defects between them (which may
contribute to enhancing the coercive field of these thin
films through domain wall pinning, see below). TEM
contrast is produced between neighboring crystallites ex-
hibiting one of four possible orientations, with their c-
axis aligned along one of the symmetric 〈111〉 directions
in the cubic substrate, as discussed in the Main Text.

The selected area electron diffraction (SAED) pattern,
shown in the right hand panel of Supplemental Fig. S1,
supports this interpretation of the epitaxial growth mode.
〈011̄0〉 reflections of the Mn3Sn film are coordinated with
the cubic diagonal directions of the MgO, showing that
the principle IP crystalline axis of Mn3Sn aligns with one
of the four 〈110〉 directions in the substrate. Neverthe-
less, this SAED pattern confirms that individual grains
possess a single-crystalline structure. The discrete, sharp
diffraction spots demonstrate that the Mn3Sn film ex-
hibits well defined IP crystallographic axes that are co-
herently oriented across multiple domains, with small rel-
ative mosaic spread between successive crystallites.

II. CONTRIBUTION OF Ru BUFFER LAYER
TO ELECTRICAL TRANSPORT PROPERTIES

The metallic Ru buffer layer will act to short some elec-
tric current during transport measurements. To quan-
tify this contribution, the magnetotransport properties
of a 5 nm Ru (0001) reference sample grown on MgO
(111) were measured in the Van der Pauw geometry, with
current applied parallel to the [21̄10] crystal direction.
Electrical transport was measured in a Quantum De-
sign Physical Property Measurement System (Dynacool
PPMS), using a Keithley 6221 current source and 2182A
nanovoltmeter. Supplemental Fig. S2 shows the varia-
tion in the longitudinal resistivity (ρxx) of the Ru layer
as a function of temperature (T ) during zero field cool-
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Supplemental FIG. S1 - Plane-view TEM image of a
60 nm Mn3Sn (404̄3) film, viewed along the [001̄] zone
axis of the MgO (001) substrate. The primary [011̄0]
crystallographic direction of the Mn3Sn layer lies in-
plane, with the [0001] and [21̄10] crystalline axes par-
tially out-of-plane. The coordinate system defined for
subsequent magnetotransport measurements is indicated.
Right panel shows a selected-area electron diffraction
pattern measured for the same planar sample, with re-
flections from the substrate and Mn3Sn thin film indexed.

ing (ZFC) and zero field warming (ZFW). The resistivity
decreases metallically, before saturating at low tempera-
tures. This is because of defects and impurities modifying
electrical transport in the low temperature regime.

Both longitudinal magnetoresistance (MR) and trans-
verse resistivity (ρxy) were then measured as a function of
magnetic field (µ0H) applied along the c-axis, shown in
the upper and lower panels of the inset to Supplemental
Fig. S2 respectively. We observe a Lorentz-type positive
MR (driven by the cyclical motion of electrons in strong
magnetic fields) and an ordinary Hall effect (with positive
and negative gradients at high- and low-temperatures, re-
spectively, showing a transition from hole- to electron-like
carriers with decreasing temperature). Both these phe-
nomena are as expected for a normal metal such as Ru,
meaning that we can attribute any subsequently mea-
sured anomalous transport behavior to the Mn3Sn layer
alone. In addition, the effects are small, particularly at
room temperature, where ρxy (µ0H = 8 T) = 0.03 μΩ cm.
This, combined with the low thickness of the Ru (as com-
pared with the Mn3Sn films), means that the buffer layer
will make a minimum contribution to the overall magne-
totransport behavior of the full stack.
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Supplemental FIG. S2 - Magnetotansport for a 5 nm
Ru (0001) thin film in the Van der Pauw geometry, with
500 μA current parallel to the in-plane [21̄10] crystallo-
graphic direction: Longitudinal resistivity measured as a
function of temperature during zero field cooling (closed
symbols) and subsequent zero field warming (open sym-
bols). Longitudinal magnetoresistance (upper inset) and
Hall resistivity (lower inset) measured at different tem-
peratures as a function of external magnetic field applied
out-of-plane. Transverse resistivity was measured along
the [011̄0] crystalline axis (closed and open symbols rep-

resent down and up field sweeps respectively).

III. THICKNESS DEPENDENCE OF AHE IN
Mn3Sn (404̄3) THIN FILMS

To demonstrate the negligible magnetotransport con-
tribution of the Ru layer explicitly, in Supplemental
Fig. S3 we plot the Hall effect of MgO (001) substrate /
5 nm Ru buffer / Mn3Sn (404̄3) films of different thick-
nesses after the subtraction of the ordinary Hall effect
background measured from the Ru reference sample, us-
ing a parallel resistors model. The resulting Hall effect
of the Mn3Sn layer alone does not differ qualitatively,
beside the partial removal of a linear background, whilst
the minor quantitative change reflects the small role of
the Ru buffer in the magnetotransport behavior of the
overall multilayer. Here the samples were measured in
the Van der Pauw geometry, although the results are in
very good agreement with those measured in patterned
Hall bar devices (where the contribution from the buffer
layer is not routinely subtracted), as reported in the Main
Text.

Transverse resistivity was measured at 300 K as a func-
tion of magnetic field applied OP for Mn3Sn (404̄3) films
of different thicknesses in the range 70 nm down to 30 nm.
All films exhibit a large Berry curvature driven anoma-
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Supplemental FIG. S3 - Hall effect measured at 300 K
as a function of external magnetic field applied out-of-
plane for different thicknesses of Mn3Sn (404̄3) films in
the Van der Pauw geometry. A background contribu-
tion, as recorded from a 5 nm Ru buffer layer reference
sample, has been subtracted. Left panel plots transverse
resistivity, measured normal to the (0001) crystal plane,
with 500 μA current parallel to the [011̄0] in-plane crys-
tallographic direction (closed and open symbols represent
down and up field sweeps respectively). Right panel plots
the same measurements converted to Hall conductivity,
as calculated using the longitudinal resistivity of each

film.

lous Hall effect (AHE), as discussed in the Main Text.
Although the magnitude of Hall resistivity decreases as
thickness decreases, we otherwise observe no qualitative
change in the AHE generated by the topology of the non-
collinear antiferromagnetic (AF) structure. In particular,
the coercive field, which reflects the reversal of the hand-
edness of the inverse triangular spin texture through a
mechanism of chiral domain nucleation and propagation
(and is enhanced by the pinning of AF domain walls at
crystallite grain boundaries as discussed above), remains
the same across the thickness series.

In order to compare this thickness dependence of AHE
directly with previous studies, we calculate Hall conduc-
tivity (σxy = ρxy/ρ

2
xx) for the Mn3Sn (404̄3) films of

different thickness, using their simultaneously measured
longitudinal resistivity, as plotted in the right-hand panel
of Supplemental Fig. S3. The Hall conductivity remains
broadly the same across the thickness series, with a small
decrease observed for the 30 nm film, which may reflect
a reduction in crystal structure quality at such low thick-
ness. We extract a typical remnant Hall conductivity of
σxy (µ0H = 0 T) = 21 Ω−1cm−1, which, whilst smaller
than that measured for bulk single crystals in Ref. [8] of
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Supplemental FIG. S4 - Hall resistivity measured at dif-
ferent temperatures as a function of external magnetic
field applied out-of-plane for a 70 nm Mn3Sn (0001) film
patterned into a 75 × 25 μm2 Hall bar. Transverse re-
sistivity was measured along the [1̄100] crystalline axis,
with 500 μA current parallel to the [112̄0] in-plane crys-
tallographic direction (closed and open symbols represent
down and up field sweeps respectively). Inset shows lon-
gitudinal magnetoresistance, parallel to the [011̄0] crystal
direction, measured over the same out-of-plane magnetic

field range at different temperatures.

the Main Text, is larger than the planar Hall effect mea-
sured for epitaxial Mn3Sn films in Main Text Ref. [38],
and is comparable to values measured for polycrystalline
bulk (Ref. [33]) or thin film (Ref. [35]) samples.

Such large measured values of anomalous Hall conduc-
tivity, which persist even at zero magnetic field (thus
reflecting the stability of the chiral domain structure
even with external magnetic field removed), demonstrate
the suitability of these noncollinear AF Mn3Sn films for
topological spintronic applications. Comparison of the
transverse and longitudinal conductivities of our thin
films confirms that they lie in the regime where intrinsic
AHE dominates, comparable to other materials shown
to demonstrate Berry curvature driven topological trans-
port properties.

IV. FURTHER MAGNETOTRANSPORT
PROPERTIES OF Mn3Sn (0001) THIN FILMS

Supplemental Fig. S4 shows further temperature de-
pendent measurements of the Hall effect in Mn3Sn (0001)
films. In this case, we measure transverse resistivity as a
function of magnetic field applied parallel to the c-axis,
for a 75 × 25 μm2 Hall bar fabricated with its long axis
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along the [112̄0] crystallographic direction. In systems
with hexagonal structure, the [112̄0] crystalline axis is
distinct from the [011̄0] direction (as probed in Fig. 3(b)
of the Main Text). However, we see that an almost iden-
tical Hall effect is measured with current flowing along
both crystal directions, with very similar magnitude and
temperature dependence.

This can be explained by considering the azimuthal
XRD φ scans presented in Fig. 1(a) of the Main Text.
We observe a six-fold symmetry of the partially IP Mn3Sn
{202̄1} reflections (as opposed to the expected three-fold
recurrence), suggesting the hexagonal crystal structure
exhibits rotational twinning between basal planes. This
rotational twinning of Mn3Sn will cause magnetotrans-
port to average over crystallographic directions at both
30◦ and 60◦ intervals, thus resulting in an identical Hall
effect along both the 〈011̄0〉 and 〈21̄10〉 crystalline axes.

The inset of Supplemental Fig. S4 shows longitudinal
MR, measured ‖ [011̄0] with external magnetic field ap-
plied ‖ [0001]. We observe an extremely small MR at
300 K, indicating an absence of net magnetization in
these AF thin films. As temperature is decreased to 5 K,
MR increases as Mn3Sn transitions into the glassy ferro-
magnetic (FM) state. This may be the result of increased
scattering of charge carriers from the frustrated magnetic
moments in the spin glass phase.

V. FURTHER MAGNETOTRANSPORT
PROPERTIES OF Mn3Sn (404̄3) THIN FILMS

Supplemental Fig. S5 shows further temperature de-
pendent measurements of the Hall effect in 60 nm Mn3Sn
(404̄3) films. This time, we measure transverse resistiv-
ity ‖ [011̄0], with current applied in a direction partially
perpendicular to consecutive (0001) crystal planes (in a
geometry orthogonal to that probed in Fig. 4 of the Main
Text). However, we observe a very similar magnitude and
temperature dependence of Hall effect in both configura-
tions.

This is to be expected, when we consider the four-
fold symmetry of crystal grains discussed in the Main
Text. A mesoscopic device will consist of multiple crys-
tallites, each of which will have either a 〈011̄0〉 direc-
tion, or the c-axis, parallel to current flow, depending
on which of the four possible cubic axes of the substrate
that grain follows. Thus, for a given device, it is not pos-
sible to distinguish between the IP [011̄0] and partially
IP [0001] directions across multiple grains. Hall resis-
tivity is averaged over all crystallites, thus resulting in
an isotropic Hall effect along both the 〈011̄0〉 and 〈0001〉
crystalline axes. Nevertheless, both measurement config-
urations should yield equally large AHE as predicted in
Ref. [7] of the Main Text.

The coercive field is 1.3 T, close to the reversal field
of the inverse triangular AF order, indicating the sign of
the AHE depends on the chirality of the spin texture.
This coercivity is comparable to that reported elsewhere
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Supplemental FIG. S5 - Hall resistivity measured at dif-
ferent temperatures as a function of external magnetic
field applied out-of-plane, for a 60 nm Mn3Sn (404̄3) film
patterned into a 75 × 25 μm2 Hall bar. Transverse re-
sistivity was measured along the [011̄0] in-plane crystal-
lographic direction, with 500 μA current normal to the
(0001) crystal plane (closed and open symbols represent
down and up field sweeps respectively). Inset shows lon-
gitudinal magnetoresistance, parallel to the [011̄0] crystal
direction, measured over the same out-of-plane magnetic

field range at 300 K.

in the literature for Mn3Sn thin films (for example Refs.
[35-37] of the Main Text), but is higher than that mea-
sured for bulk single crystals. This can be explained by
the structural defects inherent in such thin film samples
pinning AF domain wall motion during the reorientation
process of the inverse triangular spin texture, and thus
indicates the key role played by chiral domains dynamics
in determining the magnetotransport behavior of topo-
logical antiferromagnets.

We also note that, as temperature is decreased between
300 K and 50 K, the square shape of the AHE hysteresis
loop remains unchanged. There is no evidence of a tran-
sition to a helical magnetic phase in these Mn3Sn (404̄3)
films, as expected for samples that are grown with a slight
excess of Mn (see Ref. [28] of the Main Text).

The inset of Supplemental Fig. S5 shows longitudinal
MR ‖ [011̄0]. As discussed in the Main Text, we observe
an extremely small MR at 300 K (<0.02% at 8 T), re-
flecting the tiny uncompensated magnetic moment and
ruling out ferromagnetism as the origin of the large room
temperature AHE observed in these thin films.

Very similar behavior of the Hall effect in Mn3Sn
(404̄3), specifically a large AHE at room temperature
and a transition to THE below 50 K, has been observed
across a selection of films with comparable crystal quality
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Supplemental FIG. S6 - Hall resistivity measured at dif-
ferent temperatures as a function of external magnetic
field applied out-of-plane, for a 30 nm Mn3Sn (404̄3) film
patterned into a 75 × 25 μm2 Hall bar. Transverse resis-
tivity was measured normal to the (0001) crystal plane,
with 500 μA current parallel to the [011̄0] in-plane crys-
tallographic direction (closed and open symbols represent
down and up field sweeps respectively). Inset shows lon-
gitudinal magnetoresistance, parallel to the [011̄0] crystal
direction, measured over the same out-of-plane magnetic

field range at different temperatures.

but different thickness, and grown using an identical tech-
nique but in different ‘batches’. This gives us confidence
that the effects observed are general for this material,
and are reproducible.

Temperature dependent magnetotransport properties
were studied in such samples of different thicknesses af-
ter patterning into Hall bar devices, with the example of
a 30 nm Mn3Sn (404̄3) film presented in Supplemental
Fig. S6. Hall resistivity has a lower magnitude than in
thicker films, as discussed above. In addition, Supple-
mental Fig. S6 shows a steeper linear background in the
high magnetic field region. This is because of the lower
thickness of the Mn3Sn film as compared with the Ru
buffer layer, whose ordinary Hall contribution has not
be subtracted in this case. Nevertheless, the tempera-
ture dependence of the Hall effect is in very good agree-
ment with the other samples in the thickness series. This
demonstrates that, down to 30 nm, there is little thick-
ness dependence in the magnetotransport properties of
Mn3Sn.

The inset of Supplemental Fig. S6 shows longitudinal
MR, measured ‖ [011̄0] with magnetic field applied OP.
Again, we observe a tiny MR at 300 K, reflecting an ab-
sence of net magnetization in these Mn3Sn (404̄3) films
and thus excluding ferromagnetism as the origin of the
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Supplemental FIG. S7 - Hall resistivity measured as a
function of external magnetic field applied out-of-plane,
at 300 K for a 50 nm Mn3Sn (404̄3) film and at 25 K for
a 40 nm Mn3Sn (404̄3) film, patterned into 75 × 25 μm2

Hall bars. Transverse resistivity was measured normal to
the (0001) crystal plane, with 500 μA current parallel to
the [011̄0] in-plane crystallographic direction (closed and
open symbols represent down and up field sweeps respec-
tively). Inset shows optical image of a typical device,
with 75 × 25 μm2 Hall bars fabricated along different
crystalline axes and an example measurement geometry

indicated.

AHE observed at room temperature. As temperature is
decreased to 5 K, MR increases as the material transi-
tions into the glassy FM phase.

A further example is presented in Supplemental
Fig. S7. Here, we measure Hall effect at 300 K in a 50 nm
Mn3Sn (404̄3) film, showing momentum-space Berry cur-
vature driven AHE, and at 25 K in a 40 nm Mn3Sn (404̄3)
film, showing a real-space Berry curvature driven THE.
In the latter case, the sample has been ZFC from 400 K,
after saturation in a 9 T external magnetic field.

The inset of Supplemental Fig. S7 shows an optical
image of a typical patterned Hall bar, with an example
measurement geometry indicated. Devices were fabri-
cated using a combination of electron beam lithography
and Ar ion etching, with sizes ranging from 75 × 25 μm2

down to 3 × 1 μm2. Different sized Hall bars were, in
turn, patterned with their long axis (direction of current
flow) along either the [011̄0] crystallographic axis, or a di-
rection parallel to the IP component of the [0001] c-axis,
as well as at 30◦ intervals in between.

The left-hand panel of Supplemental Fig. S8 shows Hall
effect measured at room temperature for a 30 nm Mn3Sn
(404̄3) film, in 75 × 25 μm2 Hall bars fabricated along
the [011̄0] crystalline axis, as well as at 30◦ and at 60◦
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Supplemental FIG. S8 - Hall resistivity measured at
300 K as a function of external magnetic field applied out-
of-plane, with 500 μA current along the Hall bar long axis
(closed and open symbols represent down and up field
sweeps respectively): Left frame shows Hall effect for a
30 nm Mn3Sn (404̄3) film patterned into 75 × 25 μm2

Hall bars directed along 30◦ intervals to the [011̄0] crys-
talline axis. Right frame shows Hall effect for a 60 nm
Mn3Sn (404̄3) film patterned into Hall bars of different
sizes parallel to the [011̄0] in-plane crystallographic di-

rection.

to this direction. We observe a very similar Hall effect
for current flow along all directions. This can be ex-
plained by the fact that the weak magnetization in the
basal plane of Mn3Sn, caused by the canting of Mn mo-
ments towards the direction joining nearest non-magnetic

neighbor atoms, is free to rotate in response to an exter-
nal magnetic field (as discussed in Ref. [5] of the Main
Text). Therefore, regardless of the measurement geom-
etry, external magnetic field will correspondingly orient
the chirality of the inverse triangular spin texture, re-
sulting in isotropic AHE with respect to the hexagonal
crystal lattice.

Finally, the right-hand panel of Supplemental Fig. S8
shows Hall effect measured at room temperature for a
60 nm Mn3Sn (404̄3) film, in Hall bars of different dimen-
sions fabricated along the [011̄0] crystallographic axis.
Again, an almost identical AHE, of equal magnitude and
with the same coercive field, is observed in devices down
to 3 × 1 μm2 in size. Because we would expect a modifi-
cation of Hall effect upon approach to measurement of a
single domain state, this suggests that the length scale of
chiral domains in Mn3Sn is less than 1 μm, which would
indeed be the case if AF domain dimensions are corre-
lated with the size of crystallite grains in the (404̄3) thin
films.
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4 Conclusion

4.1 Summary

In this thesis, we have studied the physical properties of epitaxial thin films
of the noncollinear AFs Mn3Ir andMn3Sn. These materials are of interest to
the field of AF spintronics, which aims to develop spintronic computational
devices using the AF order parameter (thus delivering the advantages of
low stray magnetic fields and stability against external perturbations). The
particular attractiveness of noncollinear Mn3X AFs stems from their novel
topological properties, arising from the symmetry breaking of their triangular
spin texture, which manifest themselves through, for example, magnetotrans-
port phenomena. Such electrical transport may, therefore, provide the large
and nonvolatile read-out signals needed to realize applications.

The fabrication of such topological spintronic devices requires these non-
collinear AFs to be prepared in thin film form. The results presented in Sec-
tions 2.1 and 3.1 detail the growth of films of Mn3Ir and Mn3Sn respectively.
Thin films were prepared using magnetron sputtering on different single crys-
talline substrates, with deposition conditions and buffer layers optimized in
order to achieve high-quality epitaxial growth and to tune crystallographic
texture. In Section 2.1, consisting of the paper J. M. Taylor et al., “Epitaxial
growth, structural characterization, and exchange bias of noncollinear anti-
ferromagnetic M3Ir thin films”, Phys. Rev. Mater. 3, 074409 (2019), growth
of Mn3Ir films with both (001) and (111) crystal orientation, with thicknesses
ranging from 10 nm down to 3 nm, is reported on MgO (001) or TaN (111)
buffered Al2O3 (0001) substrates respectively. In Section 3.1, comprised of
the paper A. Markou et al., “Noncollinear antiferromagnetic Mn3Sn films”,
Phys. Rev. Mater. 2, 051001(R) (2018), growth of c-axis oriented Mn3Sn
films on Ru (0001) buffered Y:ZrO2 (111) substrates is achieved for the first
time.

In both cases, we characterize the crystallographic properties and epitax-
ial relationships of the thin films by XRD measurements, whilst their thick-
ness is measured using XRR and their roughness determined by AFM. TEM
micrographs indicate the crystal structure of the thin films at the nanoscale.
In Section 2.1, 10 nm Mn3Ir (111) films are found to grow fully relaxed, with
lattice parameters close to bulk values. The Mn3Sn (0001) films discussed in
Section 3.1 contain stacking plane defects after the first few atomic layers,
after which they grow with the basal planes stacked along the OP direction.
In both cases, SAED patterns consist of sharp spots, correlated between film
and substrate, thus demonstrating heteroepitaxial growth of thin films with
single-crystalline quality.
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Finally, bilayer stacks were grown with the noncollinear AFs coupled to
a 5 nm layer of FM permalloy. Exchange interactions between the FM and
AF layers introduce a unidirectional anisotropy to the FM, the EB effect,
thus confirming the AF character of the Mn3X films. The strong inter-
nal anisotropies of Mn3Ir mean that 10 nm films produce stable exchange
anisotropies at room temperature, with exchange bias fields of−29 mT achieved.
In thinner films, the blocking temperature below which EB begins to occur is
suppressed to below room temperature, an effect that was found to depend
on the crystalline orientation of Mn3Ir. Meanwhile, the lower Néel tempera-
ture (TN = 420 K) of Mn3Sn means that it induces exchange anisotropies in
permalloy only at low temperatures.

Following the deposition of high quality thin films of these noncollinear
AFs, this thesis went on to explore in more detail the magnetic and electrical
transport properties of the Mn3Ir and Mn3Sn films in the second halves of
Parts 2 and 3, respectively. Measurement of the magnetic properties of these
thin films using SQUID-VSM proved challenging, primarily due to the small
signal from the films themselves and the large background signal produced
by the substrates. Nevertheless, in Section 3.2, we succeeded in demonstrat-
ing the presence of weak magnetization within the basal plane of Mn3Sn, as
expected due to the canting of moments in its inverse triangular spin struc-
ture towards magnetocrystalline easy axes. This moment is reversible by an
external magnetic field, corresponding to a change in the handedness of the
chiral spin texture.

In order to explore in more detail the magnetism of the Mn3X thin films,
we performed XMCD measurements to probe directly their Mn magnetic
moment. In the case of Mn3Sn, we observed a small uncompensated moment
corresponding to that measured using SQUID-VSM, whose value is quantified
as ms + ml = 0.279 µB/f.u. using the XMCD sum rules. As temperature is
reduced to 5 K, we observe a significant increase in magnetization directed
along the OP direction, in both SQUID-VSM and XMCD, corresponding to
the frustration of Mn moments out of the (0001) basal planes as the film
transitions to a glassy FM state below 50 K.

Mn3Ir (111) films of both 10 nm and 3 nm thicknesses were also measured
by XMCD. In the case of the 10 nm thick film, we measure a paramagnetic
dependence of moment as a function of magnetic field applied OP, attributed
to the forced tilting of Mn spins out of the (111) crystal planes under the
influence of a strong external magnetic field. However, for a 3 nm thick film,
a small remnant XMCD signal at low temperatures shows a hysteretic behav-
ior in weak applied magnetic fields, with a coercivity of approximate 0.3 T
and a remnant moment of 0.02 µB/f.u.. This demonstrates the presence of
a small uncompensated Mn moment in these ultrathin Mn3Ir (111) films.
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TEM studies show that such 3 nm thick films also show significant IP epitax-
ial strain. We therefore suggest that modification of exchange interactions
brought about by this IP strain act to induce uncompensated moment in
ultrathin Mn3Ir (111) films.

This uncompensated Mn moment is reflected in the magnetotransport
properties of the Mn3Ir (111) thin films reported in Section 2.2, composed
of the paper J. M. Taylor et al., “Magnetic and electrical transport signa-
tures of uncompensated moments in epitaxial thin films of the noncollinear
antiferromagnet Mn3Ir”, Appl. Phys. Lett. 115, 062403 (2019). Following
lithographic patterning of Hall bar devices, transverse resistivity was mea-
sured as a function of OP applied magnetic field at different temperatures.
In the case of 3 nm Mn3Ir (111) films, we find a small anomalous-type Hall
effect at low temperatures, accompanied by a negative longitudinal magne-
toresistance, which we can attribute to the weak magnetization present in
these thin films. At higher temperatures, and in the 10 nm Mn3Ir (111) films,
an ordinary Hall effect is observed, i.e. a linear variation in transverse resis-
tivity as a function of external magnetic field. This is as might be expected
for a conventional AF. However, in the case of the Mn3X noncollinear AFs, a
novel anomalous Hall conductivity is predicted to be observed, arising from a
Berry curvature generated effective field. However, this will only arise should
the entire device to be measured demonstrate the same chirality of triangular
spin texture throughout. The presence of chiral domains, each with an op-
posite handedness of AF order, will cause the AHE to cancel across multiple
domains. We therefore postulate that the lack of topologically driven AHE
in our Mn3Ir films is due to the presence of many small AF domains, <20 nm
in size, which cannot be manipulated by external magnetic fields.

On the other hand, thin films of Mn3Sn do exhibit a Berry curvature
driven AHE. In Section 3.2, we succeed in growing both continuous c-axis
oriented Mn3Sn thin films, but also films with a (404̄3) texture. In the latter
case, the [21̄10] magnetic easy axis lies partially OP, with the [011̄0] crystal
direction IP. By passing current parallel to this direction, and measuring
Hall voltage orthogonal to it, in an IP direction perpendicular to the (0001)
basal planes, we measure a large AHE in a conventional Hall geometry with a
coercive field of approximately 1.3 T. Measurements in Mn3Sn (404̄3) films of
different thicknesses reveal a consistently large anomalous Hall conductivity
of around 21 Ω−1 cm−1. Such an AHE is not observed in (0001) oriented films,
where the magnetic field cannot re-orient the uncompensated Mn moment
and thus cannot align the entire inverse triangular spin texture into a single
chiral domain state.
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When cooled to below 50 K, these (0001) oriented films begin to exhibit
a conventional AHE. This corresponds to the net magnetization arising as
the film transitions into the glassy FM state and Mn moments cant sponta-
neously out of the basal planes. In the case of (404̄3) oriented films, where the
measurement geometry is insensitive to this conventional AHE, we instead
observe a significant THE. The THE results from a noncoplanar and non-
collinear spin texture, where nonzero scalar spin chirality leads to electrons
acquiring a real-space Berry curvature. The presence of bumps in transverse
resistivity close to the coercive field of the Mn3Sn (404̄3) films suggests that
this THE arises from chiral domain walls. The symmetric polarity of the
THE signal with respect to magnetic field leads us to conclude that, whilst
the sense of rotations of spins inside the domain wall is reversed for opposite
field sweeps, the moment configuration within the domain wall remains the
same. As reported in J. M. Taylor et al., “Anomalous and topological Hall
effects in epitaxial thin films of the noncollinear antiferromagnet Mn3Sn”,
Phys. Rev. B 101, 094404 (2020), the chirality of the domain wall can be
controlled by setting the handedness of the inverse triangular spin texture
from which it evolves, thus allowing the sign of the resulting THE to be ma-
nipulated by different field cooling routines. This also represents an example
of a memory effect, which may find potential applications in neuromorphic
computing.

4.2 Outlook and future perspectives

Specifically, the THE measured at low temperature ‘remembers’ the spin
texture chirality originally set at room temperature. Furthermore, the mag-
nitude of the THE measured subsequently depends on the previous field-
cooling condition. This weighting of the THE could be used to mimic synap-
tic behavior, potentially allowing Mn3Sn to find a role in devices performing
brain-inspired computing. The efficient implementation of artificial intelli-
gence algorithms on dedicated spintronic hardware is a developing field of
research [2–4], in which noncollinear AFs may play a valuable role.

Other future perspectives for the use of Mn3X in topological spintronic
devices also look promising. In this thesis, we report recipes for the growth
of thin films of Mn3Ir and Mn3Sn, with the high quality crystal structure
necessary to demonstrate correlated transport phenomena. This has been
achieved through magnetron sputtering, an efficient and widely used depo-
sition technique that is compatible with existing industrial fabrication of
microelectronic devices. The growth of thin films of these materials now
opens up the possibility to study device physics using noncollinear AFs.
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Mn3Ir has previously been studied in polycrystalline form as an EB mate-
rial, also used commercially to pin the fixed magnetic electrode in spin valves
and MTJs. This is because it offers a number of advantages, such as high
Néel temperature and insensitivity to slight compositional variations. These
also make Mn3Ir attractive for other real-world spintronic applications. In
our present studies of the crystal structure, magnetic properties, and magne-
totransport, we have demonstrated that, in moving from polycrystalline to
single crystal thin films, strain plays a major role in determining the behavior
of Mn3Ir as thickness is reduced to the ultrathin regime.

Thus by manipulating strain, one may be able to control the magnetic
(and therefore the resulting electrical) properties of Mn3Ir on demand. Using
strain (provided, for example, by piezoelectric substrates), instead of large
external magnetic fields or high switching charge currents, to control mag-
netic elements in an energy efficient way is another area of major focus in
contemporary spintronics [109]. Our results therefore demonstrate a path as
to how Mn3Ir may evolve from being merely a passive element of spintronic
devices, to playing an active role.

The outlook for Mn3Sn in topological AF spintronics is even brighter. As
noted in the introduction to this thesis, most spintronic phenomena necessar-
ily require thin film structures to utilize them. Here we have demonstrated,
for the first time, the growth of thin films of Mn3Sn. Subsequently, we have
proven the possibility to observe Berry curvature driven magnetotransport
properties in such epitaxial films, controllable by external magnetic field and
temperature. Thus, the stage is now set of explore a range of novel physics
in these materials.

The transverse charge currents, spin currents, and spin-polarized charge
currents that can be intrinsically generated by Mn3Sn remain to be fully ex-
plored. Specifically, charge-to-spin conversion by the intrinsic SHE in Mn3Sn
thin films could be utilized as a pure spin current source in ST-FMR measure-
ments (see Section 1.2.6) or SOT switching of FM layers (see Section 1.2.1).
The disentanglement from this of transverse spin-polarized currents gener-
ated by the magnetic SHE can be achieved by measuring their respective
even- and odd-dependencies on noncollinear AF structure chirality (see Sec-
tion 1.2.9). Furthermore, theoretically predicted longitudinal spin-polarized
charge currents remain to be discovered experimentally in Mn3Sn [120].

Exploiting these longitudinal spin-polarized currents, one could now en-
visage a range of thin film spintronic devices that could be fabricated using
our epitaxial Mn3Sn films substituted in place of conventional FMs, bringing
with them all the advantages in performance arising from using a noncollinear
AF with large topological transport signatures (see Section 1.2.7). Examples
include heterostructures to measure GMR, TMR and optical effects.
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To realize such applications, however, will require a more detailed under-
standing of AF domain nucleation and the motion of chiral domain walls in
Mn3Sn; an interesting avenue of future research. In particular, the current-
induced motion of AF domain walls is a necessary first step to achieving com-
plete current-driven switching of Mn3Sn. Theoretical proposals exist of how
spin currents from a FM (in a current-perpendicular-to-plane spin-transfer
torque switching geometry) or a heavy metal layer (in a current-in-plane SOT
switching mechanism) can reverse the chirality of Mn3Sn [52].

Alternatively, the internally generated spin-polarized charge currents in
Mn3Sn might produce a spin accumulation capable of directly switching its
inverse triangular spin texture. We aim to investigate all these possibilities
in future work. Moving beyond manipulation of the handedness of the AF
order using external magnetic field alone, potentially even achieving current-
induced control of the material’s Weyl bandstructure (see Section 1.2.4), will
further open up the possible practical applications of chiralitronics.

Finally, one key advantage of AFs for spintronics is their dynamics, which
lie in the THz frequency range. This potentially allows for picosecond switch-
ing of AF spintronic components, orders of magnitude faster than can be
achieved in FMs. Therefore, the interaction of THz radiation with AF struc-
tures is an exciting direction of future research [49]. We are interested in
utilizing THz radiation to excite AF resonance in our Mn3X films, or poten-
tially using THz pulses to switch chiral spin texture in noncollinear AFs.
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