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1. INTRODUCTION

1.1 Significance of Block Copolymers

Polymeric materials offer a wide range of application relevant properties. Therefore, these
materials find growing applications in various fields of everyday life. Since their ultimate
properties are determined by their chemical microstructures, control of chemical structure
(macromolecular designing) is the first step of creating materials of desired properties profile. In
practice, different properties are simultaneously desirable, e.g. a combination of stiffness and
drawability, or strength and toughness etc. A technological way of achieving these combinations
is the heterogenisation of existing polymers. Polymer blends represent this strategy of designing
polymeric materials [1-3].

Blending may often lead to the deterioration of the mechanical properties due to insufficient
phase adhesion resulting from the incompatibility of the blend components; hence these blends
need compatibilisation. One of the strategy being practiced for about 50 years to get rid of this
problem is to join the desired polymer chains with a primary covalent bond which has given rise
to today’ s fascinating world of block copolymers [2-4].

All block copolymers belong to a broad category of condensed matter sometimes referred
collectively as soft materials, which, in contrast to crystalline solids, are characterised by fluid-
like disorder on the molecular scale and a high degree of order at longer length scales.
Combining the incompatible polymer chains in a single macromolecule leads to intra-molecular
phase separation whereby the problem of inadequate phase adhesion will be eliminated. This, in
turn, leads to the formation of highly ordered self-assembled “crystalline-like” phase separated
structures in melt as well as solid state whose periodicity lies in the range of radius of gyration
(Rg) of the constituent molecules. The nature and size of these structures can be controlled by
various methods including interfacial and architectural modification [4].

The block copolymers find application in diverse fields. as thermoplastic elastomers, pressure
sensitive adhesives, impact modifiers, compatibilisers etc. In solutions, their surfactant properties
are exploited in foams, oil additives, solubilisers, thickeners and dispersion agents. The block
copolymers may have potential applications in medicines, nanotempleting and nanotechnology
[2]. An annua growth rate of 9-10% of thermoplastic elastomers (compared to 2-4% growth rate
of other polymers) in the last 20 years reflects the significance of these materials in polymer
market [5].

Recently, synthesis of several block copolymer architectures including ABC triblock copolymers
has triggered the discovery of novel morphologies and opened new potential of controlling
mechanical properties [2]. Especially, the block copolymers with complex molecular

characteristics are being paid special attention.



1.2 Aims and Overview of Thesis

Styrene/butadiene block copolymers find applications as thermoplastic elastomers, moulding
products, toughness modifiers and films. They are, generally, not used commercially as pure
materials but compounded with other polymers, fillers etc. to achieve the particular requirements
for each end-use. In many applications, mechanical properties are of prime interest. In spite of a
detailed knowledge of phase behaviour of simple linear block copolymers, correlation between
their morphology, mechanical properties and micromechanical mechanisms, very important for
technical applications, is not well understood. Hence, it is of prime importance from materials
scientific stand point that this correlation is intensively investigated.

The primary goa of this work is to investigate experimentally correlations between phase
behaviour, morphology and micromechanical deformation behaviour of block copolymers (and
blends) as a function of their molecular architecture.

The work is limited to amorphous styrene/butadiene block copolymers in a narrow composition
range (F syrene ~ 0.70) with an special emphasis on few selected asymmetric architectures.
Detailed discussion of morphology development in a wide composition range and their synthetic
and rheological aspects are outside the scope of this thesis. The thesis has been organised in the
following way:

A short review of thermodynamics, morphology and deformation behaviour of amorphous block
copolymers is given in chapter 2. Chapter 3 deals with experimental techniques and genera
methods of synthesising block copolymers of the types used in this study. Experimenta results
are discussed in chapters 4, 5 and 6. A brief summary of the research works and future
perspective are given in chapter 7.

First, influence of block copolymer architecture on microphase morphology and ultimate
mechanical properties of styrene/butadiene block copolymers, which is the main issue of this
work, is discussed in chapter 4. For this purpose, phase behaviour, morphology, mechanical
properties and micromechanical deformation mechanisms of linear and star shaped block
copolymers having different interfacial structures are comparatively analysed.

Styrene/butadiene block copolymers are often used in combination with polystyrene
homopolymer (hPS) which find applications in injection moulded parts, food packaging films
and beakers for soft and warm drinks. In such applications, a balance between transparency and
toughness lies in the centre of interest. Hence, another objective is to study the morphology and
micromechanical as well as mechanical behaviour of binary star block copolymer/hPS blends in
chapter 5.



Finally, binary block copolymer blends offer new possibilities of tailoring mechanical properties.
Despite a few works on phase behaviour and morphology of block copolymer blends, no
systematic works about their mechanical behaviour are reported. Structure-property correlations
of binary block copolymer blends (star block and triblock) shall be discussed in chapter 6

especialy using several concepts of elastic-plastic fracture mechanics.

1.3 Sample Preparation and Investigation Methods

Block copolymers samples synthesised via living anionic polymerisation and provided by the
BASF were prepared by different methods. solution casting, extrusion, injection and
compression moulding. Polystyrene homopolymers used to blend with selected block
copolymers were synthesised by radical polymerisation.

Electron microscopy (TEM, SEM and HVEM) and scanning force microscopy (SFM) were used
as principal experimental tools. Mechanical properties are characterised by tensile and impact
testing. Dynamic mechanical analysis (DMA) and differential scanning calorimetry (DSC) were
employed to determine the glass transition temperature and gain insight into the phase behaviour
of the materials. Samples were prepared by solution casting and common processing techniques

(injection moulding, press moulding and extrusion).



2. STRUCTURE-PROPERTY-CORRELATIONS OF BLOCK COPOLYMERS

2.1 Microphase Separation and Morphology

If two polymers are mixed, the most frequent result is a system that exhibits a complete phase
separation due to the repulsive interaction between the components (i.e. the chemica
incompatibility between the polymers) [6-8]. Complete miscibility in a mixture of two polymers
requires that the following conditions be fulfilled.

DG, =DH - TDS, <0 i.e, DG, =-ve, (2.1)
where DG, DHy,, and DS, stand for Gibb's free energy, enthalpy and entropy of mixing at
temperature T, respectively. Generaly, DH,, and TDS,, are both positive for polymer pairs. The
value of TDSy, is always positive since there is an increase in the entropy on mixing. Therefore
the sign of DGy, dways depends on the value of the enthalpy of mixing DHy,. Surprisingly the
heat of mixing is usually positive which does not favour mixing. Hence, the polymer pairs mix to
form a single phase only if the entropic contribution to free energy exceeds enthalpic
contribution, i.e.,

DH,_ <TDS, (2.2)
The lattice theory for the enthalpy of mixing in polymer solutions, developed by Flory and
Huggins, can be formally applied to polymer mixtures, which provides a rough estimation of the
miscibility of the polymers. The entropy and enthalpy of mixing of two polymers are given by
[7,8]:
DS, :-k[nl INF, +n, InF2] (2.3
DH , =kTc,,NF .F, (2.9
wheref ; is the volume fraction of the polymer i and N = n; + ny is the total number of polymer
molecules in the mixture. ¢ is caled Flory-Huggin’'s interaction parameter. Hence, enthalpic and
entropic contribution to free energy of mixing can be parameterised in terms of Flory-Huggins
segmental interaction parameter ¢ and the degree of polymerisation N, respectively.
The fundamenta thermodynamics of phase separation in polymer blends is applicable to block
copolymers as well. The phase behaviour of a bulk two-component block copolymer AB is
determined by three experimentally controllable factors [2,4,9-11]:
i. the overall degree of polymerisation N,
il. architectural constrains (diblock, triblock, star block etc.) and composition f
(overal volume fraction of component A),

iil. the A-B segment-segment interaction parameter ¢



The first two factors are regulated through the polymerisation stoichiometry and affect the
trandational and configurational entropy, while the magnitude of (the largely enthalpic) ¢ is
determined by selection of A-B monomer pairs, and has a temperature dependence given by:

a
C:_+b 25
T 29

where a and b are constant depending on composition and architectural constrains of the block
copolymer.

At equilibrium, the block copolymer chains assume the lowest free energy configuration.
Increasing the energy parameter ¢ ( i.e., lowering the temperature) favours a reduction in A-B
monomer contacts. If the value of N is sufficiently large, it is accomplished with some loss of
trandational and configurational entropy by local compositional ordering [2]. Such local
segregation is referred to as microphase separation in the block copolymer. Alternatively, if ¢ or
N is decreased enough, the entropic factor will dominate, leading to a compositionally disordered
phase. Since the entropic and enthalpic contribution to free energy density scale respectively as
N~ and c, it is the product cN that dictates the block copolymer phase state, and it is called the
reduced interaction parameter or lumped interaction parameter [9-11]. When the value of this
parameter exceeds a certain value specific for the system under consideration, the microphase-
separated structures evolve below which the system is in the disordered state. This phenomenon
is called microphase separation transition (MST) or order-disorder transition (ODT) [9]. For a
symmetric diblock copolymer (i.e., composition f = 0.5) the transition occurs when cN » 10.5
[10-14]. At sufficiently large values of cN, different ordered structures are formed in the melt as
well as in the solid state. These structures, aso termed as microphase separated structures
(MSS), are best represented in the form of phase diagrams (Appendix 2.1) which are generally
constructed by plotting the lumped parameter (cN) as a function of composition. Two limiting
regimes have been postulated in the block copolymer phase diagrams, as illustrated in figure 2.1.
For cN<<1, a copolymer melt is disordered and the A-B interaction is sufficiently low that the
individual chains assume unperturbed Gaussian statistics. The composition profile is amost

sinusoidal (fig 2.1a), and the domain periodicity L scalesas[11]:

Ly Ry paNY?, (2.6)
where a is the characteristic segment length; Ry and N stand for gyration radius of copolymer
molecule and polymerisation index, respectively.

This regime is called weak segregation limit and the copolymers showing this behaviour are
characterised by a widened interface due to enhanced phase mixing. Approaching this regime,
thermotropic order-order transitions are predicted. A thermoreversible morphology transition at

the upper portion of the phase diagrams is allowed.
-5-



As the value of cN is greater than 10, nearly pure A and B domains are formed. The chain
conformation is, in this case, no longer Gaussian one but rather perturbed (stretched chain
conformation). This regime is termed as strong segregation limit". The interface between the
congtituent microdomains in strongly segregated systems is quite narrow (in the order of about 1
nm) with the monomer composition profile resembling a sharp step (fig 2.1b). In this regime the
thermotropic order-order transitions (OOT) are not expected. The boundaries delineating the
different microphases are expected to be vertical. The interaction energy associated with the A-B
contacts is localised in the interfacial regions; the system would like to minimise the total area of
such an interface by decreasing the energetically unfavourable contacts, but must do so under the
constraint of incompressibility and entropic penalty of extended chain conformations. These
opposing forces lead to perturbed chain configurations, and the periodicity L can be scaled as
[11,14]:

Ly Ry paN?3c® (2.7)

A

k ti
f A~ ) weak segregation
N N~

I qu* 1

j ﬁ ﬁ | strong segregation
(Y A S B G

b)

—h

>r
Figure 2.1: Comparison of the one-dimensional composition profiles characterising a) WSL and b) SSL [14].

A wide variety of microstructure develops in block copolymer systems upon microphase
separation (MS). The process of MS is a result of two competing effects. Firstly, dissimilar
blocks prefer to segregate due to their inherent chemical incompatibility. The spatial extent of
phase separation is, however, limited by the connectivity of the blocks imposed by the
architecture of the molecules. As a compromise of both the effects, periodic microstructures
evolve. The geometry of the microphase separated structure is, therefore, very sensitive to the
chemical nature and molecular structure of the copolymer as well asits total composition. Unlike
microphase separated block copolymers, the domain diameter in phase separated polymer blends
are typically several hundred nanometers, and the morphology is independent of detailed features

of the molecules [6].

" Intermediate segregation regime (ISR) has also been reported in various block copolymers for 10.5 < ¢N < 29,
where the domain periodicity scalesasL u N>®e.g., for SB diblock, C. M. Papadakis, K. Almdal, K. Mortensen, D.
Posselt: Identification of ISR in diblock copolymer systems, Europhys. Lett. 36, 289-294, (1996).

-6-
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&R/\Dj} P Ve e Ve

(a) (b)

Figure 2.2: Schematics of chain conformation at the microphase-separated state; a) stable flat interface from a
compositionally symmetric AB block copolymer i.e. F o = F g, b) an unstable flat interfacein the case F o >> F g and
c¢) astable curved interfacein the case of F o >>F g [11].

One of the most important factors determining the phase morphology in block copolymer is their
composition. It is easily understood that the shape of the polymer/polymer interface varies with
the relative chain length of the component polymer. A compositionally symmetric AB diblock
copolymer (i.e., when volume fractions of both the components are the same) forms a flat
interface as shown in figure 2.2 (a). As the volume fraction of a component continues to increase
(say of A) relative to that of the other (i.e., as the copolymer becomes compositionaly
asymmetric) it is more likely that a curved interface is formed because the A chains must stretch
sufficiently (fig 2.2b) to allow the formation of a planer interface. In this case the conformational
entropy loss of the major component (here A) is too high. Therefore, the A chains tend to expand
along the direction paralel to the interface to gain the conformational entropy under the
condition that segment densities of both of the block chains have to be kept constant and must be
the same as that of the bulk densities of the homopolymers. As a consequence the interface
becomes convex towards the minor component (fig 2.2c). This effect of interface curvature
becomes more and more pronounced as the composition of the block copolymer becomes further
asymmetric. The morphological variations with composition observed in a two-component block

copolymer are shown in fig 2.3 [15].

15— 35%

Figure 2.3: TEM images showing classical morphology of the block copolymers exemplified by that observed in an
Sl-diblock copolymer (A = PS and B = PI, the TEM images are from ref. [15].

-7-



The most asymmetric block copolymer possesses spherical morphology comprising body centred
cubic (bcc) spheres of the minor component dispersed in the matrix of the major component. As
the volume fraction of the minor component increases cylindrica morphology (hexagonal
packed cylinders hpc of minor component in the matrix of major component) evolves.

Symmetric block copolymer exhibit a lamellar morphology consisting of aternating layers of the
components. With increasing volume fraction of the component A the morphology appears in
reversed order (i.e. hexagonal B cylindersin A matrix and A spheresin A matrix) [11,14]. In the
strong segregation limit, the following sequence of phases is observed for PS/PI diblocks:
fps<0.17, bcc; 0.17< fps <0.28, hex; 0.28< fps <0.34, gyroid; 0.34< fps <0.62, lam; 0.62< fps
<0.66, gyroid; 0.66< fps <0.77, hex; and 0.77< fps, bcc [14].

The morphologies discussed above and illustrated in fig 2.3 are classica ones and are
experimentally verified by different workers in several styrene/diene systems [16,17]. Recently,
new non-classical bicontinuous morphologies have been found in Sl diblock and star block
copolymers and called ordered bicontinuous double diamond (OBDD) or ‘gyroid’ morphologies
[18,19]. Hexagonal perforated layer structures (HPL), hexagonal modulated lamellar (HML)
structures have been studied in various block copolymer systems both experimentally and
theoretically (discussed by Hamley in [2]). Recent experimental results suggest that HML phase
may be a transient, and the HPL a long-lived metastable phase. In contrast, gyroid morphology
has been identified as one of the stable phases which consists of interpenetrating tetragonal
network of the minor phase dispersed in three dimensionaly continuous major phase matrix
[18,19].

A number of unconventional morphologies were observed by Mogi et al. [20,21,22] and
Hashimoto et a. [23] as well as Stadler and co-workers [24-26] and in ABC triblock copolymers
which have opened new potential for controlling properties of these nanostructured materials. A
few of these morphologies are cited in fig 2.4. Existence of a richer variety of morphology in
ABC triblock copolymers is attributable to the presence of more interaction parameters (Cas,
Cac, Cac), and the morphological features are often complicated imposing difficulties in physical
interpretation [2,20-26]. These studies show that entirely different structures are formed in ABC
triblock copolymers depending on the relative composition and interaction between the
constituents. More complex morphologies have been recently predicted in three-component

multi-block copolymers by Drolet and Fredrickson [27] and Bohbot-Raviv and Wang [28] using self
consstent field (SCF) caculations which are yet to be experimentaly confirmed. A few of these
morphologies are indexed in Appendix 2.2.



2.2 Morphology Control via Architectural Modification

Development of living polymerisation techniques have enabled the chemists to design block
copolymer molecules of well defined architectures. The block copolymer chains may range from
simple two-component linear molecules to the multi-component radial and branched chains (star,
miktoarm star, graft etc.). Most frequently studied important block copolymer architectures are
schematically illustrated in figure 2.5. Various block copolymer architectures are dealt with in
detail in recent monographs and reviews [2,29]. Architectural modification (modification of
interface, chain topology, block symmetry etc.) may lead to a significant deviation in
morphology and physical properties of the block copolymers. The strategies mainly adopted are

briefly reviewed in the following paragraphs with special reference to two-component systems.

cl d) c)

J——

Figure 2.4: Scheme showing few newly discovered morphologies in three-component ABC triblock copolymers; a)
tetragonal cylinder b) OTDD structure c) three-phase four-layer structure d) spheres between the lamellae and d)
knitting pattern morphology; a-c are from Mogi et al. [20-22] and d-e are from Stadler et al. [25,26].

2.2.1 Variation of Chain Topology

This route consists of combining the block chains into different topologies: linear (diblock,
triblock, multiblock), radial (simple star, miktoarm star), graft copolymers etc [2]. Hadjichristidis
and co-workers have synthesised a wide range of graft block copolymers, and studied their
morphology formation and physical properties. Their works have been documented in recent
articles and reviews [29-33]. A pronounced shift in phase behaviour of graft block copolymers
with respect to corresponding diblock copolymers was observed. For example, lamellar
morphology was observed in a PS/PI/PB miktoarm star block copolymer in a composition range
in which a cylindrical morphology would be expected for a diblock copolymer having equivalent
composition [30]. The discrepancy in phase behaviour has been explained on the basis of
packing frustration. Since both the elastomeric chains emanate from a common junction point in
this particular star block copolymer, the chains tend to avoid chain stretching (and achieve

maximum possible entropy) by relaxing and forming a curved interface [30-32]. Experimental
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observation of ‘Mesh and strut’ structures by Hashimoto et al. [34], lamellae like structures (not
exactly lamellae) by Y amaoka and Kimura [35] and of bicontinuous structures (later identified as
Gyroid [18,19], in a composition range for cylindrical morphology in a linear block copolymer)
by Thomas and co-workers in different star block copolymers are additional evidences

illustrating the influence of block copolymer chain topology on their phase behaviour.

AB diblock ABA triblock ABC tribleck ABCT mictoarm

(pc\,?
P‘z\ﬁ"a\

(4B, star block  (ABA )y star

(4B, mult block tapered block
Figure 2.5: Block copolymers of various molecular architectures (A denotes the glassy block).

With the development of new synthetic methods, experimental studies on more complex
architectures began to emerge, which, in turn, inspired new theoretical studies of the effect of
molecular architecture on morphological behaviour. Milner calculated phase diagrams of
asymmetric miktoarm star block copolymers and demonstrated that stability windows for a
particular morphology is dramatically shifted as a function of block copolymer architecture [36].
According to Milner's theory, for example, lamellar morphology would be expected for a
styrene/diene miktoarm star (A2B type) having styrene content as high as 81 vol %, for which
composition bcc spheres are expected in a diblock analogue. Particularly, the influence of
asymmetry was analysed taking into consideration the molecular asymmetry parameter e which
congtitutes both molecular architecture and conformational asymmetry. The theory has
successfully predicted the phase behaviour of miktoarm star block copolymers and graft block
copolymers.

The situation of morphology formation in an A>B type miktoarm star block copolymer is
schematically illustrated in fig 2.6 [30,32]. For a compositionally symmetric AB diblock (here
named as (2A)B diblock), aflat interface is expected. If atrifunctional branching point (fig 2.6b)

exists for A,B miktoarm star block copolymer, the A chains have to highly stretch perpendicular
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to the interface in order to maintain the domain spacing constant. However, it is
thermodynamically unfavourable, and the higher stretching of the two A arms can be partially
aleviated by allowing the interface to curve away from them (fig 2.6¢). Thus, multiple arms of
block type A at asingle junction result in an enhanced preference for these arms to remain on the
convex side of the interface. This preference causes the shifts of order-order transition (OOT)
lines towards higher B block volume fractions in morphology diagrams. The effect becomes
more pronounced for a graft block copolymer (fig 2.6d).

Previoudly phase diagrams of asymmetric ABA triblock copolymers and star block copolymers
was calculated by Dobrynin and Erukhimovich [37]. These authors have shown the shift of phase
boundaries with respect to the number of arms and symmetry of the arms of star block
copolymers. Recent studies of Floudas [38] and Matsen and Schick [39] dealt aso with phase
diagrams of star block copolymers. Most recently, Morozov and Fraaije [40] have analysed the
phase diagrams of the block copolymer melts with arbitrary architectures using the highly
branched tree-like structures (dendrimers). Topology of the molecules was shown to
considerably affect the spinodal temperature and asymmetry of the phase diagrams, but not their
type and order.
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2.6: Schematic of A-B junction points on an interface for a) (2A)B linear diblock copolymers, b) A,B block
copolymers with a trifunctional branch point at a flat interface, c¢) A,B single graft block copolymer with a
trifunctional branch point at a curved interface and d) A,B block copolymers with approximation of equal spacing
between the grafted A blocks. The curvature of the interface represents the shifts of the OOT lines towards higher B
volume fractions on the morphology diagrams[30,32].

It should be mentioned that star block copolymers are earning special academic and technical
interests due to their preferred rheological and mechanical properties [41-48]. Recently, Kennedy
and co-workers have explored the synthesis of star block thermoplastic elastomers using living
cationic polymerisation [45-48]. This group has intensively investigated the mechanical and
rheological behaviour of linear and star block copolymers and shown that star copolymers

possesses enhanced properties than their linear counterparts [44].
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2.2.2 Asymmetric Block Structure

a t=05 b)t =025
24 22

Figure 2. 7: Landau mean field phase diagram for an asymmetric ABA triblock copolymer with @) t = 0.5and b)
t =0.25[49,51].

A1BA; type copolymers having asymmetric block structure (where A and B are glassy and
rubbery blocks respectively; and Mai/Maz2 * 1) are of special technical importance. Highly
asymmetric A1BA, block copolymers may combine the deformability of the shorter glassy end
blocks with strength of longer ones [42,52,53]. Asymmetry in block lengths is demonstrated to
cause a significant morphological deviation both experimentally [31-33,41] and theoreticaly
[36,37,39,49-51]. In ref. [37], it has been demonstrated that regions of phase stability in graft
copolymers, asymmetric triblocks, linear multiblocks and poygraft copolymers are shifted with
respect to diblock copolymer phase diagram. Mayes and Olvera de la Cruz [49,50] have
extended Leibler’s theory to asymmetric triblocks and (AB), star block copolymer melts and
generalised the influence of asymmetry as a reason for asymmetric phase diagram. They showed
that the phase diagrams of ABA triblock copolymers (compositionally symmetric or asymmetric)
are highly asymmetric. The composition (fc), at which the continuous transition from disordered
to lamellar phase occurs, was found to shift as a function of symmetry parameter. The points of
continuous transition are also shifted in star block copolymers depending on the number of arms.
Unlike in AB diblock copolymer, where a direct transition from disordered to lamellar phase
occurs a f = 0.5, atransition from the disordered to hex and then to lam phase was predicted for
a symmetric ABA triblock copolymer at this composition (asymmetric parameter, t = Na1/Na1 +

Na2 = 0.5). For a symmetric ABA triblock copolymer at cN = 19 (t = 0.50), where the melt is
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disordered at f = 0.40 while it is predicted to have a hex phase at f = 0.60 (fig 2.7a). Meanwhile,
for an asymmetric triblock copolymer, broad zones of bcc and hex stability are predicted (e.g.,
t =0.25, fig 2.7b).

The asymmetry of phase diagrams in an ABA triblock copolymer melts can be explained as
follows: a fa = 0.40 (and fg = 0.60), it is entropically more difficult to confine two A blocks
into domains than a single B block, i.e., as the matrix component, the central B blocks must
deform to accommodate the outer A blocks into A domains. Hence, the melt tends to be
disordered. This problem is more notable for multiple arm stars with a core of connected B
blocks. This causes the f; points to shift towards higher A volume fraction in (AB), stars.
Recently, Matsen has examined the phase behaviour of asymmetric ABA triblock copolymer
melt using self consistent field theory (SCFT) and pointed out that shift in phase transition lines
results from their different segment distribution compared with that of symmetric triblocks as
illustrated in fig 2.8 [54]. As the value of t deviates from 0.5 ( a AB diblock case), the A
segment distribution moves away from the interface without stretching the A chains, and this
causes an increase in domain spacing (fig 2.8b). Hence, the stretching energy in A domains is
decreased. Further, the spontaneous curvature changes, since transferring some of the B domain
stretching to the softer A domain by curving the interface away from B domains lowers the
overal energy. This change in spontaneous curvatures shifts the OOTs toward larger fa as t

decreases from 0.5, i.e., when the outer blocks become more asymmetric.
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Figure 2.8: Schematic diagram showing three triblock configurations all with equal degrees of chain stretching. A
and B chains are represented by dotted and solid lines, respectively. @) symmetric triblock having its segments
closest to the interface, b) asymmetric triblock with its segments away from the interface and c) asymmetric triblock
having its shorter A block extracted from the A domains [54].

At sufficiently large asymmetry, the A chains begin to pull out of their domains. Although
unfavourable interactions occur when A blocks leave A domains, it is more than compensated
for by the fact that its B domains can relax. Figs 2.8b and 2.8c demonstrate how the extraction of
A blocks alows the B segments shift away from the interface without further stretching of the

molecule. The Extraction of short A blocks has a significant influence on the domain spacing of
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the ordered morphologies. Generally, the domain periodicity is larger in asymmetric block
copolymers than in equivalent symmetric triblocks and diblocks.

Furthermore, role of dispersity (e.g., polydispersity or even bidispersity as explained above) on
the morphology formation was studied by Gerberding et al. using SBS triblock copolymers of
variable molecular weight distribution of styrene and butadiene blocks [55]. At a wide PS block
molecular weight distribution, the bulk morphology was shifted to lower total volume fraction of
polystyrene. Likewise, the morphology was shifted to lower PB content when the butadiene

centre block possessed a wide molecular weight distribution.

2.2.3 Interfacial Modification

Introduction of atapered or statistical chain between the incompatible blocks may further modify
the block copolymer phase behaviour as demonstrated by several experimental [56-63] and afew
analytical studies [64,65]. These studies have, in general, shown that presence of a tapered or
statistical chain between the incompatible blocks results in a broadened interface due to
enhanced mixing at the interface. In a systematic study, Gronski and co-workers [56,57]
measured the thickness of interface in a series of styrene/diene copolymers as a function of
length of tapered chain, and observed a broadened interfacial width (extended interface) with
increasing length of the tapered chain. They have observed even three different phases in a two-
component block copolymer system. Further interfacial modification in styrene/isoprene diblock
copolymers was shown to change the interfacial tension (or the effective interaction parameter)
and influence strongly the domain dimensions.

Zielinski and Spontak have modelled the equilibrium thermodynamics of A(A/B)B block
copolymers (statistical or tapered middle block) by employing the confined chain statistics [64].
Their moddl treats such systems as three component ABC block copolymers. In tapered block
copolymers (fixed composition and molecular weight), the interfacial volume increased and
domain periodicity decreased as the volume fraction of tapered block was increased. Both of
these functional relationships suggests that a composition gradient imposed across the middie
A/B block enhances the interfacial mixing. These predictions are in agreement with the findings
of Gronski and co-workers [56,57].

However, microstructural characteristics of a series of compositionally symmetric tapered
styrene/isoprene triblock copolymers investigated using TEM and SANS by Sameth et al.
showed no dependence of domain periodicity with wt fraction of middle tapered block [58].
Their study indicated, nevertheless, morphological deviations in A(A/B)B block copolymers
having middle statistical or tapered block.

Recently, Knoll [52], Asal [61], Moctezuma and co-workers [60] have studied the influence of

modified interface on the phase behaviour and mechanical properties of block copolymers. These
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and similar studies [66] have indicated that the tapered transition may cause a significant
increase in the effective volume fraction of the rubbery component and an improvement of
ductility of the copolymers. In such block copolymers, the free energy component of the
interface is sufficiently increased, and the system is driven towards order-disorder transition
(ODT). Some block copolymer architectures having extended interface are schematicaly
outlined in fig 2.9.
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Figure 2.9: Block copolymers having broadened interface, a) inverse and b) normal tapered block copolymers [63]
¢) normal tapered triblock and d) triblock with a random A/B block [66]; white and black blocks represent glassy
and rubbery chains, respectively.

Styrene/diene tapered block copolymers are intensively studied by Hashimoto and co-workers
[67]. THF was used as randomiser during the simultaneous copolymerization of styrene and
diene using s-BuLi and benzene as initiator and solvent, respectively. They observed a rod-like
morphology instead of lamellae in nearly symmetric copolymers. They have pointed out two
phenomena that may be responsible for a shift in structural and thermomechanical properties of
the block copolymers: domain boundary mixing (broadening of interface) and mixing in domain
(incorporation of unlike segments into a particular domain).

Worm-like structures are observed by Knoll and Nief3ner in a highly asymmetric tapered SBS
star block copolymer [52]. More recently, Hadjichristidis and co-workers [63] have studied the
phase behaviour of normal and inverse tapered block copolymers, and demonstrated that inverse
tapered sequences lead to higher compatibility (wider interfacial width) than the normal ones.
Further, the spinodal lines are shifted towards higher values of cN, which is in consistence with
the theoretical predictions of Aksimentiev and Holyst [65]. The latter authors have calculated the
phase diagram of a gradient block copolymer melt using Landau-Ginzburg model, and predicted
the stability of bcc, hex, gyroid and lam phases, similar to that of a diblock copolymer melt.
However, the direct transition from disordered melt to lamellar phase was observed at cN =
11.906, in contrast to a value of 10.495 in a diblock copolymer. It has been mentioned that the
ordering is caused at a larger characteristic length than in the diblock copolymer melt due to
diffuse boundary between the blocks A and B.



Block copolymers possessing one or more of the variables discussed above (i.e. complex
topology, asymmetric end blocks and broad interface) are expected to exhibit a complex phase
behaviour which may have an important consequence on morphology formation, mechanical

properties and deformation behaviour.

2.3 Blends Containing Block Copolymers

2.3.1 Block Copolymer/Homopolymer Blends

Block copolymers are often used in combination with other polymers or additives [52,62,68-70].
One of the important ways of morphology control in these materials is given by blending with
homopolymers. A two component block copolymer may be blended with homopolymers which
are identical with block copolymer’s constituent blocks or with homopolymers which are
chemically different from that of the constituent homopolymers. Of particular industrial interests
are the binary blends of styrene/butadiene block copolymers with polystyrene [52,68].

The length of the homopolymer chain compared to that of block copolymer primarily governs
the phase behaviour of a binary blend of a block copolymer and a homopolymer. There is
interplay between microphase and macrophase separation; and which effect predominates
depends on the composition of the mixture [2,11,71-76]. Hashimoto et a. have explored the
phase behaviour of binary blends consisting of styrene/diene copolymers and homopolymers by
varying the molecular weight of homopolymer, composition of the blends, block copolymer
architecture (AB diblock or ABA triblock) and by using homopolymers having different
interaction with the block copolymer [71-76].

For styrenic block copolymer/homopolystyrene mixtures, three regimes have been identified
depending on the degree of polymerisation of the homopolystyrene (Nnps) and that of the same
component of the block copolymer (Nps-biock)-

a.  If Npps < Npshiock, the hPS molecules tend to be selectively solubilized in the PS domain
of the microphase-separated copolymer, and is weakly segregated towards the domain
centre leading to an increase in interfacial area per block and causing a swelling of the
polystyrene block. This, in turn, can lead to a change in morphology (illustrated later in
fig 2.11). This regime has been termed as ‘wet brush’ regime because the copolymer
chains in the weak segregation regime can be considered to be polymeric brushes, and in
this case they are ‘wetted’ by the penetration of homopolymer chains.

b. If Npps » Npspock , the hPS is still selectively solubilized in the PS domains of the
microphase separated block copolymer. The hPS molecules tend to be localised in the

middle of the PS domains. Hence, the interfacial areais not significantly affected, and the
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conformations of another component chains are not significantly perturbed. In this ‘dry
brush’ regime, PS block chains are not significantly swelled.

C. If Nnps > Npsuiock, macrophase separation takes place leading to the formation of hPS
particles in the microphase-separated copolymer matrix or vice versa. Which component

forms the matrix depends on the mixture composition.
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Figure 2.10: a) Average interdomain distance L/L, and b) average distance between the chemical junction a/a,
points alonmg the interface relative to that of pure Pl diblock copolymer measured by SAXS with d, = 26.7 nm and
8, = 2 nmin the regime Ma_pjock > Mha [72].

Comprehensive studies on the phase behaviour of binary block copolymer/homopolymer blends
was made by Hashimoto et a. [71-76] and Winey et a. [77,78]. Domain spacing and interfacial
area per block were investigated in binary PS-Pl block copolymer/PS blends using SAXS by
Hashimoto and co-workers [72]. For a £ 1 (where a is the ratio Nnps/Npspiock), the domain
gpacing (L) and average distance between the junction points (a) were found to increase with
increasing homopolymer concentration in the blends (fig 2.10). This suggests that the
homopolymer chains have swelled the PS block domains. Furthermore, the magnitude of L
increased with increasing a at given blend composition indicating the tendency of segregation of
homopolymer chains towards the domain centre with increasing a.

Transitions from the lamellar phase of a neat PS-PI diblock copolymer to cylindrical and then to
spherical structures were observed by Hashimoto [71,76] on addition of hPS. These
morphological changes have been explained on the basis of changes in interfacial curvature and
packing density asillustrated in fig 2.11. Addition of hPS chains causes the swelling of block PS
chains of the copolymer leaving the PI blocks unswollen. This leads to a difference in segmental
density in PS and Pl phase. In order to retain normal liquid-like densities, the PS block must
stretch and/or Pl block must contract (fig 2.11b). However, an aternative is to curve the

interface placing PS on its convex side (fig 2.11c). The latter situation predominates when the
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conformational entropy loss due to chain stretching is overweighed by the interfacial curvature
penalty.

Based on a series of experimental results on blends of styrene/diene diblock copolymers and
hPS, Winey et al. have constructed a phase diagram at constant copolymer composition (about
50 vol %) by varying blend composition and a which show the region of existence of different
phases which nearly correspond to that observed in pure block copolymers at corresponding
overall composition. At larger value of a, homopolymer chains are completely expelled out of

corresponding block domains which form a separate macrophase as shown by different studies

[77,78] .
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Figure 2.11: Schematic illustration of chain packing: a) pure Sl diblock copolymer chain with symmetrical volume
fraction forming a flat interface, b) swelling of PS lamellae by uniform solubilization of hPS molecules causes
stretching of PS-block chains and/or compression of Pl-block chains resulting in a decrease in conformational
entropy, c) alternatively a curved interface is formed to gain entropy [76].

Effect of copolymer architecture (star and triblock) on miscibility and mechanical properties of
styrene/butadiene block copolymer/hPS was recently studied by Feng et a. [79-81]. These
authors have suggested that there is a molecular weight range of hPS for which the mechanica
properties are enhanced. Depending on the Myps, added hPS was found to exist both in PS and
PB phases. The influence of block copolymer architecture on the miscibility of the blends was,
however, not found.

In addition to classica phases, complex phases have been identified in block
copolymer/homopolymer blends too [34,42,82]. Winey et a. [82] observed OBDD phase (later
reassigned as ‘gyroid’ phase) in PS-PI diblock/hPS blends at a overall composition range F ps =
0.64-0.67 which is approximately same as the composition range in which this phase was
observed in a pure PS-PI diblock copolymer (F ps = 0.62-0.66) [17]. Hashimoto and co-workers
[34] observed ‘mesh and strut’ structures in a styrene/butadiene star block copolymer/hPS blend.
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These structures and ‘catenoid lamellar structures reported by Disko et al. [83] resembled the
HPL structures observed in diblock copolymer melts[17].

Low molecular weight hPS, though most soluble in the corresponding block domains of the
block copolymers, is generally not desirable for technical applications. This, of course, may
reduce the cost but also deteriorates the mechanica properties. Due to lack of stable
entanglements, the products don’t possess optimum strength level. Therefore, hPS with quite
higher molecular weights (~ 100 kg/mole) is used. The molecular weight of hPS and PS block of
the copolymer should be optimized since hPS tends to macrophase segregate when Npps
approaches Nps piock, @S0 undesirable because it may lead to loss in transparency.

Recently, Yamaoka has studied the morphology and toughness behavior of the blends of K-
Resin 05 and a PS-co-PMMA (MS) using compression molded samples. His results show a
macrophase separation of MS in K-Resin matrix [84,85]. Knoll and Nief3ner have studied the
morphology and tensile properties of blends consisting of highly asymmetric star block
copolymer and hPS using compression moulded samples [42]. In spite of a large difference in
the molecular weight of homopolystyrene and PS block of the block copolymer, no macrophase
separation was observed. The star block copolymer was found to be especially compatible to the
added homopolymer.

2.3.2 Binary Block Copolymer Blends

Compared to an intensive investigation of thermodynamics and phase behaviour of block
copolymers, only limited information is available on their blends. Hoffman et a. investigated
binary blends of SB diblocks and reported a microscopic demixing of blends, with two maxima
in the domain size distribution [86]. Jiang et al. [87], Hadziicannou et al. [88] and Hashimoto et
a. [76,89,90] investigated binary blends consisting of diblocks and triblocks. In these studies,
the blends were microphase separated; and depending on the blend composition and molecular
weight of the copolymers, morphology transitions were also observed.

Studies of Hadziioannou et a. and Hashimoto et al. on a series of blends of lamellar diblocks and
triblocks consisting of polystyrene and polyisoprene demonstrated that the phase behaviour of
the binary block copolymer mixtures is mainly governed by copolymer composition, blend
composition and molecular weight ratio (i.e M1/M>) of the copolymers [88-90]. If Mi/M, <5,
complete miscibility of the block copolymers was observed in which the domain periodicity

23 \where M, is the sum of mole fraction of each block

followed the power law: L ~ M,
copolymer multiplied by corresponding number average molecular weight. When Mi/M; > 10,
only a partial miscibility of two lamellar block copolymers resulted in macrophase separation of

lamellae having different lamellar periodicity [91]. The morphology fundamentally different
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from that of parent block copolymers was reported in blends of styrene/butadiene star block
copolymers with nearly same chemical composition (F ps = 0.7) by Jiang et al. [87]. Particularly,
coexistence of cylindrical and worm-like structures was observed. The molecular weight one of
the star block copolymers was about 7 times higher than that of the other. The blends showed
macrophase separated composite structures containing microphase separated composites. More
recently, more complex structures are reported by Knoll and Nief3ner in blends of star block and
triblock copolymers consisting of styrene and butadiene [42].

Recent investigations of Spontak et al. on the blends of symmetric (F ps = 0.5) and asymmetric
block copolymers (F ps = 0.85) showed that the blends show same microstructure as the pure

diblock having equivalent overall composition [92].

a) b)

curved interface segregation of short relieve of frustration by
inacylindrical diblock diblock to the interface planer interface

Figure 2.12: Schematic illustrating packing frustration induced by addition of short diblock to a microphase of a
long diblock [76].

It was shown that blending of a lamellar-forming diblock with F ps = 0.32 and one with F ps =
0.60 can induce the formation of bicontinuous cubic structure in certain ranges of composition.
In contrast, blending of a diblock forming a lamellar phase with F ps = 0.44 with a diblock
forming a bicontinuous cubic structure with F ps = 0.66 resulted in the formation of lamellar
phase even when the overall composition was F ps = 0.62 (composition in which bicontinuous
structure is expected in a diblock) [76]. It means that a single phase approximation cannot be
used while considering the phase behaviour of blends of block copolymers having different
molecular weights i.e., the blend morphology doesn’t necessarily reflect the morphology of a
pure copolymer with an equivalent composition.

The morphology change may be induced by the interfacial curvature and packing density as
schematically illustrated in fig 2.12 [76]. Fig 2.12a shows a cylindrical block copolymer with B
cylinders in the matrix of A. Exchanging one of the chains by a symmetric AB diblock (lamellae
forming) leads to a situation shown in fig 2.12b. The segregation of a short diblock copolymer
molecule to the interface leads to the low packing density (denoted by letter X in fig 2.12b where
the copolymer is depleted leading to packing frustration). This frustration is relieved when the
interface adopts a planer geometry which, in turn, leads to a transition from cylindrical to

lamellar morphology (fig 2.12c).
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More recently, Hashimoto et al. have studied the blends of AB diblocks with AC diblocks and
reported the morphology as would be expected for ABC triblock copolymers [93]. Abetz and
Goldacker have reviewed morphology of ABC triblock copolymers and their blends, and shown
the existence of hierarchies of microphase separated structures in binary ABC triblock
copolymer blends [24]. Through a systematic small angle neutron scattering (SANS) study of
binary lamellar forming diblock copolymers, Papadakis et al. have constructed a phase diagram
for such systems and demonstrated that a competition between microphase and macrophase
separation takes place depending on the chain length ratio and composition [94,95].

These discussions reveal that research interests are growing in the study of phase behaviour of
binary blends of block copolymers. These materials have, however, found no considerable
industrial interest because of higher manufacturing costs of both the blend components. As a
consequence, less (or aimost no) attention has been paid in the deformation behaviour and

mechanical properties of these blends.

2.4  Mechanical Properties and Deformation Behaviour

In the preceding section, morphology formation in block copolymers and the blends containing
block copolymers is briefly reviewed. Now, a short review of micromechanical deformation
processes observed in amorphous block copolymers as a function of microphase morphologies is
presented. First the thermomechanical and mechanical properties of the polymeric materials are

introduced.

2.4.1 Thermomechanical Properties

Modulus ——>

S~ \s
Temperature ——

Figure 2.13: Dependence of complex modulus of elasticity as a function of temperature in different polymer pairs
(schematic), case 1) immiscible polymers, 2) completely miscible polymers, 3) partially miscible polymers and 4)
multitude of phases[8].
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Mechanical properties of heterogeneous polymer systems are primarily determined by
interaction between the phases and morphology resulting therefrom. Hence, analysis of
miscibility of the components may provide an important insight into micromechanical and
mechanical behaviour of heterogeneous systems including block copolymers.

Different spectroscopic and microscopic techniques, scattering methods and calorimetry can be
employed to examine the miscibility and phase interaction in polymer pairs. However, the
measurement of complex modulus as a function of temperature is the most important method for
determining the miscibility of polymer mixtures. Four possible cases are schematically
represented in fig 2.13 [8]. Solid and broken lines stand for the mixture and pure components,
respectively. Case 1 shows a solid curve indicating two distinct temperatures of glass transitions
corresponding to those of the individual components A and B (broken lines). Here, two polymers
are completely immiscible and are present as two separate phases. Amorphous two-component
block copolymers generally belong to this class [43,69]. Case 2 shows a sharp glass transition
roughly in between those of the two components. In this case, the polymers are completely
miscible and exist as a single homogeneous phase. For example, a mixture of PMMA and PEO
or PS and PPO represents this system [8]. The curve in Case 3 indicates two separate glass
transitions, but these are shifted with respect to the component homopolymers, i.e., both the
phases are of mixed compositions. Weakly segregated block copolymers are known to form a
partially miscible phase and hence exhibit a shift in glass transition temperature of constituents
[96]. Sometimes, three distinct phases may be observed in a two-component systems: two pure
phases and a mixed phase as demonstrated by some block copolymers possessing broad interface
[56,57]. Case 4 shows a broad, ill-defined glass transition reflecting the presence of a multitude
of phases with a dlightly different composition.

If the miscibility is desired, it can be realised by introducing a third ‘component’ to the binary
polymer mixtures. Phase compatibiliser used in polymer blends, for example, enhance the
miscibility (and hence phase adhesion) between the components. Of particular interest in the
present work is to qualitatively analyse how the molecular architecture of the block copolymers

influences their miscibility and phase behaviour.

2.4.2 Mechanical Behaviour of Polymers

Tensile experiments (stress-strain curves) offer a smple and straightforward way of
characterisng and comparing mechanical behaviour of polymeric materials. The total
deformation of the test specimen comprises different material responses toward external stress.
linear elastic, linear viscoelastic, non-linear viscoelastic and plastic deformation [1,8,98]. Linear

elastic behaviour, which involves only the reversible ateration of inter-atomic distances without
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breakage of chemical bond, is explained by the Hoock’s law. This region corresponds to less

than 0.1% strain in thermoplastics. At higher strain (up to 0.5% strain), the deformation is no

more linear elastic, and this region is termed as linear viscoelastic region, in which the strain-

reversibility is time and temperature dependent. At strain >0.5%, the deformation is additionally

a function of extent of loading besides time and temperature and called non-linear viscoelastic

region. This region, where the molecular flow processes begin, follows the region of plastic

deformation (stationary plastic flow) which finally leads to the specimen fracture. Depending on

the phase morphology and micromechanical processes of deformation, mechanical behaviour

observed in polymers can be classified as schematically summarised in figure 2.14 [1].
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Figure 2.14: Characteristic stress-strain curves (schematic) of different polymers[1].

a)

b)

High modulus fibres (e.g., highly oriented fibres, reinforced thermoplastics): These
materials are exclusively linear elastic. The stress increases linearly with strain leading to
a high tensile strength alow elongation at break.

Brittle behaviour (e.g., unmodified PS, PMMA): The stress rises amost linearly with
strain up to fracture. Stress increases slowly as the plastic deformation process like
crazing onsets. The maximum strain is small (<10%).

Ductile behaviour (e.g., rubber modified thermoplastics, PVC): The stress increases with
strain but drops after reaching the yield point. Macroscopic neck formation and stress
whitening is observed.

Cold drawing (e.g., semicrystalline thermoplastics like PE, PP): The stress level remains
practically constant after the strain softening (as observed in curve c in figure 2.14) when
the neck expands over the whole specimen. The necking zone is stabilised by orientation
hardening. This kind of behaviour is aso found in some toughened thermoplastics like

block copolymers.
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€) Homogeneous deformation (e.g., TPEs, filled and unfilled rubbers): A dow and
continuous increase in stress with strain is observed. The deformation is predominantly
entropy elastic; yield points (if there are any) are diffuse.
Strain rate and test temperature have a strong influence on the mechanical properties of polymers
(time temperature superposition principle [1,97,98]). Increasing strain rate and decreasing test
temperature results in increasing tendency towards imbrittlement of samples which causes the
mechanical behaviour of the polymers shift from right to left in fig 2.14. In ABA type block
copolymers (where A and B are glassy and rubbery blocks, respectively), amost al the
behaviours shown in fig 2.14 may be achieved by simply adjusting the copolymer composition at
atemperature between Ty of both the components [43,68,69].
The mechanical behaviour of polymers outlined in fig 2.14 is closely associated with the
underlying deformation mechanisms under given loading conditions. A sample which is brittle at
a given test conditions may behave ductile under another set of conditions. Hence, the
deformation mechanism changes from one test condition to the another. This behaviour is a
consequence of pronounced viscoelastic property of the polymeric materials. The deformation
mechanisms and resulting mechanical properties are further controlled by molecular and
supramolecular parameters including nature of interface in the heterogeneous systems,
dimension and organisation of the microscopic building blocks etc. [99-105]. Recently, unusual
mechanical behaviours have been observed in the composites consisting of heterogeneous layers
with dimensions in the range of few tens of nanometers [99,100]. The micromechanical
behaviour of amorphous PS was found to differ considerably depending on molecular structure.
In contrast to a linear PS which is characterised by the formation of fibrillated crazes under
tension at room temperature, branched PS showed more ductile behaviour and homogeneous

crazing under same set of conditions[101].

2.4.3 Micromechanical Construction of Polymers

Due to presence of a large variety of molecular and supramolecular structures, polymeric
materials possess a wide variety of morphology. This makes it possible to modify their properties
by atering one or more of these variables. How these variables finaly lead to particular
mechanical properties of polymeric materials is determined by the processes occurring in
different length scales, from molecular to macroscopic level, as a response of the materias
against external mechanical loading. These processes include displacement and scission of the
chains, different yielding phenomena up to crack initiation, propagation and fracture [1,102,103].
These processes depend strongly on diverse molecular structures, morphology as well as loading

conditions e.g., temperature, loading speed or stress state as aready mentioned. Hence,
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comprehensive knowledge of these micromechanical processes provides a direct way of

designing polymeric materials with improved mechanical properties [103-105].

The fundamental deformation mechanisms observed in heterogeneous polymeric materials are

discussed in [103,106]. Knowledge of these mechanisms is required to avoid the materials from

undergoing premature failure, one of the main goas of polymer science and engineering.

Inducing an intense plastic deformation over a large part of the sample and arresting the crack

growth are generally useful to enhance toughness and strength of polymeric materids as

schematically outlined in fig 2.15. A common idea of the toughening mechanisms outlined in fig

2.15A is to initiate a large number of local yielding zones (enhancing energy absorbing

phenomena) which can be realised in the following ways [103]:

a

Initiation of a number of microcracks by inorganic fillers, short fibers e.g.; CaCOs, glass
fibers, carbon fibers etc.

b. Incorporation of ductile fillersin brittle matrix which are stretched in the area of crack tip
(bridging mechanism).

c. Inducing the formation of small local plastic zones (crazes or shear bands) which is
induced by stress concentration at weak particles, a typica mechanism in rubber-
toughened plastics.

d. Cavitation at or inside the filler particles, with subsequent stretching of the matrix
ligament between the microvoids

A B

b] Pﬁ%ﬁ ///ﬁ{f// ,f//sf/
%Y, 1

—

t)

4 S
%:\\‘x\\

d

Figure 2.15: Schematic representation of some general micromechanical mechanisms in heterogeneous polymers:
A) mechanisms of enhancing the toughness and B) crack-stop mechanisms (cross-hatched areas are inorganic
particles, fibres or weak particles dispersed in the bulk polymer matrix; s stands for tensile stress) [103].
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Crack arresting mechanisms, useful in avoiding premature failure of polymers, are induced by
different modifications as demonstrated in fig 2.15B.
a. A rapidly propagating crack may be delayed or stopped by a loca volume of higher
strength (oriented chains, particles or fibres with a higher strength).
b. Crack tip blunting by rapid relaxation processes or by propagation of the crack into a
weak second phase or other microcracks
c. Crack-diversion by strong fibres or crack propagation into the regions of unloaded
regions between other cracks
Polymer combinations are generally characterised by a heterogeneous structure or morphology.
A few of these structural details ( not al of them) play decisive role in determining the
mechanical and micromechanical behaviour of polymers. Since the optimisation of these
structures leads to the optimal micromechanisms (and hence optimal mechanical properties),
these structures are known as properties-deter mining structures.
The basic micromechanical mechanisms encountered in block copolymers are dightly different
than those discussed above due to existence of properties-determining structures in much
smaller length scales than in polymers blends and compounds. Here, the response of these
structures (generally referred to as microphase separated structure, MSS) are highly coupled with

their detailed molecular structure.

2.4.4 Deformation Behaviour of Styrenic Block Copolymers

Among amorphous block copolymers, thermoplastic elastomers (TPES) have been of greatest
technical significance. SBS and SIS TPES have been investigated extensively which combine
straightforward processing of thermoplastics with the elastomeric properties of the final products
[2,12,68,69].

Domain theory was proposed to describe the mechanical properties of SBS TPES in early sixties
[68,69] which postulates that the TPES consist of glassy domains dispersed in rubbery matrix
holding the elastomeric network together by means of physical cross links. Electron microscopic
images of various block copolymers have proved the validity of this theory, and this is accepted
as a basic structural model in explaining the mechanical properties of block copolymers.
Styrene/butadiene block copolymers provide model systems for the study of structure-property
correlations of phase separated block copolymers. In figure 2.16a, stress-strain behaviour of SBS
block copolymers with different morphologies are illustrated [107]. The figures assigned to
different morphologies stand for the styrene content of the SBS triblock copolymer.

At the composition range F ps = 0.10-0.15, where spherical PS domains are formed in PB matrix,

the block copolymer behaves as a weakly cross-linked rubber due to relatively large inter-
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domain spacing. Increasing PS content to about F ps = 0.30 results in formation of spheres in a
bcc lattice with relatively smaller inter-domain distance, and the copolymer behaves as a cross
linked elastomer showing a steep increase in tensile strength. Further increase in styrene content
to about F ps = 0.40 causes an increase in strength when the PS cylinders in PB matrix are
formed. Most commercia TPEs have the composition in the range of F ps = 0.20-0.40.

Recently, in a narrow composition range (F ps = 0.34-0.38), stable gyroid phase has been
observed in SIS triblock copolymers [19,20] which shows predominantly elastomeric properties
and deforms by the formation of a neck in tensile test [108,109].
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Figure 2.16: a) Stress-strain behaviour of SBS triblock copolymers as a function of styrene content; styrene
domains are black [107]; b) Comparison of AB diblock and ABA triblock copolymer TPES showing the influence of
molecular architecture on mechanical properties.

As the block copolymer approaches a compositional symmetry, alternating layers of PS and PB
phases are formed, and the macroscopic neck formation prevails during tensile deformation.
With increasing styrene content, as the morphology reverses, yield stress increases and
elongation at break decreases due to localisation of deformation. Block copolymers with
dispersed cylindrical PB domains break in a quite brittle manner.

Architecture of copolymer molecule plays a decisive role in determining mechanical behaviour
as illustrated schematically in fig 2.16b. ABA triblock copolymer (where A and B blocks are
glassy and rubbery sequences, respectively) have properties essentially different from that of
BAB triblock and AB diblock copolymers. From the materials scientific point of view, ABA
type copolymers are more important than the latter types because in the former, practicaly
stronger physical networks are formed at both the ends of covalently linked middle elastomeric
block.

Interesting mechanical properties were observed in polystyrene/polyalkyl methacrylate block
copolymers. Unlike strongly segregated SB or S| diblock copolymer, weakly or intermediately

segregated systems may show improvements in desired mechanical properties even with diblock
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architecture. Irrespective of molecular architecture (diblock, triblock or star block copolymer)
[96,110], tensile strength and Y oung's modulus of these block copolymers were found to exceed
that of both the constituent homopolymers at a certain composition range (fig 2.17). The
enhanced tensile properties of these block copolymers have been discussed in terms of broad
interface resulting from phase mixing at the interface. Triblock copolymers (even with PBMA
outer block) were found to possess tensile properties superior than that of diblock counterparts. It
has been concluded that aincreasing compatibility and interfacial width between the components
were associated with an enhancement of mechanical properties in these systems [111].

Previous studies on deformation behaviour of amorphous block copolymers provide important
insight into the correlation between their morphology and mechanical properties. In the
following, a brief review of deformation studies on amorphous block copolymer is presented
with special reference to styrene/diene block copolymers.
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Figure 2.17: @) Tensile strength and b) Young's modulus of PS/PBMA diblock copolymers as a function of
polystyrene volume fraction [96,111].
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a) Copolymers having rubbery domains in glassy matrix

Pioneering works on the micromechanical mechanisms in /B block copolymers date back to
mid eighties when Argon and co-workers proposed cavitation mechanism in styrene/butadiene
diblock copolymers [112-114]. Based mainly on TEM investigations they proposed a two step
craze growth mechanism in S/B diblock copolymers having PB domains in PS matrix (fig
2.184).
1. In the first stage PB domains are strongly deformed till the cavitation stress of PB is
reached. The PB domains, as a consequence, tear up or cavitate resulting in the formation
of voids organised in the meander-like fashion.

2. Thefirst step is followed by necking and drawing of PS matrix strand caused by tensile
stress.

Craze-like deformation zones observed by Argon and co-workers in SB diblock copolymers
were thicker than those observed in PS homopolymer and not always formed perpendicular to
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the principal stress direction indicating the influence of grain structure on the propagation of
deformation bands. They found that the craze propagation takes place preferentially in the
regions where the PB cylinders are perpendicular to the external stress direction.

Baer and co-workers [115] investigated SBS copolymer samples having 20%, 30% and 50% PS.
Using methyl ethyl ketone (MEK) as solvent they produced PB spheres in PS matrix in every
case. In some cases, the craze fibrils were found to start from the PB domains. The dragging of
rubber particles into the crazes was aso reported by other authors [116,117]. With this process
the fibrils are stabilised which enhances the local deformation.

Recently, deformation behaviour of triblock and graft copolymers with glassy outer blocks have
been studied by electron microscopic and FTIR spectroscopic methods [118-120]. It has been
demonstrated that the craze goes through the glassy matrix leaving the rubbery phase
uncavitated. A large orientation of PS chains in an SBS triblock copolymer in the initial stage of
deformation is a strong evidence in favour of cavitation in glassy PS matrix [118,120]. These
results (i.e., the cavitation induced in the glassy phase) are in contrast to the rubber phase
cavitation observed in styrene/butadiene diblock copolymers [113]. A possible explanation is:
the PB chain ends in PB domains of diblock copolymer lead to a drastic reduction in the
cavitation stress, and at the same time act as the starting points for cavitation. Since the SBS
triblock copolymers have only PS chain ends, which occupy a position in the PS phase nearly at
the middle of two neighbouring PB domains, there is a possibility of initiation of cavitation

mechanism.

Figure 2.18: a) Cavitation model proposed by Argon et al. [113] and b) cellular structure formed by cavitation
mechanism in aweakly segregated PS/IPBMA diblock copolymer, F ps = 0.76 [111].

Cavitation mechanism proposed for styrene/butadiene diblock copolymers was found to operate
unanimously in weakly segregated PS/PBMA diblock copolymers [96,111,119]. In a diblock
copolymer having PBMA cylinders in PS matrix, for example, cavitation mechanism resulting in
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the formation of cellular structures as previously pointed out by Argon et al. was observed (fig
2.18b).

b) Copolymers having alternating glassy and rubbery layers (lamellae)

Several authors have studied the deformation and fracture processes in lamellar block
copolymers [121-124]. Fujimura and co-workers studied [122] the deformation of unoriented
lamellar SBS triblock copolymer using SAXS and TEM. Stretching the spin cast films having
multigrain structure beyond yield point resulted in chevron-like morphology. Chevron-like
morphology was characterised by four point small angle scattering pattern [123,124]. The tilt-
angle was found to increase unanimousy with increasing strain. At moderate strains, the
deformation process was discussed in terms of shearing, kinking, and break down of PS
lamellae. At very high strains, PS lamellae were fragmented to form a morphology with
dispersed PS fragments in PB matrix (plastic-to-rubber transition).

Later, Seguela and Prud’homme investigated hydrogenated version of lamellar SBS block
copolymers with TEM and SAXS and also reported the observation of four point SAXS pattern
characteristic of chevron-morphology [125]. They proposed that the anisotropic grains of
lamellae rotate in response to the applied strain. As the stacking axis (i.e. the long axis) of these
grains rotate towards the stretching direction, the lamellae are sheared relative to each other
within the grains without appreciable change in their orientation. Yamaoka and Kimura [35]
studied injection and compression mouldings of a lamellar SBS star block copolymer and
observed the break down of PS lamellae into small fragments. They also observed the microvoid

formation in PB phase of the block copolymer.

a)

Figure 2.19: Perpendicular deformation of oriented SBS block copolymer: @) scheme showing layer undulation
leading to the chevron formation and b) TEM images showing fracture of glassy layers at hinges (left) and W- like
grain boundary (right) [126].

Recently, Cohen and co-workers have explored systematically the deformation mechanisms in

lamellar SBS triblock copolymer using roll cast films. These authors have monitored strain
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induced structural changes in nearly single crystal lamellar samples by means of TEM, SFM and
SAXS [126-128]. They collected the SAXS patterns for different levels of deformation by
loading the sample parallel, perpendicular and diagonal to the lamellar orientation direction.
During perpendicular orientation, layer undulation mechanism leading to the formation of
chevrons was observed. The undulation of layered structures in response to an extensional force
perpendicular to the layers is known in many systems including smectic liquid crystals,
sedimentary rocks, predicted in lamellar block copolymers as explained in detail in ref. [128].
Recent analytical studies have shown that there exists a critical undulation instability in a
perfectly aligned lamellar block copolymer structure subjected to perpendicular deformation
under constrained boundary conditions. This allows a significant part of deformation to be
accommodated by shearing of the rubbery layers between the glassy layers. In order to keep the
layers parallel to each other, the undulations with large wave lengths are not allowed. Cohen and
co-workers further suggest the nucleation of chevron morphology at the regions of local defects
(e.g., edge didocation). The layers in the vicinity of these defects are dightly misaligned, and
hence may be the first to respond to the applied stress by rotating their normals away from the
strain direction. Opposite rotations of the layers in the vicinity of defects may result in nucleation
of kink bands. With increasing strain, the kink bands propagate parallel to the deformation axis
into neighbouring layers.

The evolution of four point SAXS patterns is associated with folding of layers into chevron
morphology [122-125]. While forming the chevron morphology the layer counter is
predominantly in the form of straight ‘limbs and bending of the layersis localised to the *hinge’
regions. The lamellar spacing is found to increase in the *hinge’ regions where the rubbery layers
are more dilated than the glassy layers.

At much higher strains (>300%), kink grain boundaries are formed parallel to the deformation
direction separating grains which are long in the strain direction but narrow in the latera
direction. Two kinds of kink boundaries were found: one having the continuous PS and PB
layers where PB layers are more dilated giving them a “W’ grain boundary-like appearance and
the other one having the layers fractured at the kink boundary (see fig 2.19b, left).

On parallel deformation, the long period of the lamellae was found to decrease right after the
yield point indicating the shearing of the layers past one another. Then the lamellar structure was
continuously destroyed. The lamellae are broken down into smaller fragments allowing the
rubbery phase, now unconstrained by the glassy phase, to undergo a high level of stretching
resulting in a large elongation at break. On unloading the sample, lamellae structure was
reformed. The lamellar spacing was found to be much smaller than the original values arising
from the plastic deformation of PS lamellae.
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Sakural et a. have studied the lamellar orientation in cross-linked SBS polygranular triblock
copolymer that was uniaxially drawn at 130°C (above the glass transition temperature of
polystyrene) [121]. They observed that in contrast of the formation of herringbone structure in
samples drawn at room temperature, the lamellar normal preferentially oriented perpendicular to
the stretching direction resulting in parallel array of lamellae aligned in along the stretching
direction.

Morphology development in lamellar PS/P2VP diblock copolymers during shear deformation
were studied by Winey and co-workers [129,130]. They have interpreted the evolution of ‘kink
bands as aresult of lamellar rotation at the dip planes. Evidence of lamellar rotation leading to
‘kink band’ formation was assessed by on-line small angle X-ray scattering (SAXYS).

Deformation of lamellar morphology further depends on the glass transition temperatures of the
components. Crazing was observed in lamellar diblock and triblock copolymers consisting of PS

and P2VP where both the components undergo glass transitions well above room temperature

[132]. Extension ratio of craze fibrils| was found to be always grater if lamellae were oriented

perpendicular to the external strain direction: | fiprils (perpend) > | fibrils (parallel)- This

observation provided the first direct experimental evidence of stretched chain conformation
normal to the phase interface in block copolymers [132].

Morphology and deformation behaviour of PS/PBMA block copolymers with different
architectures were widely investigated [131]. The investigations have shown that the phase
behaviour of block copolymers has a pronounced influence on deformation mechanisms as well
as deformation structures. The disordered block copolymers showed the same deformation
mechanism as the corresponding homopolymers while a shift in deformation mechanism was
observed at the ODT. It was possible to dictate the deformation behaviour by the strength of
segregation, cN. Within the WSL, a cavitation mechanism was observed, while the ISR was
associated with deformation mechanisms such as diversion and termination of crazes, craze-tip
blunting etc. besides rotation and drawing of lamellae. In this way, a generalised scheme
showing a correlation between phase behaviour and deformation mechanisms was presented.

The deformation structures in diblock copolymers are, however, different than those observed in
SBS triblock copolymers. In diblock copolymers, the deformation was primarily localised in the
form of craze-like bands. Chevron-like morphology and large plastic deformation of glassy

lamellae generally observed in SBS lamellar samples were not reported.
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c) Deformation of block copolymers having glassy domains in the rubbery matrix

SBS triblock copolymers having PS domains are the most widely investigated systems. Seguela
and Prud’ homme have studied the deformation behaviour of SBS triblock copolymers having
spherical and cylindrical PS domains in the PB matrix using SAXS [133], and they have
established the deformation of spherical PS domains to ellipsoids along stress axis. The cylinders
were found to align along the external stress direction.

Previoudy, Pedemonte et al. [134] had investigated the correlation between morphology and
tensile properties of cylindrical SBS block copolymer using compression moulded, extruded and
solution cast samples. These authors, had aready suggested a breaking off of the weaker
polystyrene ties as a mechanism responsible for stress softening behaviour. Few years later,
Tarasov et al. [135] carried out large strain deformation behaviour of press moulded samples
using SAXS. They reported the breakdown of glassy cylinders into long rodlets which remain
aligned along the deformation axis when the sample was deformed parallel to the cylinder axis.
They aso proposed the break down of glassy cylinders into chevron pattern on deforming the
sample perpendicular to the cylinder orientation direction. Pakula et a. [136] studied
compression moulded cylindrical block copolymer using SAXS and reported the evolution of
same fina morphology for every kind of orientation of the cylinders with respect to the
stretching direction (fig 2.20A). This universal high deformation was aso found for the sample
having polygranular structure. Investigation of Pakula and co-workers indicated that the high
strain deformation of cylindrical block copolymers is controlled by the molecular orientation of
the rubbery blocks, while at low strains it is controlled by the initial morphology of the samples.
The first detailed evidence of the break down of the glassy cylinders into smaller fragments
(formation of rodlets about 70-110 nm long) was provided by the TEM micrographs of an
oriented SBS block copolymers published by Odell and Keller [137,138]. They modelled
yielding as a progressive breaking of the cylinders into shorter fragments that can bear a higher
load. Another model used was the random break model, which provided values for the lengths of
the broken rods that are in good agreement with rod lengths measured in TEM images. They
calculated the elastic constants of the oriented SBS copolymers and found that the ratio of
moduli perpendicular and paralel to the cylinder axis was about 1:100. At moderate strains, the
deformation of cylinders parallel to the orientation direction was affine only up to about 3%
(yield point) while the deformation in the direction perpendicular to the cylinders was affine up
to 20% strain.

The deformation studies on the SBS block copolymers comprising glassy domains in the rubbery
matrix have demonstrated that there is a competition between the domain orientation and

molecular orientation along the stretching direction. The strain is accommodated primarily in the
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soft rubbery matrix with the rubbery chains orienting along the stretching direction. The glassy
domains tend to rotate their long axis towards the stretch axis. Since the aspect ratio of the glassy
cylinders is exceptionaly high (in the range of 1000:1 for a polygranular sample and essentially
infinite for single crystals samples), the reorientation process must be highly co-operative,

involving whole grains or reorganisation of the cylinders into chevrons.
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Figure 2.20: Schemes showing deformation mechanisms in cylindrical block copolymers having glassy cylindersin
rubbery matrix suggested by Pakula (top, A) [136] and Honeker (bottom, B) [143]. Deformation direction vertical;
a, b, and c stand for before deformation, intermediate deformation and high deformation, respectively.

Sakurai and Sakamoto [139,140] investigated the deformation behaviour of symmetrica SBS
triblock copolymer by producing solvent induced lamellar, cylindrical and bicontinuous
structures. The lamellar morphology led to the highest tensile strength while the cylindrical (PB
cylinders) to the least [140].

Recently, perpendicular deformation of nearly single crystal cylindrical SIS block copolymer has
been reported by Honeker and co-workers [141-143]. These authors have strained the
macroscopically oriented block copolymer films perpendicular to the cylinder orientation
direction and monitored the strain induced structural changes in PS cylinders and rubbery matrix
by means of TEM [143] and in-situ and SAXS [142]. Since the rubbery block is covalently
bonded to the glassy blocks on either side, the deformation of the cylinders have been considered
as the markers for the deformation of rubbery phase as well. At small strains (until about 100%)
the deformation has been found to be affine i.e., the microscopic change deformation is nearly
equivalent to the macroscopic strain of the sample. At higher strains, a transition from affine
deformation of rubbery matrix to the kinking of oriented cylinders into a chevron morphology
occurs (see fig 2.20B). The kinking instability in which the cylinders are turned to chevron
morphology was ascribed to the regions of local misorientation. Post kink deformation involves
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a two step shearing plus-dilation mechanism: shearing of the cylinders along the stretching
direction (decrease in cylinder spacing) and dilation of the matrix (recovery of the cylinder
spacing) [143].

d) Copolymers having complex morphologies

Mechanical properties and deformation behaviour of complex phases are least understood. Even
the phase behaviour is not fully explored. The complex phases (viz., gyroid, OBDD, catenoid or
mesh and strut structures, HPL etc., reviewed in ref. [2]) are newly discovered. Some of them
such as HPL has not been recognised as a stable equilibrium phase. Therefore, there are very few
studies concerning the mechanical properties and deformation behaviour of these phases. The
first deformation study on HPL and bicontinuous structure was performed in weakly segregated
diblock copolymers [96]. These structures were observed in PS/PBMA diblocks at a composition
of F ps=0.40 and F ps = 0.39, respectively. These samples showed similar stress-strain behaviour
as the lamellar samples.
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Figure 2.21: Stress-strain behaviour of SIS triblock copolymers having different morphologies: DG double gyroid,
LAM lamellae, CYL cylinders (PS) and SPH spherical (PS spheres) [108]

Recently, Dair et al. [108,109] have studied morphology, tensile properties and deformation
behaviour of double gyroid (DG) phase in SIS triblock copolymer using both unoriented and
oriented roll cast films. They have compared the stress-strain behaviour of solution cast SIS
gyroid phase with the SIS samples having other classical morphologies, and have shown that
gyroid specimens show a pronounced yielding during tensile testing and attain stress level higher
than corresponding lamellar and spherical (PS spheres) SIS block copolymers (fig 2.21). The
enhanced mechanical properties of the gyroid morphologies over classical ones are discussed in
terms of presence of 3D interpenetrating network of glassy domains in the three dimensionally
continuous rubbery matrix. Oriented DG sample showed pronounced anisotropy as in oriented

lamellar [126] and cylindrical [143] block copolymers. However, the stress-strain curves of
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isotropic polygranular solution cast unoriented film was intermediate between the parallel and
perpendicular stretches of the oriented samples, indicating that properties of the DG are not as
strongly dependent on the stretching direction as the lamellar [126,127] and cylindrical [141-
143] samples. Young's modulus in the [111] direction was found to be approximately five times
higher than in the transverse direction. The yielding and plastic flow of PS struts have been
suggested as the principa deformation mechanism of the DG phase, where the molecular weight
of outer styrene blocks of the SIS triblock copolymer they used wasl3.6 kg/mole. However, no
microscopic evidence of ‘nanonecking’ and drawing was provided during the deformation of
double gyroid morphology. It should be emphasised that deformation studies of the complex
phases is indeed in the stage infancy and should be further explored.

In this section, the deformation mechanisms have been reviewed with special reference to tensile
deformation of styrene/diene block copolymers at room temperature.

It has been, however, pointed out that the deformation mechanisms may vary with extent of
segregation cN, kinds of monomers etc. In fact, temperature and strain rates may play a decisive
role in determining the deformation. For example, a block copolymer consisting of only glassy
components may show crazing at room temperature irrespective of the microphase separated

morphology they possess.

e) Deformation of block copolymer/homopolymer blends

Though a great deal of works have been devoted to the deformation behaviour of ternary blends
containing two homopolymers and a block copolymer compatibiliser (which is outside the scope
of this work), only limited investigations are made on binary block copolymer/homopolymer
blends and binary block copolymer blends. Micromechanical behaviour of styrene/butadiene
block copolymer/polystyrene blends was discussed by Argon and co-workers [112] and
Aggarwa [62]. In both the cases role of block copolymer as impact modifier was analysed.
Block copolymer particles dispersed in the PS matrix were able to both initiate and terminate the
crazes. Aggawa has even argued the superior mechanical properties of block copolymer
modified PS than the conventional rubber modified one.

Y amaoka studied intensively the morphology and mechanical properties of blends consisting of
styrene/butadiene star block copolymer and a statistical copolymer of methyl methacrylate and
styrene (MS) [144-146]. At a MS content of about 20 wt %, a maximum in lzod impact
toughness was observed when the particles had a diameter of 300-500 nm. Hashimoto and co-
workers investigated morphology and strain induced structural changes in blends consisting of
SBS triblock copolymers and polystyrene [123,147]. Particularly, the healing of deformed
domain structures on annealing was investigated. Determining the strain induced structural

changes in SBS triblock copolymer/homopolymer blends, they demonstrated the hindrance of
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healing process by added homopolymers. Till the date, ailmost no references are available on

micromechanical behaviour of binary block copolymer blends.

245 Molecular Architecture vs. Micromechanics

As discussed above, there exists an inherent relationship between the molecular parameters
(chain architecture, nature of interface, chain topology etc.), phase behaviour, and mechanical as
well as micromechanical behaviour of block copolymers (illustrated in fig 2.22), where the
dimension of structural variables vary from molecular to microscopic and macroscopic level

from top to bottom.
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Figure 2.22: Scheme showing the correlation between molecular parameters, morphology and mechanical properties
of block copolymer.

Mechanical behaviour of these materids may be mainly dictated in terms of microphase

separated structures, their size and orientation, grain size etc. The morphology control, which
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forms an important aspect of applied block copolymer engineering, is supplemented by blending
with other block copolymers and homopolymers. Finally, these structures are optimised by
adjusting the processing conditions. The response of these structures towards external force is
coupled with the architecture of the molecules under consideration. This is evidenced by
different deformation behaviour exhibited by SB diblock and SBS triblock copolymers.
Symmetry of end blocks and placement of glassy block(s) in the molecular backbone further
plays a decisive role in the mechanical behaviour of the copolymer. For example, SBS triblock
copolymers become tougher when styrene outer blocks are made more and more asymmetric
[52]. What kinds of monomers are chosen as the block chains determines the extent of chemical
incompatibility and hence the degree of segregation. The latter has an important influence on
phase behaviour of the block copolymer to be produced. Further, it determines the Ty of the
phases that decides the upper and lower service temperature of the final products. Poly(methyl
styrene-b-butadiene-b-methyl styrene) TPEs, for example, have higher upper service
temperature than styrene/diene block copolymers [68,69].

To achieve a satisfactory level of mechanical properties in styrene/diene block copolymers, the
terminal PS blocks must exceed a critical molecular weight so that strong physical cross-links
may be formed which held the glassy chains firmly in PS domains. The minimum length of PS
sequence required for a good phase separation depends on the nature of diene middle block. The
molecular weight should be optimised due to rheological reasons as well [52]. Overall molecular
weight of the copolymer and molecular weight distribution (monomodal, multimodal etc.) should
be optimised to achieve desired deformability and processability.

Mechanical behaviour of the block copolymers may be strongly influenced by the speciality of
molecular architecture. Star block copolymers have been found, for example, to possess
preferred rheological and mechanical properties compared to their linear analogues and less
sensitive to diblock contamination. Graft copolymers offer new possibilities of fine-tuning
mechanical properties, but the probability of deterioration of mechanical properties due to
presence of undesirable rubbery end blocks should be taken into account [68].

In spite of alot of works on the phase behaviour of simple linear block copolymers, the attention
paid to their structure-property correlation seems to be still insufficient. With development of
more complex molecular architectures, complexities have been introduced in their phase
behaviour and structure-property correlation, as well. A systematic study of correlation between
morphology, mechanical properties and deformation mechanisms with respect to these complex
architectures (schematically proposed in fig 2.22) is yet to be explored and will be an important

am of thisthesis.
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3. EXPERIMENTAL PART

3.1 Materials

3.1.1 PureBlock Copolymers

Characteristics of the block copolymers covered in this work are listed in table 3.1. Samples
were prepared by solution casting, compression moulding, injection moulding and extrusion.

(results and discussion in chapter 4).

Table 3.1 Characteristic of investigated block copolymer samples

sample **Mn  MW/Mn *F g remarks
designation (g/mole)
ST1-S74 91,800 199 074 sharp transition, PB core, asymmetric SB arm

ST2-S74 109,200 169 0.74 tapered transition, PS core, asymmetric SBS arm
LN1-S74 82,000 1.07 074 sharp transition, symmetric PS end blocks
LN2-S74 93,000 113 074 tapered transition, asymmetric PS end blocks

LN4-S65 116,000 120 0.65 random S/B middle block, symmetric PS end
blocks

ST — star block; LN — linear block copolymer; * total volume fraction of styrene determined by double bonds
titration using the Wijs method; ** determined by GPC using PS calibration.

3.1.2 Block Copolymer/Homopolystyrene (hPS) Blends
Blends of ST2-S74 (and LN2-S74) with hPS were prepared with weight ratios 80/20, 60/40,
40/60 and 20/80 by solution casting and injection moulding. Characteristic data of polystyrene

samples used in blending are listed in table 3.2 (results and discussion in chapter 5).

Table 3.2: Characteristic of polystyrene samples used to prepare blends with ST2 and LN2

samples M, (g/mole) M, (g/mole) Mw/M;, preparation
PS015 11,800 15,200 1.29 radical polymerisation
PS033 18,300 33,100 1.81 a
PS190 82,600 190,000 2.30 a

3.1.3 Binary Block Copolymer Blends

Binary blends of star block copolymer ST2-S74 and LN4-S65 are prepared by solution casting as
well as injection moulding with weight ratios 80/20, 60/40, 40/60 and 20/80. (results and
discussion in chapter 6).

3.1.4 Synthesisof Block Copolymers
The block copolymer samples used in this study were provided by the BASF. Details about
synthesis of styrene/butadiene block copolymers can be found elsewhere [42-44,52,63,155,156].

A brief account of synthesis of such block copolymers via living anionic polymerization shall be
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presented taking example of alkyllithium (e.g., sec-BuLi) initiated sequentia polymerisation of
styrene and butadiene using an inert hydrocarbon solvent such as cyclohexane or toluene.
It is necessary to rigorously exclude oxygen, water or any other impurities that may react with
the highly active propagating species so that the molecular weight of the polymer blocks can be
precisaly controlled. The anionic polymerization comprises the following three steps:

a. Chain initiation by an initiator (e.g., organolithium compounds such as sec-butyllithium,

BuLi) leading to the formation of a*“living” anion,
b. Propagation of the living chain by sequential addition of monomers and

c. Termination of living chain

a. Initiation reaction
The initiator R'Li* first reacts with a molecule of styrene monomer to form a reactive species.
The rate of initiation reaction is high compared to the subsequent chain propagation which

insures the narrow molecular weight distribution of the blocks.
RLi*4 CH,=CH— R_CHZ_EC%' Li*

(3.1
b. Chain propagation reaction
i. First styrene outer block
The next step is to join more styrene monomers to the reactive species (propagation of the chain)

leading to the formation of poly(styryl) lithium (SLi*) which is also an anion.

(3.2
ii. Butadiene block
The end product propagation step SLi* can initiate further polymerisation. Hence butadiene
block may be added to the living styrene block. The polymerisation of butadiene chain via 1,4-
addition may be represented as:

SLi*4+ mCH,=CHCH=CH,—

S(CH ,CH=CHCH2)m-1CH,CH=CH"CHLi* (33

iii. Second styrene block

The end product of above step designated as S-B'Li" can again act as initiator for another styrene
outer block. The rate of initiation of styrene polymerisation by S-B'Li" is dow compared to
subsequent propagation reaction. This may lead to the wide molecular weight distribution of the
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fina styrene block of resulting SBS triblock copolymer. The problem can be avoided by addition
of solvating agents like ethers just before the styrene monomer is added.

SBLit4 pPCH,=CH— SB-(CHg)p.l— CHZ—S Li*

(3.4)
c. Termination reaction
When the last reaction is complete, the reaction can be terminated by the addition of a
protonating agent such as an acohol.
ABA triblock copolymers and the molecular architectures derived therefrom are the most
important styrenic block copolymers, where A and B stand for polystyrene and polydienes
(polybutadiene or polyisoprene) respectively. Generally, these block copolymers are synthesised
by adopting following three routes.

i. Three-step Method Using Monofunctional I nitiator

The sec-BuL.i initiated sequential polymerisation of styrene and butadiene blocks as discussed
above alows the preparation of ABA triblock copolymers with well defined block Iength. Both
symmetric and asymmetric PS end blocks can be prepared by adjusting the number of monomers
being added to corresponding block.

This method also alows the preparation of tapered triblock copolymers when a mixture of
styrene and diene is added to the reaction mixture after the completion of first styrene block. In
this case, due to higher reaction rate of diene monomers over the styrene monomers
polybutadiene chain is preferentially constructed alowing a gradual addition of styrene
monomers. This leads to a gradual variation of composition along the chain backbone at the

interfacial region (tapered transition).

ii. Two-step Method Using Bifunctional I nitiator

This method requires a bifunctional initiator which alows the formation of middle diene block
by dianionic polymerization. The diene chain has, therefore, two living ends which can cross
over dowly with the styrene end blocks. This method is especially useful in the case of
unidirectional block copolymerization, i.e., when the living B block initiates A block and not

vice versa.

iii.  Two-step Method Using Monofunctional I nitiator

Formation of an ABA triblock copolymer by coupling two living AB diblocks at B requires in
addition to the monofunctional initiator a suitable linking agent like dihalide or ester to join the
lithium chain ends of the diblocks. This method has the advantage of monomer addition only for
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two times as in the bifunctional initiation, thereby reducing the problem of introduction of
impurities. The biggest difficulty lies in the fact that one should exactly adjust the ratio of linking
agent to the chain end concentration. Any deviation from exact stoichiometry leading to the

formation of free diblocks has a dramatic effect on the strength of material.

Star Block Copolymers

Several methods are employed to prepare symmetric star block copolymers. The “core first”
method uses a multifunctional initiator to start the anionic polymerization, and the desired
monomers are sequentially added. The “core last” method comprises the coupling of living
diblocks or multiblocks using an oligofunctional linking agent. Initiating the outer blocks
(generally the PS block) at various intervals after the begin of the polymerization in the same

system star block copolymers of asymmetric block conformation may be synthesized.

3.2 Sample Preparation

3.21 Solution Casting

About 0.5 mm thick films of the samples were prepared by solution casting. The samples were
dissolved in toluene to prepare an about 3% (w/v) solution and the solvent was evaporated over a
period of two weeks to alow the formation of well ordered equilibrium structures. The films
were dried at room temperature for several days and vacuum-annealed for 48 hours. Thin films
for SFM studies were cast onto a freshly cleaved mica surface.

3.2.2 Injection and Compression Moulding

For injection moulding, the melt at 225°C was injected into a mould maintained at a temperature
of 45°C to rapidly cool it. Compression moulding was performed using the following program:
ca.l min melted at 190°C, 5 min pressed at a pressure of 50-200 bar. Finally the plates were
cooled for 3 minutes at a pressure of 200 bar. Tensile bars were prepared by cutting the plates

using a suitable form.

3.2.3 Extrusion
0.5 mm thick and 100 mm wide sheets of block copolymer samples were extruded using a

laboratory extruder at atemperature range 170-190°C.
3.3 Mechanical Properties

Mechanica behaviour of the samples was characterised by uniaxia tensile testing and fracture
mechanics method.
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3.3.1 TenslleTesting

a) = b) Single Edge Notched Bend

o . Razor Blade
B SENB) - Specimen
injected | ¢ )-Sp

Notch
F Crack

0\\4 J Tip
& Crack Y=
Tip
pressed ’ \‘\\ /

)T NV

Tip Radius
0.2 um

|

10 mm

extruded | g E
<

I
s=40mm

W

30 mm film

373
— L =80 mm

Figure 3.1 &) Light microscopic pictures of the tensile bars showing their relative size and b) Schematic showing
three-point bend test specimens used for fracture mechanics measurements

Tensile tests were performed using a universal testing machine (Zwick 1425 and Instron 4507) at
variable cross head speeds and temperature according to SO 3167 and 1SO 527. At least 10
samples were measured in order to prevent preparation artefacts and to get a good statistics of
data. Relative size of the tensile specimens is shown in figure 3.1a. The main objective of this
test is to have a comparative insight into the mechanical behaviour of the investigated samples.
Stress-strain curves were recorded using following equations for the calculation of stress (s) and
strain (e). The modulus of eagticity (Young's modulus) was determined by the slope of initial

portion of stress-strain curves.
F
stress, s = A (3.5)

where F and A stand for the load experienced by the specimen in Newtons and initial cross
section of the specimen in mm?, respectively.

L-L
0 100% =2 100% (3.6)

Strain,e=
I-0 I-O

where DL is the change in the length of the specimen relative to the initial test length L.

3.3.2 Fracture Mechanics

a. Determination of fracture mechanics parameters

In order to quantify the toughness behavior of the samples, an instrumented Charpy impact tester
of 4J total work capacity was used. The single edge notched bend (SENB) specimens according
to the norms of 1SO 179 have the following dimension: length L = 80 mm, width W = 10 mm
and thickness B = 4 mm (fig 3.1b). The specimens are notched with a razor blade (notch tip
radius = ca. 0.13 mm). For the measurement of fracture mechanics parameters as resistance
againgt unstable and stable crack growth, the initia crack length of 2 mm and 4.5 mm,
respectively were cut a the middle of the specimens through their thickness [149]. To minimize

the specimen vibration, the span length was set to 40 mm, and the pendulum hammer speed at
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strike was 1m/s.The determination of Young's modulus and yield strength under impact loading
conditions as well as the fracture mechanics parameters as resistance against unstable crack
initiation was carried out using the procedures described in ref. [149]. The Jvaues enable, on
the basis of energetical definition of Jintegral, the quantification of energy dissipation during the
process of crack growth while the critical crack-tip opening displacement (CTOD, dg)-values
takes into account the deformation of polymeric materials close to the crack tip. The d-values are
determined on the basis of plastic hinge model where the maximum deflection fnax IS substituted
by notch contribution of the deflection.

b. Determination of crack resistance (R-) curves

Toughness of binary block copolymer blends as resistance against stable crack initiation and
growth was characterized by means of crack resistance (R-) concept of eastic-plastic fracture
mechanics.

Crack resistance curves (R-Curves) represent the functional dependence of loading parameters
(Fintegra or d) with the stable crack growth Da. These curves makes it possible to derive the

fracture mechanics parameters as resistance against stable crack initiation and propagation.
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Figure 3.2: Instrumentation of stop-block method for the determination of R-curves via multi-specimens technique.

R-curves can be obtained by loading the specimens in such a way that the stable cracks having
different lengths are formed. A specia experimental technique is needed to record the dynamic
crack resistance curves, which make it possible to supply different energy values to the
specimens. Among various experimental methods of R-curves determination, the multi-
specimen method in the stop-block-technique (see fig 3.2) has been found especially suitable for
polymeric materials [149,150]
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The Jvalues determined by using equation (3.7) [149-151], which is suggested for the
determination of R-curves in polymers, are found to be in excellent agreement with that
calculated by an iterative approach [150,151]:

Ay thy Al 3. (0.75hy - YDag
BW - a) BW- a)é W- a

where Ag and Ay are elastic and plastic part of total deformation energy while hg and hp

J =hy (3.7)

represent the corresponding correction factors [149]. The letters W, B and a stand for specimen
width, thickness and the notch depth respectively. Because JFintegral is, exactly speaking,
defined only for the stationary crack, it is necessary to introduce a correction factor for a growing
crack, to allow the consideration of afinite crack propagation Da and effect of instationary stress
field ahead the crack tip. In this way, as shown in ref. [150], the requirement of limitation of
stable-crack-growth-contribution formulated in the Standard draft ESIS TC4 protocol [148],
should be considered. The discussions on specimen geometry and test of geometry-independence
of the fracture mechanics parameters derived from the R-curves, like parameters as resistance
against stable crack initiation, can be found elsewhere [149,150,152,153]. Further details on
determination and evaluation of R-curves under impact loading conditions are discussed in
[149].

3.4  Microscopic Techniques

Different microscopic techniques (scanning electron microscopy SEM, transmission electron
microscopy TEM, high voltage electron microscopy, HVEM and scanning force microscopy,
SFM) were used to investigate morphology and deformation behaviour of the samples. Detailed

references on different microscopic techniques may be found in [154].

3.4.1 Electron Microscopy

Scanning electron microscope (SEM, Jeol) was used to study the fracture surfaces of the samples
broken in tensile as well as impact tests. The fracture surfaces were sputtered with about 10 nm
thick gold film prior to the SEM investigations.

Microstructures of the samples were studied by transmission electron microscope (100 kV TEM,
Jeol and BS 500). For TEM studies, ultra-thin sections (ca. 70 nm thickness) were cut from a
block of the bulk sample immersed for severa days in agueous osmium tetroxide (OsOg)
solution in order to selectively stain butadiene phase of the styrene/butadiene block copolymers.
To complement the deformation behaviour of few selected samples, semi-thin sections (ca. 500
nm) were studied using high voltage electron microscope (1000 kV Joel HVEM). The semi-thin
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sections were strained in a special tensile device to a certain strain and fixed in the strained state.
The sections were stained by OsO4 prior to the HVEM investigations.

3.4.2 Scanning Force Microscopy

For comparable study of morphology and deformation structures of the samples, scanning force
microscope (SFM, Multimode, Digital Instruments) was used. The microscope was operated in
tapping mode at room temperature. The samples were microtomed at a temperature of —120°C to
prepare a fresh surface, and the cut face was scanned using a silicon cantilever (resonant
frequency 300- 400 kHz and spring constant 15 N/m). Thin films were directly imaged without
further preparation.

3.5 Additional Characterisation Methods

3.5.1 Thermomechanical Properties and Glass Transitions

Dynamic mechanica analyss (DMA) was employed to characterise thermomechanical
properties and primary glass transitions in block copolymers using DMTA Mark 3E (Rheometric
Scientific) in torsion and temperature sweep mode. The measurements were performed with a
frequency of 1 Hz, at atemperature range from —120°C to 120°C and at heating rate of 1 °C/min.
Test specimens cut from compression moulded plagues had the dimensions 30 mm” 10 mm” 2
mm. Additionally, differential scanning calorimetry (DSC) measurements were carried out to
locate the glass transition temperature of component blocks using Mettler DSC 820 in the
temperature range from —120 °C to 150 °C with a rate of 10 °C/min using the cycle heating —
cooling — heating. The hesat flow and the second derivative of the heating scans are used for the

analysis of the glass temperature. The weight of each sample was approximately 10 mg.

3.5.2 Determination of Molecular Weight and Composition

Molecular weight of the samples were determined by gas permeation chromatography (GPC)
using tetrahydrofurane (THF) as solvent using PS calibration. Volume fraction of styrene and
butadiene in block copolymers were determined by double bonds titration using the Wijs
method. The results of these investigations were provided by the BASF.
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4. STRUCTURE-PROPERTY CORRELATIONSIN DIFFERENT BLOCK
COPOLYMER ARCHITECTURES

4.1 Phase Behaviour and Morphology
411 Correlation Between Molecular Architecture and Phase Behaviour
Molecular architecture of the styrene/butadiene block copolymers studied here is schematically
outlined in fig 4.1 (detail molecular parameters in table 3.1). The total styrene volume fraction of
the samples is between 0.65 and 0.74. The linear copolymer LN1, a neat SBS triblock, has
symmetric styrene end blocks separated from butadiene centre block by a sharp interface.
Sample LN2, in contrast, has a tapered transition (shown by an oblique line between PB and PS
blocks), and comprises asymmetric PS end blocks, the larger block being about 4-5 times longer
than the shorter one. The molecular weight of longer polystyrene block is in the range of 50,000~
70,000 g/mole. Sample LN4 consists of short PS end blocks (M, ~ 18,000 g/mole) connected by
a rubbery block made up of a random styrene/butadiene copolymer. The styrene volume fraction
of the hard block is about 0.32.

sample molecular structure morphology
‘7
7 7 /4
oL/
LN4-865 e —— | 5 ° '/

/el
ST1.574 =—|— 1 |’

Figure 4.1: Molecular architectures of the block copolymers studied; Sxx indicates the volume fraction of styrenein
the block copolymers. The oblique line between the blocks stand for a tapered transition; white and black colours
stand for styrene and butadiene phases, respectively.

The star molecules have about four asymmetric arms, one of them being much longer than the

others whose molecular weight ranges from 60,000 to 90,000g/mole. ST1 is a neat block

copolymer (sharp interface) while ST2 is a tapered one with a wide interface between centre
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butadiene block and styrene core. The diverse molecular architecture (chain topology, block
asymmetry, nature of interface etc.) of these block copolymers leads to remarkably different
phase behaviour and mechanical properties as discussed below.

Dynamic mechanical analysis (DMA) of the block copolymers (fig 4.2a,b) gives an important
insight into their phase behaviour. The shift of glass transition temperature of the components
relative to that of the corresponding homopolymers may provide valuable information on the
miscibility of the constituent blocks. In spite of equivalent chemical composition the samples
(except LN4 which contains 65 vol. % styrene) exhibit an appreciably different behaviour in
DMA plots. Especialy noteworthy is the shift in glass transition temperature of butadiene phase
Tgpre. The glass transition temperatures of respective block copolymers is determined by the
location of losstangent peak (tand = G '/G’) in DMA gspectra. The neat linear triblock
copolymer LN1 has a Tgpg and Tgps at —98°C and 102°C that correspond to the glass transition
temperatures of polybutadiene and polystyrene homopolymers, respectively. This behaviour
would be expected from the chemical incompatibility between PS and PB, which are separated
by afairly sharp interface (strong segregation). In other samples, the Tgps remains more or less
constant but Typg is shifted towards substantially higher temperatures in the following order:
ST1 (-76°C), ST2 (-73°C), LN2 (-44°C) and LN4 (-17°C). The shifts in Tgpg of the block
copolymers is also supported by DSC measurements (Appendix 4.1). A significant shift in Tgpg
towards higher temperatures implies that a considerable amount of styrene units having bulky
pendant groups is mixed to the butadiene phase. Styrene units mixed to the butadiene phase

hinder the mobility of flexible polybutadiene phase increasing its glass transition temperature.
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Figure 4.2: Dynamic mechanical spectra of different block copolymer showing storage elastic modulus (G”) and loss
tangent (tand); a) triblock copolymers b) star block copolymers.

Furthermore, the tapered interface between PB and PS blocks in LN2 and ST2, as shown by an
oblique line between the dissimilar blocks in figure 4.1, results in the situation that a part of stiff

styrene segments is trapped in butadiene phase. These segments further contribute to cause an
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increase in Tgps. The tapered sequence behaves mostly as a styrene-butadiene-rubber (SBR) and
practically belongs to the rubbery phase. It follows, hence, that the effective volume fraction of
the soft phase would be increased in the tapered block copolymers. Larger shift in Tgpg in LN2
compared to that of ST2 indicates the presence of relatively longer tapered chain in the former.
The molecules of LN2, ST1 and ST2 are highly asymmetric (i.e., the molecules contain unequal
PS end blocks). Molecular weight of the shorter PS chains in LN2 is around 12,000 g/mole, and
it is still lower in the star block copolymers. These shorter chains may be partly pulled into the
PB domains as suggested recently by Matsen [54] for asymmetric ABA triblock copolymers (to
discussed later in fig 2.8). This explains the massive increase in Tg.pg in the LN2, ST1 and ST2.
It may further provide reason for an additional glass peak observed at about 75°C in ST1, ST2
and LN2, which may be assigned to the relaxation of short PS chains partly mixed to the
butadiene phase leading to an increase in Tgpe.

Fox and Flory have suggested an empirical equation to explain the molecular weight dependence

of glass transition temperature (Tg) of polystyrene (from p. 353 of ref. [7]):
1.8X10°

T, =106°C - , Where M, is number average molecular weight of the polymer.

n
Using this equation, a number average molecular weight (M,) of 7,200 g/mole may be calculated
for polystyrene chains having a glass transition temperature of 75°C (fig 4.3). This polystyrene
chain length is close to the molecular weight range of short polystyrene chains present in LN2,
ST1 and ST2. It is particularly noteworthy that this additional Tgps peak is very pronounced in
sample ST2 implying the presence of an additional PS phase (i.e., PS domains embedded in PB
lamellae) that would explain the existence of “two-component three-phase” morphology of this
sample to be discussed later. But a separate PS phase has not been detected in samples ST1 and

LN2 by microscopic techniques.

Poltystyrene

1000 10000 100000

M [g/mole]

n

Figure 4.3: Plot of Fox’s equation for PS; the shaded area shows the range of molecular weight and corresponding
glass transition temperature of short polystyrene chains contained by the block copolymers LN1, ST1 and ST2.

DMA plots in fig 4.2a shows that glass transition temperature of butadiene phase is most
significantly shifted in LN4. A glass temperature of —17°C (the soft phase in LN4) is aimost
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intermediate between the glass transition temperature of pure polystyrene and polybutadiene
homopolymers. Thus, glass transition at —17°C results from the random copolymer centre block
in LN4.

In the tapered block copolymers, in which the composition at the interface does not suddenly
change, the interfacial width may increase due to enhanced phase mixing. The same is true in
case of block copolymers having PS domains held fixed by random S/B copolymer (for instance
LN4) chains. In such cases, the whole system can be driven towards the order-disorder transition
(ODT), and aweak segregation behaviour may be observed [41,59]. This phenomenon may have
important consequences in the mechanical properties of the block copolymers.

Analysis of DMA spectra, especialy the size of plateau modulus and level of the loss tangent
(tand), further allows to draw qualitative inferences about the interfacia width of the block
copolymers. Here, this aspect is illustrated taking linear block copolymers as example. The
modulus level in the rubbery plateau region, which primarily depends on the hard block (i.e.,
polystyrene) concentration, is the highest and flattest for LN1 and decreases in the order: LN1,
LN2, LN4. This suggests that the extent to which pure phases are formed decreases in the same
order. In other words, LN1 forms the ‘purest phases and has smallest mixed phase volume or
narrowest interface. Hence, the interface width increases from LN1 to LN2 to LN4. Since the
material at the interface will have transitions between those for pure PS and pure PB, the level of
tand in the rubbery plateau region will be increased by interfacia volume [157]. This reiterates
that the interfacial volume and the interfacial width increase in the order: LN1, LN2, and LN4.

4.1.2  Equilibrium Morphologies

Microphase separated structures of the block copolymers examined by TEM and SFM are
compared in figs 4.4 and 4.5. Since the phase detection in tapping mode SFM is sengitive to the
material heterogeneity, phase signals can be used to identify different phases in the multiphase
polymeric materials [158-161]. It has been demonstrated that the contrast in tapping mode phase
images changes with the force used (i.e. the ratio of applied set point relative to that of the free
oscillation) [159,160]. Under low or moderate tapping forces, the brighter and darker phase
signals in SFM images correspond to the higher and lower modulus phases, respectively [159].
Since the SFM images are collected under moderate force, the brighter phase signals should
correspond to the hard phase (PS in this case) and so on.

Interpretation of SFM phase signals in styrene/butadiene block copolymers is discussed in recent
publication [66,158]. Since the butadiene phase has been selectively stained with OsO, for TEM
imaging, white and dark regions in TEM images stand for PS and PB, respectively. As evident
from fig 4.4, sample LN1 has a cylindrical morphology with hexagonal PB cylinders in PS
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matrix as expected from its net chemical composition [2,11,14]. The cylinders are partly parallel
and partly orthogonal to the plane of micrographs. The long period of the PB domains as

measured in Fourier transformed images is given in table 4.1.

LN1-574

LN2-574

L N4-S65

Figure 4.4. Representative TEM (left) and SFM phase (right) images of triblock copolymers; characteristic
dimensions of the microdomains are given in table 4.1.

LN2 shows, in contrast, a lamellar arrangement of alternating layers of PS and PB despite its
composition identical to that of LN1. The molecular structure of LN2 should be responsible for

the appearance of “finger print pattern” characteristic of lamellar morphology rather than a
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cylindrical one. Flat-on as well as edge-on views of lamellae are clearly demonstrated by the
SFM micrographs. For the evolution of lamellar structure, however, the effective volume
fraction of the component must be more or less symmetric [14]. Thisis only possible if a part of
polystyrene (or styrene segments) is mixed in the PB phase and practically belongs to the soft
phase.

First, this block copolymer has asymmetric PS end blocks, the shorter ones having a molecular
weight in the range of 12,000 g/mole A part of these short PS chains may be mixed to the PB
phase leading to an increase in Tgpg as discussed in previous section. Since PS chains with
molecular weight of about 10,000g/mole is sufficient for the formation of its own domains in
linear SB block copolymers [43,68], a magjor part of the shorter PS arms is expected to phase
segregate to form lamellae. The stretching energy of a bidisperse polymer brush (e.g., A block in
asymmetric ABA triblock) is known to be less than that of a monodisperse one (e.g., symmetric
ABA triblock). Hence, polystyrene has lower stretching energy in asymmetric SBS triblock
copolymer than that in symmetric one. The stretching energy will be balanced, as suggested
recently by Matsen, if a part of short PS chains are dragged into the PB domains which resultsin
a decrease in stretching energy of PB domains [54]. Styrene units present in the tapered chain
(indicated by oblique linesin fig 4.1) are the another candidates to be fully mixed with PB phase.
Both of these effects would contribute to reduce the effective volume fraction of polystyrene to
such an extent that the whole system is driven towards compositional symmetry; and the
formation of lamellae will be possible. This argument is in consistence with a strong shift of
Tgps in sample LN2 towards higher temperature (to —44°C in contrast to Tgpg a —98°C in
sample LN1) as observed in DMA curves given in fig 4.2.

Recent theoretical calculations [36,37,50,54] and experimental works on graft block copolymers
[30-32] have shown that a considerable shift in phase diagram occurs depending on molecular
architecture of the block copolymers. Mayes and de la Cruz [49,50] have, for example, analysed
how molecular architecture modifies the phase behaviour of block copolymer melts. They have
predicted a notable shift in stability windows for different morphologies at a given composition
for asymmetric triblock copolymers and star block copolymers. Severa authors have studied the
phase behaviour of graft copolymers both theoretically [36] and experimentally [29,31] and
observed a substantial shift from classical picture of morphology of diblock copolymers. Phase
behaviour of LN2 experimentally determined in this work is especially consistent with recent
prediction of Matsen [54] on equilibrium behaviour of asymmetric block copolymers. Since the
ratio of long to the short PS blocks in LN2 3 4, a considerable shift in boundary of microphase
morphology may be expected.
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Finally, sample LN4-S74 consists of physical networks of polystyrene phase in random SB

copolymer matrix. The polystyrene volume content as hard blocks (terminal blocks) in this block

sample is about 0.32 which is in the composition range of conventiona styrenic thermoplastic
elastomers (TPES). Hence, dispersed PS domains in S/B rubbery matrix are expected (figure 4.4,
bottom).

ST1-574

5T2-874

Figure 4.5: Representative TEM (left) and SFM phase (right) images of radial block copolymers; characteristic
dimensions of the microstructures are givenintable 4.1.

Two-phase morphology with dispersed hard phase in the rubbery matrix has been observed in
SIS and SBS TPEs. The dispersed phase consists generaly of hexagonal packed PS cylindersin
such TPEs [43,68]. In this respect, sample LN4 has structural similarity with classical styrenic
thermoplastic elastomers. However, contrasting the classical styrenic TPES (which contain about
30 vol. % polystyrene), LN4 does not possess highly ordered microstructures. The lack of a
hexagona lattice in this sample implies a broadened interface typical of a system close to the
order-disorder transition (ODT) [41,59]. The morphology of this sample, which may be called as
randomly distributed cylinders in random S/B copolymer matrix is, indeed, very complex.

Lamellae-like morphology is observed in sample ST1-S74 and ST2-S74 (fig 4.5). Characteristic

SAXS reflexes for lamellar morphology are, however, not observed in both of these block
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copolymers [162]. In a diblock copolymer of equivalent composition, hexagona arrangement of
PB domains in PS matrix would be expected. TEM and SFM micrographs of these samples,
however, show both flat-on and edge-on views of the microstructures that may be expected only
in case of layered morphology. Flat on view of ‘lamellag’ is especialy visible in the SFM phase
image of sample ST2.

Figure 4.6: High magnification of TEM image showing “Two-component three-phase” morphology observed in
ST2-S74.

The deviation in morphology (formation of lamellae-like structures instead of hexagona PB
cylinders) in these radial block copolymers can be assigned to their special molecular structures
(block asymmetry, star architecture). It should be stressed that the influence of end block
asymmetry as discussed above while elucidating the morphology and phase behaviour of sample
LN2 is applicable in star block copolymers as well. Indeed, the ratio of longer to shorter PS outer
blocks in star block copolymers is till higher than in LN2, and a stronger shift in their phase
behaviour seems reasonable. An increase in Tgpg in ST1 and ST2 (fig 4.2b), for example,
implies the presence of PS sequences in the butadiene phase. A higher shift of Tg.pg in ST2 than
in ST1 may be attributed to the presence of tapered transition (fig 4.1), where the PS chains
mixed with the PB phase hinder the mobility of the latter, and leads to an increase in Tgps.
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The star molecules are prepared by coupling living the chains using oligofunctional coupling
agent [41,156]. Since the coupling is a statistical process, it results in stars of varying arm
numbers and compositions. Hence, star block copolymer samples are, indeed, a mixture of
several kinds of stars which introduces further complexity in their solid state morphology.

As mentioned earlier, theoretical works of Matsen [39], Olvera de la Cruz [49,50], Milner [36]
and Dobrynin [37] have demonstrated a shift in phase behaviour of star block copolymers
compared to their linear analogues. Most recent analysis of Morozov and Fraaije [40] has aso
demonstrated that the topology of molecules affects the spinodal temperature and asymmetry of
phase diagrams. Olvera de la Cruz reported the first theoretical calculations concerning the phase
stability of star block copolymers, simple graft copolymers, and miktoarm A,B, star copolymers
[49]. Irrespective of the position of the branch point, the minimum value at the spinodal was
predicted to occur at volume fraction f =0.5. Star copolymers of the AnBy type are predicted to
have a critical point at (cN)s =10.5, (c is the Flory-Huggin's interaction parameter and N is
overall degree of polymerisation) the same value as for diblocks, when f =0.5. But for (AB), star
copolymers, the critical value of (c N)s does not occur at f =0.5, and the minimum value of (c
N)s decreases by increasing the number of arms. In other words, the tendency towards phase
separation increases with increasing number of arms.

On the other hand, increasing the number of junction points along any arm (e.g., ABA structure
instead of AB dtructure of the arm) may further favour phase separation due to decreased
entropic contribution to free energy resulting from chain stretching. If each arm consists of
asymmetric A blocks (structure analogous to that of LN2, fig 4.1), the phase boundaries tend to
shift again. Hence, giving each arm an asymmetric ABA triblock (or AB diblock) structure may
introduce complex phase behaviour in block copolymers. Exactly this complex situation exists in
ST1 and ST2 which makes the formation of well defined morphology more difficult.
Furthermore, studying the compositionally symmetric styrene/isoprene inverse star-block
copolymers, Thomas and co-workers observed experimentally the morphological transition from
lamellar to OBDD structure at higher outer to inner block asymmetry. This transformation was
attributed to a preferred interfacial curvature induced by the change of the architecture in these
asymmetric (in the arm diblock level) but symmetric (in overall composition) star copolymers
[163].

Morphology of ST2, consisting of alternating PS and PB layers with PB layers embedding
scattered PS domains about 6-9 nm in thickness, deviates most significantly from the classica
picture of morphology of styrene/butadiene block copolymers (fig 4.6). Obvioudy, the PS
domains found inside the PB lamellag, which may be regarded as a separate phase, act as

reinforcing filler, which smultaneously increases the effective volume fraction of PB. Therefore,
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the unique morphology of this star block copolymer can be termed as “two-component three-
phase’” morphology. Three-phase morphologies have been observed in ABC triblock copolymers
by severa authors (summarised in chapter 2.2.3 of Ref. [3]). Morphology very similar to that of
ST2 was observed in an ABC triblock copolymer by Hashimoto et a. [23] in which one of the
minority end block C (24 wt %) formed sphere-like domains in the matrix of mgority B (39 wt
%) phase lamellae. The existence of complex three phase morphology in asymmetric
styrene/butadiene star block copolymer was first reported by Knoll and Nief3ner [41].
Irrespective of sample preparation methods, this morphology has been found to persist. These
results have shown that “two-components three-phase” morphology is characteristic of an

asymmetric S/B block copolymer with SBS triblock arm structure.

Figure 4.7: Scheme showing conformation of constituent block chainsin the investigated block copolymers.

The formation of PS domains inside the PB lamellae leading to the “two-component three-
phase” morphology in ST2 stems from its special molecular architecture. Its molecule has a
small PS core with molecular weight sufficient for the formation of PS domains (i.e.,>10000
mole). Therefore, the scattered PS domains found in PB phase appear to originate from the PS
core of the star molecules. That another star block copolymer ST1 does not possess PS domains
in the PB phase supports this notion. These domains observed in TEM micrographs of ST2 could
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not be resolved satisfactorily in the SFM images, since the resolution of SFM may be limited by
tip radius [159,160] which might blunt on prolonged scanning over the sample surface.

It should be admitted that the morphologies of the block copolymers having asymmetric block
conformations are very complex, and their evolution is not fully understood. On the basis of
results discussed above, a smple schematic picture of morphology formation is presented in fig
4.7.

Table4.1: Mean long period ( L) and average thickness of PS ( D ps) or PB ( Dpg) domains measured in TEM
and SFM micrographs of investigated solution cast samples.

samples Lev Lswm Dpsrem DPB rew
(nm) (nm) (nm) (nm)

LN1-S74 28 29 - 13

LN2-S74 36 42 20

LN4-S65 33 37 15

ST1-S74 37 41 22

ST2-S74 47 45 21

413 Effects of Sample Preparation Methods

In preceding section, equilibrium morphologies of the block copolymers have been discussed.
Such structures are, however, non-realistic in samples prepared by usual processing methods like
press moulding, injection moulding, extrusion etc., where the molecular mobility leading to the
formation of ordered structures is highly constrained. In presence of external forces like
shearing, pressure etc., the thermodynamic conditions favourable for a particular morphology are
not attained, and non-equilibrium morphologies may prevail. Especialy important in this respect
are the domain orientation and phase transitions brought about by the external forces like
shearing [35,164,165].

Fig 4.8 compares TEM micrographs of two linear block copolymers LN1 and LN2 prepared by
two different methods: compression moulding and injection moulding. At the first glance, it may
be seen that the microphase separated structures have an enhanced orientation along the direction
paralel to the machine direction in contrast to ‘polygranular’ structure of solution cast samples.
These structures are qualitatively similar to the equilibrium ones (compare with fig 4.4 and 4.5).
In each case, the basic morphology has been maintained. In injection mould, the microstructures
(lamellae or cylinders) are aligned but often more disrupted. The orientation of microstructures
arises from the shear stress operating during the process of injection moulding.

Orientation of block copolymer microdomains is intensively studied in the literature [35,126-
130,165]. Winey and co-workers have studied the orientation of lamellar block copolymer
samples under large amplitude oscillatory shear (LAOS) [129,130] while Bates et a. [165] have
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investigated the shear orientation and phase transitions in block copolymers with lamellar and
cylindrical structures. Yamaoka and co-workers have studied the morphology of injection
moulded and compression moulded lamellar block copolymers and observed different degree of
orientation [35]. Nearly single crystal-like textures in a lamellar and a cylindrical sample have
been recently prepared by Thomas et a. using roll cast technique [109,126-128]. These studies
have shown that microphase morphology of the block copolymers may be significantly altered
by an application of external forces like shearing. The influence of processing conditions on
morphology and mechanical properties of star block copolymers is discussed by Michler et al. in
arecent publication [166].

LIN1-§74

LIN2-574

Figure 4.8: TEM images showing morphology of LN1-S74 and LN2-S74 prepared by press moulding (left) and
injection moulding (right); injection direction vertical.

No preferential orientation of microstructures is observed in compression moulded samples.

These are randomly arranged, and <till show a very pronounced long range order. The
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microphase separated structures in compression moulds are quite equivalent to the equilibrium
ones.

It should be emphasised that the morphology in injection moulded samples can change even
from layer to layer and the distance from the injection mouth because of extremely rapid cooling
conditions (a large difference in melt and mould temperature). Presence of anisotropic ‘skin
core’ morphologies in injection moulded bars have been observed in various polymers including
block copolymers [70,167]. Generally, the sample is strongly stressed towards the ‘skin layer’
than the *core layer’; the microstructures are often irregularly arranged, possess more defects and

hence deviate from the equilibrium structures.

4.2 Mechanical Properties

Mechanical behaviour of ABA type block copolymers are mainly governed by their microphase
separated structures [68,111,118,138]. Hence, their mechanical properties may be discussed with
respect to the corresponding morphology. Molecular parameters like asymmetry, topology etc.
generally exercise indirect control over mechanical properties mainly by affecting the phase

behaviour.

421 Tensle Behaviour
Stress-strain curves of solution cast and injection moulded samples are given in fig 4.9. The
parameters obtained from solution cast films and injection moulds are, however, not directly
comparable due to different geometry of tensile specimens (table 4.2). If these were neat linear
block copolymers with symmetric outer PS blocks, LN1, LN2, ST1 and ST2 al would have
formed PB cylinders in PS matrix; and their stress-strain curves would resemble that of LN1.
Similarly, LN4 would have given rise to a lamellar morphology; and a corresponding stress-
strain curve would be similar to that of a lamellar SBS triblock copolymer. But the morphology
of investigated block copolymers deviate strongly from the classical picture and consequently a
significant shift in mechanica and micromechanical behaviour is observed. With respect to
phase behaviour and morphologies, the investigated block copolymers show three kinds of
behaviour:
a Brittle behaviour — high yield stress, low elongation at break, stress whitening, (e.g.,
LN1-S74, PB cylindersin PS matrix)
b. High impact behaviour — low yield stress, very high elongation at break, strain hardening,
large plastic deformation (e.g., LN2-S74, ST1-S74 and ST2-S74; lamellar structure)
c. Thermoplastic elastomeric behaviour — no pronounced yield point, high elongation at
break, excellent recovery (e.g., LN4-S65, PS domains in rubbery matrix)
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Sample LN1 has the highest yield stress suggesting the highest resistance to plastic deformation
atributable to the presence of a PS matrix. After reaching the yield point strain softening
prevails, and the sample breaks at a strain of about 10-20%. A macroscopic stress whitening,

indicative of microvoid formation, is observed during tensile testing.
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Figure 4.9: Stress-strain curves of the block copolymers; a) solution cast films and b) injection moulds; tensile test at
across head speed of 50 mm/min.

A diffuse yielding is observed in solution cast lamellar samples LN2, ST1 and ST2 in
consistence with earlier results by Sakurai et al. [140] in polygranular samples. The yielding,
which has been treated as a beginning of successive fragmentation of glassy lamellae leading to
the formation of glassy domains in the rubbery matrix, indicates the onset of plastic deformation.
In block copolymer literature, this process has been referred to as plastic-to-rubber transition
[123-127,135-138]. During the drawing process, the stress level remains nearly constant, which
again rises (strain hardening) until the fracture of tensile specimens. All the lamellar block
copolymers exhibit finally similar mechanica behaviour regardless of the molecular architecture
they possess. It suggests that the polygranular lamellar samples deform via similar mechanism.
Nevertheless, the linear block copolymer LN2 shows till a higher elongation at break than the
other lamellar samples. This difference is more pronounced in the injection moulded samples,
which might be explained by the higher effective rubber content in LN2 resulting from mixing of
styrene units in butadiene phase at the phase boundary (tapered interface). This notion is strongly
supported by a larger shift of Tq.ps in this sample towards higher temperature than the other
lamellar samples ST1 and ST2.

Moreover, triblock chains have longer counter length than the star block chains at constant
molecular weight which would eventualy contribute to higher macroscopic elongation. Higher
stretching further leads to higher chain orientation of the chains (higher orientation hardening)
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leading to higher stress at break. Higher rubber toughening via increased Tg.ps May, however,
have unwanted consequences on the low temperature toughness of the block copolymers. At
comparable molecular weights, star block copolymers have preferred rheological properties over
triblock copolymers [43-45,52].

Table 4.2: Mechanical properties of investigated block copolymers, injection moulds (inj) and compression moulds
(prs) are tested according to the norms SO 527; solution cast film (sol) has a thickness and total length of about 0.5
mm and 50 mm, respectively. All the samples are tested at a cross head speed of 50 mm/min at room temperature.

sample  preparation Young's yield stress  stressat break strain at break eg

code modulus (MPa) sy (MPa) sg (MPa) (%)
LN1-S74 inj 1810+8 29,8+0,2 23,9+0,3 8,8+1,0
prs 1623+27 28,8+0,3 24,6+0,3 14,2+1,0
sol - 26,6+2,2 22,5+2,4 19,4+1,9
LN2-S74 inj 1268+16 28,9+0,5 25,5t14 436+14
prs 568+49 11,4+0,3 26,1+1,5 369+23
sol - 11,9+0,7 33,6+4,0 416+23
LN4-S65 inj 79+£10 ca 3,2 20,2+0,7 60519
prs 38+11 - 18,0+0,7 597+9
sol - - 32,5+£3,7 550+12
ST1-S74 inj 157348 26,8+0,2 16,1+0,5 110+37
sol - - 27,6+2,4 368135
ST2-S74 inj 1205+14 23,7+0,3 19,3+0,8 257+15
prs 1014+48 16,8+0,7 27,7£1,6 387+26
sol - 12,5+0,7 26,4+2,8 363+33

Low yield strength of solution cast lamellar samples arises from their polygranular nature. In
contrast, sample LN4 does not have a well-defined yield point due to its homogeneous
deformation. Appearance of a shoulder at about 10% strain may imply the beginning of
successive fragmentation of PS cylinders at higher strains (to be discussed later in section 4.3.1).

It is evident that the ultimate mechanical properties (e.g., maximum achievable stress level,
maximum elongation etc.) of solution cast samples are, in general, superior than that of injection
moulds. It is attributable to nearly equilibrium structures of solution cast films in which the

incompatible domains are well phase separated [43,69].
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Since the injection moulded samples are loaded along the injection direction (parallel to the
orientation of microstructures), these samples show higher yield stress. This results from the
cumulative resistance of all the glassy layers against plastic deformation. These samples achieve,
however, lower stress level during tensile deformation, arising from unfavourable conditions for
phase separation during the processing. It is especially true for sample LN4 in which polystyrene
domains are dispersed in rubbery matrix. In thermoplastic elastomers, the ultimate strength is
mainly determined by the strength of physical cross links of dispersed PS domains which
depends on the extent of phase separation.

In injection moulds, the styrene domains are more or less spherical in contrast to disordered short
cylinders of solution cast sample (compare fig 4.14a and 4.15a). That PS cylinders can withstand
higher stress level than PS spheres explains further the higher level of strength of solution cast
LN4 than the injection mould.

4.2.2 Mechanical Anisotropy in Oriented Samples

The orientation of microdomains may have a significant impact on deformation behaviour and
mechanical properties of the block copolymers as recently shown by Thomas and co-workers in
samples having lamellar [126-128], cylindrical [141-143] and gyroid [108,109] morphologies.
Different extension ratio of craze fibrils was measured by Kramer and co-workers depending on
the orientation of lamellae with respect to the external stress direction [132].

The mechanical properties of oriented styrene/diene block copolymers are highly
anisotropic which is associated with the orientation of microstructures with respect to the loading
direction. Here, this mechanical anisotropy in oriented samples is discussed taking lamellar
copolymer LN2 as an example. In extruded LN2, where the |lamellae are oriented aong the
extrusion direction in macroscopic scae (e.g., fig 4.10a), dissmilar stress-strain curves are
obtained on loading the samples parallel and perpendicular to the lamellar orientation direction
(fig 4.10b). It is clearly noticed that the sample has yield stress of about 15 MPa and 10 MPa
when loaded parallel and perpendicular to the lamellar orientation direction, respectively.
Ultimately, the tensile strength and elongation at break of the specimens under perpendicular
loading exceeds that under parallel loading. These observations are partly consistent with recent
findings of Thomas et a. [126,127]. These authors have demonstrated the formation of
characteristic chevron morphology when the lamellar sample is subjected to tensile loading
perpendicular to the orientation direction and observed that both the deformations (both parallel
and perpendicular to the lamellar orientation direction) led ultimately to the same value of strain
and stress at break. A reason of this discrepancy may be due to the different specimens geometry

and strain rate used in their experiment. It may also be associated with different degree of
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misorientation in the samples used by in this work and Thomas and his co-workers.
Nevertheless, different deformation mechanisms seem to hold at the strains close to the specimen

fracture.
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Figure 4.10: @) TEM images showing morphology of extruded lamellar copolymer LN2; the numbers I, 11 and 11
stand for different directions in which the specimens are taken from the extruded sheets schematically outlined at the

right side and b) stress-strain curves obtained on loading the samples parallel (//) and perpendicular (*) to the
lamellar orientation direction.

4.3 Micromechanical Behaviour

4.3.1 Influence of Microphase Morphology

In the preceding section, the mechanical properties of solution cast samplers are classified in
three headings on the basis of morphology. Accordingly, deformation structures can be discussed
with respect to microphase morphology of the samples. PB domains in PS matrix, aternating

layers and PS domains in rubbery matrix.

a. Deformation of block copolymer with PB domains (e.g., LN1-S74)
HVEM micrographs of the sample LN1-S74 in fig 4.11 reveal the fine structures in craze-like
deformation zones. Such local deformation zones in block copolymers having rubbery domains

in glassy matrix are already reported in the literature [111,113-115,168]. A precise inspection of
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these zones makes it noticeable that the “microcrack” goes through the PS matrix leaving the PB
domains often uncavitated. This observation is fundamentally different from the results obtained
in SB diblock copolymers [112-114], weakly segregated block copolymers [111] and star block
copolymers with rubbery outer blocks [168].

According to the cavitation model proposed by Argon and Schwier [113] for SB diblock
copolymers, cavitation of rubbery PB domains is followed by micronecking in the surrounding
glassy PS matrix. The deformation of glassy matrix leads to the formation of cellular structures
made up of microvoids and drawn PSfibrils.

400 nm

Figure 4.11: a) Lower and b) higher magnification of HVEM micrographs showing crazing in polystyrene matrix in
sample LN1-S74; deformation direction indicated by arrow.

In contrast to this cavitation model, cavitation of the glassy phase prevails during tensile
deformation in SBS triblock copolymer. Similar deformation behaviour has been observed in
ABC triblock copolymers having both glassy terminal blocks and styrene/isoprene multigraft
copolymers [119]. For SBS triblock copolymers, rupture of styrene domains (cavitation in the PS
phase) has been reported previoudy by Baer and co-workers [115]. Those results indicate that
the cavitation mechanism proposed for SB diblock copolymers is no more valid for SBS triblock
copolymers irrespective of the type of microphase separated structures present in them. The
cavitation in block copolymers is, therefore, clearly related to the location of glassy blocks in
their molecules.

The cavitation of rubbery phase under concentrated stress ahead the craze tip in SB diblocks may
be attributed to the presence of one half of the chain ends in the rubbery domains. As another
half of the chain ends are terminated in glassy matrix, flexible rubbery chains are prone to pull

out of the rubbery domains (disentanglement), and cavitation in the rubbery domains takes place.
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Since both the chain ends are terminated in the PS matrix in SBS triblock copolymers, there is
more likelihood that the glassy chains dide past one another favouring microvoid formation in
the glassy matrix.

Craze fibrils in PS matrix in sample LN1 are highly stretched. However, the macroscopic
elongation of the specimens is limited to few percents. Localisation of deformation in craze-like
deformation zones is the reason of observed low elongation at bresk. Presence of PS matrix

accounts for the high yield stress and high elastic modulus of this sample.

Table4.3: Long period (L) and average thickness of PS domains (Dps) measured in TEM micrographs of injection
molded samples before and after deformation. The figures inside parenthesis corresponds to the peak of distribution.
*PB domains about 13 nm in diameter which either remain aimost unchanged or slightly stretched plastically in
craze-like regionsin deformed samples.

L (nm) Dps (nm)
samples before after beforedef.  after def.
def. def.
LN1-S74 20-25 - -*
(23)
LN2-S74 25-30 11-17 05-23 3-17
(28) (14) (16) (10)
LN4-S65 18-33 - 12-28 -
(22 (15)
ST1-S74 33-46 12-30 14-32 6-25
(40) (1) (22) (14)
ST2-S74 37-42 12-26 10-36 8-22
(39) (18) (20) (14)

b. Deformation of lamellar block copolymers (e.g., LN2-S74)

Due to presence of aternating PS and PB layers, sample LN2 deforms through a different
mechanism than LN1. The morphology of sample LN2 deformed in tensile test is shown in fig
4.12. In the deformed specimen, the lamellar long period has been partly decreased locally up to
1/3 of the original value (fig 4.12a, upper right). Assuming equivalent deformation in the
direction normal to the image surface, a local elongation of PS lamellae of about 200% can be
estimated which is in the same order as the macroscopically observed strain at break of the
specimen (fig 4.98). The deformed lamellae have been aligned strongly in the deformation
direction indicating the rotation of the lamellae towards the strain direction. Recent studies on
the deformation behaviour of lamellar block copolymers using TEM and in-situ scattering
techniques by Thomas et a. [126,127] have shown that oriented lamellar “single crystals’
deform via formation of chevron fold-like morphology nucleated from pre-existing local defects
(like edge dislocation) when the sample is subjected to tensile deformation perpendicular to the
lamellar orientation direction. They have demonstrated that macroscopic strain of a few hundred
percent can be achieved smply through the lamellar folding (formation of chevron folds)

without noticeable stretching of the lamellae itself in the strain direction. A ssimilar chevron fold-
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like morphology has been observed in solution cast polygranular sample LN2, which might have
been formed by rotation or folding of the lamellae situated perpendicular to the stress direction
(fig 4.12b). The narrow kink boundaries are mostly asymmetric, and the PS lamellae are partly
broken at the hinges. The lamellar long period at the hinges is larger than that in the limbs
indicating the dilation of rubbery layers. Most importantly, the deformation is not localised in the
form of craze-like zones in contrast to sample LN1. Since the lamellae are randomly oriented,
observed high ductility of this sample can be assigned to be the result of combined effect of both
lamellar folding and lamellar stretching along the deformation direction.
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Figure 4.12: SFM phase images showing chevron fold-like morphology in lamellar block copolymer LN2-S74
formed by tensile deformation, deformation direction vertical.

Similar deformation mechanism hold in lamellar star block copolymers. TEM images of ST2
strained in the tensile test is shown in fig 4.13a, and the thickness distribution of PS lamellae
before and after deformation is given in fig 4.13b. It can be noticed in fig 4.13a that there are two
different deformation zones. one with plastically deformed lamellae (shown by letter H) and the
other with lamellae forming fish-bone pattern (shown by letter F). In the former, PS lamellae
thickness has reduced by over 50% while in the latter PS lamellae are simply bent towards the
strain direction or turned into kink boundaries. As in sample LN2, the lamellar long period in
this region is significantly higher than in undeformed sample resulting from the dilation of
rubbery layers.

Moreover, high ductility of lamellar samples LN2 and ST2 may be related to their molecular
structure. Unlike sample LN1, which comprises the symmetric PS end blocks and has a sharp
interface between the blocks, the chains of sample LN2 and ST2 contain asymmetric PS terminal
blocks and a tapered transition resulting in a broadened interface. Enhanced mechanical
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properties due to broadened interface have been discussed in weakly segregated block
copolymers[111,131]. The asymmetric nature of the hard blocks leads to a twofold advantages:
the longer end block contributes to the strength of the block copolymer, whereas the shorter
blocks enhance the deformability and processability [53]. To summarise, deformation via similar
micromechanism (e.g., plastic stretching and folding of lamellae into chevron-like texture) leads

to similar tensile properties of solution cast lamellar samples.
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Figure 4.13; TEM micrographs showing deformation structures in solution cast ST2 (top) and distribution of
thickness of PS lamellae fitted to a Gaussian function.

c. Deformation of block copolymer with PS domains (e.g., LN4-S65)

Due to presence of rubbery random S/B matrix with glassy PS domains dispersed in it, sample
LN4-S65 shows a large degree of non-linear elastic behaviour. This accounts for the observed
large elongation at break, low yield strength and excellent recovery. In spite of observation of a
few quite regular hexagona array of dispersed PS phase in rubbery matrix, majority of the

cylinders (fig 4.4 bottom) are too short and disordered. So, it is difficult to map the deformation
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structures in this copolymer with the help of thin sections from the specimens strained in tensile
test. Nevertheless, the glassy domains take nearly elipsoidal shape and are aligned in the strain
direction (fig 4.14b). This observation is in agreement with the previous observation of Seguela
and Prud’homme [133]. However, fragmented glassy domains cannot be distinguished.

Figure 4.14: TEM images showing @) morphology and b) deformation structures in LN4-S65; deformation structures
are imaged after the relaxation of the sample strained in the tensile test; injection moulding and strain direction
vertical.

Thin films of LN4 cast from its toluene solution was slowly strained using a specia external
tensile device to different strains, and deformation structures were imaged by the SFM. The
results are presented in fig 4.15. The morphology of this sample in thin film shows the randomly
arranged short styrene cylinders in S/B rubber matrix (Fig 4.15a). The periodicity of domains is
about 37 nm. At about 100% strain, the original domain structure of LN4 is distorted. The
cylinder-like domains are partly broken forming bead-like structures (shown by a white circle in
fig 4.15b) and rearranged in chevron-like manner. Like LN2 and ST2, the average long period of
domains in chevron region is higher than in the undeformed sample. The bead-like structures are
interconnected by thin fibrils. Nevertheless, the deformation behavior of this sample resembles
that of conventional styrenic thermoplastic elastomer as discussed below.

In order to study the deformation of glassy cylinders in a triblock copolymer, strain induced
structural changes in a commercial SEBS thermoplastic elastomer (Kraton) was investigated
straining thin films to different levels of strain [169]. The results are summarised in fig 4.16. The
morphology consists of light PS cylinders in dark rubbery matrix. On sow evaporation of
solvent, glassy cylinders were predominantly aligned parallel to the substrate. Until about 20%

strain, no significant change is noticed. At higher strains (~100% strain), the cylinders are partly
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broken; and chevron fold-like morphology appears which may be nucleated at local defects like
edge dislocations [127,128,142].

Figure 4.15: SFM phase images showing a) morphology and b) deformation structures in sample LN4, surface of
solution cast filmsimaged in the strained state.

The cylinders lying along the strain direction are further broken down into smaller fragments at
higher strains, while the rubbery matrix at the chevron folds are further dilated resulting in larger
long period of the cylinders at these regions: long period of glassy cylinders at the chevrons is
about 34 nm compared to about 28 nm in undeformed sample. Dilation of rubbery layers in
chevrons is an additional reason for observed higher molecular orientation in the rubbery phase

recorded by Fourier transformed infrared (FTIR) spectroscopy [169].

ca, 20% strain 2. 100% strain ca.350% sirain

Figure 4.16: SFM phase images showing different stages of deformation of glassy cylinders in SEBS triblock
copolymers [169].
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The SFM micrographs presented in fig 4.16 provide the direct evidence of fragmentation of
glassy cylinders into smaller rodlets under strain. This is in accordance with the previous results
of Keller and Odell [137] and recent results of Honeker and Thomas [141]. With increasing
strain, population of chevron morphology is found to decrease which qualitatively suggest the

successive break down of cylinders even at the regions of chevrons.

4.3.2 Influence of Molecular Structure

The influence of molecular architecture of star block copolymers on morphology has been
already discussed. It was mentioned that the presence of a tapered transition and PS core in the
asymmetric star block copolymer may yield an important effect on the deformation behaviour
and mechanical properties. Now, the mechanical properties of oriented star block copolymers
ST1 and ST2 are examined on the basis of micromechanical processes of deformation.

Figure 4.17 compares morphology (top) and deformation structures (bottom) observed in
injection moulded star block copolymers. Stress-strain curves of these samples compared with
linear triblock copolymer LN1 are separately presented in fig 4.18. Stress-strain behaviour is
characterised by a well-defined yield point. The degree of plastic deformation is, however, quite
different. Both ST1 and ST2 show a much larger plastic deformation than LN1. The area under
the corresponding s - e curves, which is a measure of the absorbed energy, is much larger for the
star block copolymers. The deformation of both star blocks occurs by neck formation and
subsequent elongation, while the SBS triblock undergoes a brittle fracture. ST1 and ST2 show a
unexpectedly large elongation at break of about 110% and 260%, respectively.

In spite of their similar molecular topology (i.e.,, asymmetric star, fig 4.1) and similar
morphology (fig 4.17, top) the tapered star block copolymer ST2 shows a more ductile behaviour
than the neat copolymer ST1. This discrepancy should be found in different architectural and
interfacial structures of these copolymers. Detailed study of influence of molecular structure on
mechanical properties has been discussed in [166].

As dready stated, the asymmetric architecture is associated with two advantages. the longer PS
arms improve the strength of the materials, while the shorter PS arms simultaneously enhance
their deformability. This reason for the observed ductility is present in both the copolymers ST1
and ST2. When subjected to tensile strain, shorter PS chains present in a PS lamellae may easily
loosen and act as precursors for the drawing of PS chains, which form the entanglement
network. This could be the reason for the formation of aternating thicker and thinner regions
aong a PS lamela in deformed samples (fig 4.17, bottom). Thus, homogeneous plastic
deformation of both PS and PB lamellae is the principle deformation mechanism of the star

block copolymers. The PS lamellae have been drawn locally up to a few hundred percent.
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Figure 4.17: TEM images showing morphology (top) and deformation structures (bottom) in a) neat star block
copolymer ST1 and b) tapered star block copolymer ST2; injection moulds, injection direction vertical; the samples
areloaded parallel to the lamellar orientation.

The PS domains scattered in the PB lamellae in ST2, chemically coupled to the butadiene phase,
may act as additional “energy sinks’ [43], which may delay failure by eastically absorbing a
part of energy. These domains further act as ‘filler’ in rubbery phase and enhance the effective
strength of PB lamellae.

It was demonstrated that mechanical properties such as toughness and tensile strength of tapered

block copolymers exceed that of common neat block copolymers [60,61]. Recently, Asai [61]

has observed a strong improvement of tensile properties in a tapered SB diblock copolymer and
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explained it by enhanced energy dissipation. Incorporation of tapered chains in a block
copolymer results in a decreased interfacial energy due to enhanced mixing of the phases [59].
This enhanced miscibility is connected with an increasing interfacia width, and then the phase
behaviour is close to a weakly segregated system. Weidisch, Michler and co-workers have
shown [111,131] that an increasing interfacial width is responsible for a significant improvement

of tensile properties of block copolymers.
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Figure 4.18: Stress-strain behaviour of injection moulded star block copolymers ST1 and ST2 compared to the neat
linear block copolymer LN1.

In the deformed samples, aternating thinner and thicker regions in ST1 are more pronounced
than in ST2 (fig 4.17, bottom). This indicates that the PS lamellae show localy an
inhomogeneous deformation (lamellar necking). This necking process leads to a premature
faillure of PS lamellae. The PS lamellae in ST2-S74 are more homogeneously deformed i.e., the
neck has been stabilised during the drawing process. More homogeneous deformation of PS
lamellae in ST2 is the reason for its higher ductility.

The observed high ductility of the star block copolymers can be correlated with a large plastic
deformation of PS lamellae. Quantitative analysis shows that the average PS lamellar thickness
is reduced to about the half during deformation in ST1 and ST2 (table 4.3, fig 4.13,4.20).
However, locally the PS lamellae show a larger plastic deformation (I ps > 4). This indicates that

an inhomogeneous plastic flow of PS lamellae occurs via micronecking and drawing and a
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subsequent rupture of necked PS lamellae into small fragments. The necking process of the PS

lamellae is accompanied by chain orientation and strain hardening.
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Figure 4.19: A schematic drawing showing the chain conformation in ST1 and ST2; the letter d stands for the
diameter of the of the perturbed coil parallel to the interface, and the subscript 1 and 2 denote star block copolymers
ST1 and ST2, respectively.

More homogeneous drawing of PS lamellae, that is believed to be the reason of enhanced
ductility of ST2 over ST1, may be explained by examining the molecular structure of the
copolymers. The possible chain conformation in ST1 and ST2 is schematically presented in fig
4.19. According to the theoretical consideration of chain dimensions in block copolymers, the
corresponding homopolymer chains in a copolymer assume an ellipsoidal conformation with the
major axis of the ellipse normal to the interface [11]. At the same time, the block copolymer
chains are shrunk in the direction parallel to the interface so as to compensate the elongation in
the perpendicular direction.

By determining the extension ratio of craze fibrils in lamellar triblock copolymers as a function
of fibril direction with respect to lamellar orientation direction, also Kramer and co-workers have
demonstrated the stretching of copolymer chains in a direction norma to the microdomain
interface [132]. Each arm in ST1 and ST2 has a diblock and triblock structure, respectively (fig
4.1). Hence, every butadiene chain in ST2 is connected twice with the styrene chains, whereas it
is connected only to outer PS block in ST1. This means that the butadiene chains in ST2 have
higher entropy loss due to chain stretching normal to the interface, leading to more perturbed
chain conformation than in ST1. Based on this model, it can be easily estimated that butadiene
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phase in ST2 allows higher extension ratio parallel to the lamellar direction to reach the same
thickness of the PB lamellae after deformation. Higher extension ratio of the PB phase allows
simultaneoudly larger plastic deformation of the PS lamellae. Eventually, the thickness of both
PS and PB lamellae may reduce to a larger extent in ST2 than in ST1 after deformation (i.e., dips
< dops and dipg < dopg). This results in more homogeneous deformation of PS lamellae in ST2
than in ST1 as mentioned above.

A more general and more simple explanation to this issue would be higher effective rubber
content (and hence higher rubber toughening) in the star block copolymer ST2 than in ST1 in
gpite of identica net styrene content. Increase in effective rubber content in a tapered block
copolymer has been already discussed in section 4.1.1. Since the styrene domains inside the
butadiene phase may be regarded as ‘fillers’, these domains practically belong to the rubber
phase, causing ultimately an increase in rubbery component and simultaneously a decrease in
styrene volume fraction. The higher rubber toughening in ST2 than in ST1 is supported by lower
yield stress of the former than the latter (24 MPain ST2 compared to 27 MPain ST1).

4.3.3 Thin Layer Yielding Mechanismin Lamellar Star Block Copolymers

It has been observed that the lamellar block copolymers included in this study show a large
homogeneous plastic deformation of PS lamellae. Based on a detailed study on lamellar block
copolymers, a “thin layer yielding” mechanism has been proposed which may be used as an
alternative toughening mechanism in glassy polymers [166]. Here, this mechanism is discussed
with special reference to ST2-S74.

As aready mentioned, homogeneous plastic deformation of PS lamellae is the most striking
effect observed in lamellar star block copolymers. As a result, the thickness of PS lamellae
decreases from about 10-36 nm to 8-22 nm (i.e, a local thickness reduction of about 50%,
compare fig 4.17b top and bottom; see also fig 4.20). Same order of decrease might be expected
for the width of the lamellae (i.e., in the direction normal to the micrographs). Similar extent of
reduction in the lamellar long period may be evident in fig 4.21. From this, an elongation of
about | » 4 can be estimated, which is of about the same order as the strain at break of bulk
specimen. Moreover, this elongation is in the same order as the maximum elongation of craze
fibrils in PS [1,170]. Elongation of craze fibrils is limited by entanglements. The maximum
extension | max Of craze fibrils is correlated to the maximum deformation ratio of the
entanglement network given by | max = l/d » 4, where | is the contour length between the
adjacent entanglement points and d is the root mean sguare end-to-end distance of a chain

corresponding to entanglement molecular weight [1].
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Figure 4.20: Distribution of PS lamellae thickness in ST2-S74 before and after deformation; data points fitted in a
Gaussian function.
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Figure 4.21: Distribution of lamellar long period in injection moulded ST2-S74 determined by Fourier
transformation; a) before and b) after deformation; Lpea denotes the peak value of lamellar periodicity distribution.

Homogeneous deformation of craze fibrils in PS appears if the thickness of the fibrils lies in the
range of about 5-20 nm [1]. In the lamellar block copolymers studied here, the homogeneous
deformation of PS lamellae is similar to homogeneous craze fibril deformation in polystyrene.
The difference between both mechanisms can be realised in the fact that craze fibrils in PS are
stretched between microvoids, whereas the PS |lamellae are deformed together with the adjacent
PB lamellae. Therefore the PB lamellae may have a function analogous to that of adjacent
microvoids and do not hinder the deformation of PS lamellae. Hence, this deformation
mechanism can be called as “thin layer yielding”. In contrast to the cavitation mechanism which
is usualy observed in block copolymers, a homogeneous deformation of PS as well as of
adjacent PB lamellae occurs, and local deformation zones or crazes are not observed. The

principle of “thin layer yielding mechanism” is schematically represented in fig 4.22a.
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Figure 4.22: a) Scheme showing principle of thin layer yielding and b) s, drawn as a function of PS lamellar
thickness.

A brittle material with a layer thickness D behaves brittle (characterised by alow strain at break,
eg) as far as the value D is above a critical thickness (about 20 nm in the present case). Below
this thickness, a strong transition to a very ductile fracture mode, as shown in fig 4.22a, (large
elongation to break, eg) occurs. Results observed in lamellae forming star block copolymers
indicate that this effect can be used as an dternative toughening mechanism in block
copolymers.

Similar effects have been observed in heterogeneous polymeric systems having micro- and
nanolayered structures [99,100]. In a polystyrene/polyethylene system van der Sanden and
Meijer have observed a brittle/ductile transition when the layers had a thickness of about 40 nm
[99]. A temperature dependence of layer thickness in these systems was also demonstrated.
Hence, it becomes obvious that critical thickness may be highly coupled with the nature of
interface between the components.

It can be assumed that the PB lamellae possess only a negligible load bearing capacity. The load
is carried mainly by the PS lamellae with an effect of stress concentration. At a PB content of
about 30% stress concentration in the PS lamellae can be expected to be about 1.4 times higher
than the externaly applied stress. Using this value and the yield stress determined by tensile
testing of about 24 MPa (for example, star block copolymer ST2-S74), the internal yield stress of
the PS lamellae can be estimated to besy""‘m » 34 MPa. This is significantly lower than the yield
stress of 55 MPa for bulk PS (the crazing stress in PS is in the order of 55 MPa [42,97]).
Therefore, the schematic illustration of figure 4.22a can be redrawn as shown in fig 4.22b.

Below the critical thickness of PS lamellag, the yield stress of PS lamellae sy'alm is sufficiently
low to induce a large plastic flow of PS lamellae leading to the ductile behaviour of the star

block copolymer. If the thickness of PS lamellae exceeds the critical value of about 20 nm, a
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strong increase in yield stress of PS lamellae occurs. Hence, the yield stress of thick PS lamellae
reaches the crazing stress of polystyrene. Then, the deformation leads to the formation of craze-

like deformation zones, and the polymer behaves brittle.

Lamellae

T
il

|

Glassy cylinders
<+ S =

Rubbery cylinders « s =

o ° & o @
®

® @ @ g
o

Figure 4.23: Scheme showing deformation mechanismsin ABA triblock copolymers at large strains as a function of
morphology.

The reported deformation mechanism of lamellar block copolymers, especially the star block
copolymers, is the result of the modified molecular architecture compared to the common
diblock copolymers. Firstly, the larger number of arms in star block copolymers enable a better
molecular coupling even at low molecular weights. At low molecular weights the properties of
diblock copolymers show a molecular weight dependence. This means that in diblock
copolymers with the same lamellae thickness a thin layer yielding mechanism cannot be
observed because of the low molecular weight of the corresponding blocks which are unable to
form entanglements. Thus, SB diblock copolymers with total molecular weights of about

100,000 g/mole appear to be quite brittle. However, for diblock copolymers with higher
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molecular weights, the long period increases and thus the thickness of lamellae do not fulfil the
conditions proposed in Fig 4.22.

On the basis of the results discussed above, deformation mechanisms in ABA type amorphous
block copolymers (where A and B are glassy and rubbery blocks, respectively) with respect to
microphase separated morphology may be summarised as illustrated schematically in fig 4.23.

4.3.4 Additional Evidences of Thin Layer Yielding Mechanism

The validity of thin layer yielding mechanism can be alternatively tested by selectively cross-
linking the butadiene phase, and examining whether the PS lamellae further show large plastic
deformation. For this purpose, tensile bars of two lamellar samples LN2 and ST2 were cross-
linked by exposing them at the atmosphere of g-radiation at different doses. Tensile testing on
the samples irradiated at a dose of 40 Mrad demonstrates that the samples show still a high
degree of plastic deformation (fig 4.24).
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Figure 4.24: Stress-strain curves of two lamellar samples LN2 and ST2 after g-irradiation (40 Mrad); Note that the
samples show still alarge degree of plastic deformation.

At higher irradiation doses, the elongation at break was found to decrease, however.
Nevertheless, the samples showed a large plastic deformation even after selective cross-linking
of butadiene phase as elucidated by TEM micrographs given in fig 4.25 (irradiation dose 60
Mrad). As in the micrographs of the samples without cross-linking (compare 4.25b with fig
4.134), the micrographs show characteristic chevron-like morphology formed by the lamellae
whose normal originally lies parallel to the strain axis. Moreover, the lamellae show locally very
large plastic deformation. These results suggest that plastic deformation of PS lamellae, about 20
nm in thickness, is their inherent characteristic. The fact that higher cross-linking (60 Mrad and
onwards) led to the imbrittlement of the sample may imply that a thin flexible layer between the

glassy layersis essentia for the ‘thin layer yielding' mechanism.
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A further evidence of plastic deformation of PS lamellae may be obtained by testing the sample
a variable temperature and strain rate. It may be expected that lowering the temperature (or
increasing the strain rate) would shift the critical thickness towards smaller values and vice
versa. Tensle tests on lamellar samples were carried out at different temperatures (from room
temperature down to glass transition temperature of the rubbery block) and strain rates [171]. At
-30°C, for example, star block copolymers ST1 and ST2 show necking and drawing of PS
lamellae (fig 4.26).
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Figure 4.25: TEM images of strained a) LN2 and b) ST2 showing chevron-like morphology and plastically
deformed PS and PB lamellae (strained after g-irradiation).

The local thickness of PS lamellae in the samples deformed at -30°C is close to that of samples
deformed at room temperature. But the TEM micrographs make it clear that alternating ‘thicker
and thinner regions along PS lamellae in ST1 are more pronounced than in ST2. The more
homogeneous deformation of ST2 at lower temperature might be a result of its special molecular
architecture as discussed earlier, and further indicates the role of adjacent butadiene layers in
effective drawing of PS lamellae. Because the adjacent PB layers in ST2 are practically thicker
(due to more €llipsoidal conformation and presence of ‘filler’ domains) than that in ST1, the
plastic deformation at lower temperature seems to be less hindered in ST2. Nevertheless, more
pronounced appearance of alternating thicker and thinner regions along a PS lamella at —-30°C
(which is more clearly visible in ST1 fig 4.26 a) suggests that yielding of PS lamella is hindered
a lower temperature, i.e., the lower the temperature the more difficult would be the ease of

plastic deformation of polystyrene lamellae. In other words, the critical thickness would shift
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towards smaller value with decreasing temperature and vice versa. Similar effect will exercise
the increased strain rate. However, PS lamellae deform till in ductile manner up to a

temperature of —30°C.

Figure 4.26: TEM micrographs of a) ST1 and b) ST2 showing deformation structures at —30°, injection moulded
samples strained at a cross head speed of 50 mm/min.

4.4  Fracture Toughness of the Block Copolymers

For many practical applications of block copolymers, mechanical properties under impact
loading conditions are important. Hence, fracture toughness of block copolymers (Jintegral,
crack-tip opening displacement, d) are determined using different concepts of elastic-plastic
fracture mechanics (J-integral and crack tip opening displacement CTOD-concept).

Pure PS LN1-S74 LN2-S74 ST2-S74 LN4-S65
Pz
o
S
=
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Figure 4.27: F-f diagrams of different block copolymers compared to pure polystyrene, injection moulded SENB
specimens loaded at a rate of 1.5m/s perpendicular to the injection direction;. The scale bars for the first three
samples are same as that for ST2-S74.



Representative load-deflection (F-f) curves of few block copolymers compared with that of pure
PS are given in fig 4.27 and the corresponding fracture toughness values (defined by J-integral J,
and CTOD value dg) determined by evaluating the F-f curves are indexed in table 4.4.

From F-f-diagrams of the block copolymers presented in fig 4.27, at a first glance, it may be seen
that the block copolymers having F syrene = 0.74 show principally same behaviour as pure
polystyrene under impact loading conditions. nearly linear-elastic behaviour and predominantly
unstable crack propagation. The existence of exclusively small plastic deformation (small scale
yielding) can be shown by fracture surface morphology of specimens that broke in a brittle
manner (demonstrated on example of ST1 in fig 4.28). The fracture surface reveals a small
region of stable crack growth and a small CTOD-vaue. Only the linear triblock copolymer LN4
shows el astic-plastic behaviour combined with predominantly stable crack propagation.

Table 4.4: Jintegral and CTOD-va ues of investigated block copolymers.

materials J-integral values CTOD-values Sy Eq behaviour
(N/mm) (10" mm) (MPg) (MPa)

LN1-S74 2.8+0.4 17+2 66.9+1.5 1409+36 linear elastic

LN2-S74 4.2+0.5 45+7 314458 798+19 linear elastic

LN4-S65 - - 49+0.5 168+12 €ladtic-plastic

ST1-S74 4.3+0.4 45+7 231+05 710+19 linear elastic

ST2-S74 3.3:0.1 3545 38.3t43 965+49 lInear dasiic

Figure 4.28: SEM micrograph showing fracture surface morphology of lamellar star block copolymer ST1.
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In other words, the lamellar block copolymers that were found to be ‘tough’ in quasi-static
tensile testing behave ‘brittle’ under impact loading conditions. It is, however, very easy to
notice that the lamellar block copolymer have higher value of Jintegral and crack tip opening
displacement (dgk) values than cylindrical block copolymer LN1 indicating a larger amount of
energy dissipation (table 4.4). On the fracture surface morphology of sample ST2 (fig 4.28), the
sharp razor blade notch is followed by a stretch zone formed by notch tip blunting. Behind the
stretch zone, there is a narrow zone showing a small scale yielding.

The brittle behaviour of lamellar block copolymers under impact loading may provide reason for
loading rate dependence of thin layer yielding mechanism discussed in section 4.3.3. It may be
assumed that the critical thickness of PS layers shifts towards smaller value at elevated strain
rate.

4.5 Conclusions

In this chapter, correlation between molecular architecture, morphology formation and
deformation behaviour of asymmetric styrene/butadiene block copolymers (F syrene ~ 0.70) has
been discussed. In the investigated narrow composition range, al the principal classica
morphologies (viz., PS domains, alternating PS and PB lamellae, PB domains) have been
observed.

While PB cylinders in PS matrix are observed in a symmetric linear SBS triblock copolymer
(LN1-S74), lamellar morphology is found in an asymmetric linear triblock copolymer (LN2-
S74) having identical composition. The star block copolymers ST1-S74 and ST2-S74 possessing
identical chemical composition as LN1 reveal lamellae-like morphology, as well. Particularly, a
“two-component three-phase” morphology has been observed in the tapered star block
copolymer ST2-S74 which consists of alternating PS and PB lamellae with PB lamellae
embedding cylinder-like polystyrene domains.

A symmetric triblock copolymer containing a styrene-co-butadiene middle block (LN4-S65)
show randomly distributed cylinders in rubbery matrix due presence of styrene-co-butadiene
middle block and 32 vol % of polystyrene outer blocks. This morphology resembles that of a
system close to the order-disorder transition (ODT) in spite of sufficiently high molecular weight
of outer polystyrene blocks (~18000 g/mole).

The observed lamellar structure of the asymmetric block copolymers (LN2, ST1 and ST2; all
with F syrene ~ 0.74) corresponds to the morphology that would be expected in a symmetric
diblock having lower polystyrene content (i.e., F syrene ~ 0.50). That means, the order-order
transitions (OOT) are shifted towards higher polystyrene content. These results provide

gualitative experimental evidences on the shift of block copolymer phase diagram (with respect
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to (CN)rit and F ¢rs as schematically illustrated in fig 4.29) by a change in molecular architecture.
Hence, by altering the phase behaviour of the block copolymers via architectural modification
and choosing suitable preparation conditions, one can exercise considerable control over their
deformation mechanisms and mechanical properties.

In contrast to diblock copolymers with PB domains in PS matrix, where the rubber phase
cavitation is followed by necking and drawing of glassy phase, PS phase cavitation is found to
predominate in SBS triblock copolymer having analogous morphology. The deformation of
lamellae is strongly dependent on their orientation. For the lamellae situated parallel to strain
direction, ‘thin layer yielding’ mechanism prevails while the formation of chevron morphology
predominates for the lamellae aligned originally perpendicular to the strain direction. Interplay
between glassy domains fragmentation and chevron formation occurs in block copolymers

having PS domains in rubbery matrix.

0 0.5 1

Figure 4.29: Schematic representation of shift in block copolymer phase diagram via architectural modification; the
arrows stand for the direction of shift of phase boundaries.

Asymmetric  styrene/butadiene block copolymers forming lamellar structure show a
homogeneous plastic flow of glassy and rubbery layers (the ‘thin layer yielding’ mechanism)
provided that the glassy layers meet the criterion of critical layer thickness Dgit. This mechanism
may be used as aternative toughening mechanisms in glassy polymers. In styrene/butadiene
block copolymers, the Dgit-ps is found to be ~ 20 nm. However, a more precise quantification of
this criterion requires the systematic variation of layer thickness and corresponding
micromechanical investigation as a function of loading condition (e.g., temperature, strain rate).

The investigated block copolymers with modified architecture in a narrow composition range
(F styrene ~ 0.70) exhibit mechanical behaviours which would be expected in classical block
copolymers in a broad composition range ( Fps~ 0.25-0.75 ). Thus, to generalise, architectural
modification in ABA type block copolymers (A and B are glassy and rubbery blocks,
respectively) opens a novel way of micromechanical construction of these nanostructured

polymeric materials.
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5. STRUCTURE-PROPERTY-CORRELATIONSIN BLOCK COPOLYMER/PSBLENDS

5.1 Phase Behaviour and Morphology

In this section, star block copolymer ST2-S74 is blended with polystyrene homopolymer (hPS)
with variation of hPS molecular weight (Mpps) and blend composition (F nes). The characteristics
of used hPS are listed in table 3.2 in chapter 3. Homopolystyrene samples having weight average
molecular weight of 15.2, 33.1 and 190.0 kg/mole are designated as PS015, PS033 and PS190,
respectively. First, influence of Mpps on the miscibility and mechanical properties of the blendsis
examined changing the Mps and keeping the blend composition constant (F 1ps = 20 wt %) using
solution cast samples. Then, ST2 is melt blended with general purpose polystyrene (GPPS,
designated as PS190 in table 3.2) in a wide composition range and processed via injection
moulding.

5.1.1 Dynamic Mechanical Properties

Results from dynamic mechanical analysis (DMA) presented in fig 5.1 are helpful to understand
the compatibility between ST2 and added polystyrene in relation to the molecular weight of hPS
(i.e., Mnps). Two hPS samples are chosen: PS015 whose molecular weight is much smaller than
the longest PS block of the block copolymer (Mpps << Mpspiock) and PS190 whose molecular

weight is higher than that of corresponding block of the copolymer (Mnps > Mps-piock)-
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Figure 5.1: DMA spectra of star block copolymer/hPS blends as a function of hPS molecular weight, (F pps = 20 wt

%); solution cast sample about 0.5 mm thick measured at 1Hz (the storage modulus curves of the blends are very
close to each other).

The glass transition temperatures of the butadiene phase (Tq-pg) in the pure star block copolymer
ST2-S74 and both ST2/PS015 and ST2/PS190 blends (determined by peaks tand vs. T curves)

are located nearly at the same position. A closure look, however, reveals that Tqpg in the blends
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are shifted dightly towards higher temperature (Although it is a small shift, this observation is
supported by a number of experiments). In contrast, the glass transition temperature of the
polystyrene phase Tgps doesn’'t change. During the DMA experiment, the blend containing
polystyrene homopolymer with higher molecular weight (PS190) is found to be more stable at
higher temperatures close to Tgps Which may be attributed to the formation of stronger
entanglement networks by the added polystyrene. In general, the Tg.ps peak observed at about
75°C in star block copolymer (discussed in section 4.1.1 in detail) appears in the Star block
copolymer/hPS blends as well.

These observations are in line with recent results of Feng et al. [79,80] who investigated the
compatibility of added hPS with block copolymer by blending polystyrene with variable
molecular weights with star and triblock copolymers. These authors have suggested that there
exists a range of Mpps for the added homopolystyrene to be compatible with the block
copolymer. They found the dissolution of a part of low molecular weight polystyrene in the
butadiene phase which was manifested by an increase in glass transition temperature of the
butadiene phase (Tg.ps).

Regardless of Myps, a part of added hPS is mixed to the butadiene phase which is attributed to
the presence of broad molecular weight distribution of the hPS, low molecular weight fraction of
which may be easily assimilated by butadiene phase as already discussed in the literature [79].
Low molecular weight fraction of a hPS may be mixed to the butadiene phase due to greater
entropic contribution to mixing which results in an increase in Tg.ps. The area under the Tg.ps
peak in ST2/PS015 is greater than the corresponding area in ST2/PS190 blend which indicates

higher interaction between PB and styrene segments in the former blend.

5.1.2 Influence of hPS Molecular Weight on Morphology

The influence of homopolystyrene molecular weight on phase behaviour of block
copolymer/hPS blends is demonstrated by TEM micrographs presented in fig 5.2 (data about the
internal details of blend morphology in Table 5.1). The molecular weight of hPS lies in the
following range: Mhps<<Mpsiocks Mhps<Mpspiock and Mhps>Mpsiock. The composition of the
blends is fixed at 20 wt % hPS in each case. The observed morphology can be explained on the
basis of molecular weight of the homopolymer relative to that of the corresponding block of
block copolymer (Mnps/Mps biock)-

An interplay between microphase and macrophase separation is observed in these blends. The
molecular weight of added PS015 (M, = 11,800 g/mole) is much smaller than that of the longest
PS block of the star block copolymer (M,~70,000 g/mole) but is slightly higher than that of the

smaller blocks (M,~7,000 g/mole). Hence, according to the situation discussed in section 2.3
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[74-78], most of the hPS is solubilized into the PS domains of the block copolymer leading to the
microphase separated structures given in fig 5.2a.

Due to solubilization of homopolymer in corresponding copolymer block, respective domain size
may expand both laterally and normal to the interface. The expansion of PS lamellae normal to
the interface is indicated by an increase in the thickness of the PS lamellae (table 5.1 and fig 5.3).
The mixing entropy of hPS increases with the ratio Mps piock/Mnps. Since this ratio is quite high in
ST2/PS015 blend, the hPS molecules are able to penetrate deeply into the PS domains close to
the chemical junction points [76]. As a result, the junction points are shifted apart. To
compensate this shift and to make up entropy loss, butadiene phase has to contract which causes
a decrease in lamellar long period. The decrease in the PB lamellae thickness should be more
than compensated for by an addition of a small amount of low molecular fraction of PS015 in the

Figure 5.2 Lower (top) and higher (bottom) magnification of TEM images showing morphology of solution cast
ST2/hPS blends as a function of hPS molecular weight (Myps); @) ST2/PS015, b) ST2/PS033 and ¢) ST2/PS190;

blend composition in each caseis F ps = 20 wt %.
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AS Mps approaches Mps piock, Mixing entropy of the homopolymer chains is decreased, and these
chains become less successful to wet the copolymer brush effectively. The hPS and PS block
become, hence, less miscible. As a result the copolymer shrinks, and the hPS chains tend to be
segregated in the middle of the PS domains or even completely expelled from the microdomains
to form the macrophase separated PS particles (chapter 2 in ref. [2]). Nearly this Situation is
present in ST2/PS033 blend. Since a large part of PS033 molecules tend to segregate to the
centre of the PS lamellag, the thickness of PS lamellae increases (table 5.1) while the junction
points are not displaced. Hence, the PB lamellae thickness is again maintained. This causes a
small increase in lamellar long period in sample ST2/PS033. However, a part of hPS is expelled
out of the PS lamellae which forms hPS particles few hundred nanometers in diameter (fig 5.2b).

Table 5.1: Average lamellar long period ( L ) and PS lamellae thickness ( D Ps) measured in TEM images of

solution cast ST2/20 wt % hPS blends (Variation of hPS molecular weight). The values correspond the peak of
corresponding Gaussian fitting of the data.

blends L (m D s (nm) remarks
pure ST2 39-54 20.2 -
ST2/PS015 37-43 22.2 hPS completely solubilized in PS block of ST2-S74
ST2/PS033  42-58 22.1 hPS only partly solubilized, hPS particles about 0.3-
1.0 pm in diameter
ST2/PS190 49-54 21.2 hPS almost completely macrophase separated, hPS
particles about 1-4 um in diameter
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Figure 5.3: PSlamellathickness distribution in ST2/hPS blends as a function of Myps compared to pure ST2.

Molecular weight of PS190 is much larger than that of any PS blocks of ST2 (i.e., Mpps>Mps.
block). Hence, the hPS molecules tend to phase-separate forming large hPS particles in block
copolymer matrix (fig 5.2c). The three-phase morphology of the matrix is again maintained, and
large PS190 particles few microns in diameter are formed. Nevertheless, owing to a broad
molecular weight distribution of polystyrene, a part of lower molecular weight fraction of PS190
may be expected to solubilize in the PS domains.
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It may be, in general, assumed that criteria for solubilization of homopolymers in the
corresponding block of copolymers discussed is valid for investigated asymmetric star block
copolymer/nPS blends. So, an increase in concentration of PS190 would lead to further
macrophase separation, and finally, block copolymer particles in PS190 matrix are expected at
higher PS190 concentration. Detailed analysis of morphology formation in ST2/hPS blends is,
however, outside the scope of this work.

5.1.3 Morphology of Injection Moulds

Variation of sample preparation methods, especialy the choice of solvents may have a dramatic
effect on morphology of block copolymer/hPS blends. Common processing methods like
injection moulding, compression moulding, extrusion etc. can cause a remarkable deviation from
the equilibrium structures, which can ultimately influence their deformation behaviour.
Morphology of injection moulded star block copolymer ST2-S74 as discussed in chapter 4
consists of alternating PS and PB lamellae with PB layers embedding scattered PS domains
about 6-9 nm in diameter. The PS and PB lamellae are about 22 nm and 12 nm thick,
respectively. The PS lamellae are often disconnected. The lamellae are aligned parald to the
injection moulding direction (section 4.3.2).

Injection moulded ST2-S74/PS190 blend with F pps = 20 wt % maintains the lamellar morphology
of the host star block copolymer (fig 5.4). The PS lamellae in this blend are more continuous in
contrast to the partly disconnected ‘worm-like’ PS lamellae of pure injection moulded ST2.
Quantification of PS lamellae thickness reveals that it is increased by about 20% (fig 5.5). The
PB phase still embeds scattered PS domains.

Precise inspection of low magnification electron micrographs in fig 5.4 (a,b) reveals two distinct
regions. one of them contain more polystyrene and appear lighter (shown by letter L).The other
regions contain lesser polystyrene and appears darker (shown by letter D). Both the regions have
lamellar structure. PS lamellae in the former are, obvioudy, thicker than the latter. This
appearance suggests that added polystyrene is unevenly distributed in the corresponding block of
the block copolymer. However, appearance of few thick polystyrene layers (thickness up to few
hundred nanometers) further implies that added PS190 would macrophase-separate under
equilibrium conditions.

Presence of lamellar stripes, containing higher and lesser amount of styrene (lighter L and
darker D regions in fig 5.4, respectively), in the blends can be possibly explained on the basis of

molecular structure of the star block copolymer.
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Figure 5.4: Representative electron micrographs showing morphology of injection moulded ST2-S74/20 wt %
PS190 blend (F nps = 20 wt %): a-b) Lower magnification of HVEM (left) and TEM (right) images at the middle

of the tensile bar; c-d) Lower (left) and higher (right) magnification of TEM images close to surface; injection
moulding direction vertical.

ST2 molecules are prepared by coupling tapered SBS triblocks of different lengths (both styrene-
rich and butadiene-rich triblocks) using an oligofunctional coupling agent. Since the coupling is
a statistical process it may result in stars having different number of arms. The stars can differ in
net chemical composition as well [41,42]. Detailled anaysis has shown that the stars possess
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about four arms (personal communication with the an author of Ref. [41]), and among them one
long arm in average (see fig 4.1). But there is a probability of formation of stars with two or
more long arms. These stars are styrene-rich since each long arm aready contains excess
styrene. The polystyrene blocks of these styrene-rich stars, as one would expect, can solubilize
more amount of added PS190. Hence, preferentia solubilization of added PS190 in these
styrene-rich stars leads to the formation of lamellar stripes having more amount of PS due to
swelling of PS lamellae of the host copolymer (lighter regions indicated by L in fig 5.4).

Representative micrographs of samples with Fps = 40, 60, and 80 wt % of PS190 given in fig 5.6

revea the following observations:

Pure ST2-S74
+20 wt % PS190
+40 wt % PS190
¢ +60 wt % PS190
19.4 nm +80 wt % PS190

0,30
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0 15 30 45 60 75 90 105
PS Lamellae thickness (nm)

Figure 5.5: Distribution of PS lamellae thickness measured in TEM micrographs of injection moulded ST2/PS190
blends using a special image processing program; the distribution is fitted to a Gaussian function.

a) PS lamellae become thicker and thicker with increasing PS190 content while the PB lamellae
also show a dight increase in thickness. At higher PS190 content ( 3 60 wt %), the PS lamellae
fuse to form PS matrix which embed elongated “PB islands’. PS domains scattered in the PB
phase are present irrespective of the blend composition.

b) Despite presence of few unusually thicker PS layers (thickness up to few hundred nm, fig 5.4),
no particle-matrix morphology, typical of most polymer blends, is observed. This is the reason of
why the blends are nearly as transparent as the block copolymer itself. The structures are too
small to scatter light.

¢) The microstructures are always oriented in flow direction as a result of the shear forces

operating in the injection moulding process.

-90-



Figure 5.6: Representative TEM micrographs of samples containing a) 40%, b) 60% and c) 80 % by weight of
PS190 in injection moulds; injection moulding direction vertical.

As the PS lamellae fuse to form PS matrix at higher PS190 content, it becomes more difficult to
measure thickness of PS lamellae accurately. However, it is still possible to measure the
thickness of PS domains which still assume “lamellar form”. With increasing hPS content, the
thickness of PS lamellae (Dps) and their distribution shift towards higher value. A continuous
increase in Dps as well as long period L (table 5.2) in these blends attests that a major part of
PS190 has been added to the corresponding blocks of ST2. Further, the PB lamellae become
wider at higher PS190 content (compare micrographs in fig 5.5d and 5.6) suggesting that a part
of added PS190 is trapped by the butadiene phase as well.

Figure 5.7: SFM phase images showing microphase separated ST2 particles in PS190 matrix; solution cast sample
(Frnps = 80 wt %); the morphology of particles resembles that of concentric spherical shell (CSS) structures
discussed in[114].
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Under equilibrium condition, PB lamellae would not significantly widen. Neither would the
blend maintain the layer structure. The blend would macrophase separate under equilibrium
conditions. An example of macrophase separation of ST2/PS blend at higher PS content (F 1ps =
80 wt %) is demonstrated by SFM phase images presented in fig 5.7.

In spite of presence of a few much thicker PS layers in injection moulded blends (see fig 5.4),
pronounced macrophase separation is not observed. Hence, processing conditions seem to play
very important role during structure formation in ST2-S74/PS190 blends. High shear stress of
injection moulding process causes a forced miscibility in the melt state preventing the formation
of large particles. If the melt is rapidly cooled, the microphase separated structures are frozen in.
Moreover, a part of low-molecular-weight component of PS190 may be easily mixed to the PS
(and even PB block as suggested by DMA results) blocks of the copolymer. These observations
are in agreement with recent results of Knoll and Nief3ner [41,42]. These authors aso found no
macrophase-separated particles in compression moulded star block copolymer/hPS blends.
Therefore, complex molecular structure of ST2-S74 seems to exercise a significant influence on
miscibility with hPS.,

Table 5.2; Average lamellar long period ( L ) and PS lamellae thickness ( D ps) measured in TEM images of
injection moulded ST2/PS190 blends (variation of composition).

PS190 content L ("M  Dps (nm) remarks

0 (pure ST2) 42 20 -
20wt % 46 29 50-230 nm thick PS layers are locally present
40 wt % 0 30 presence of thicker PS layers > 50 nm thick
60 wt % 72 39 -
80 wt % 85 42 -

5.2 Mechanical Properties

5.2.1 Tensile Behaviour

a. Mnps dependence of tensile properties

Mechanical behaviour of block copolymers and their blends with homopolymers is determined
mainly by their phase morphology. Stress-strain curves of solution cast ST2/hPS blends as a
function of hPS molecular weight are given in fig 5.8 (corresponding morphologies in fig 5.2).
The composition is fixed at 20 wt % hPS. Independent of hPS molecular weight, addition of hPS
to the star block copolymer generaly increases the load that the samples can withstand, but
causes a decrease in elongation at break (eg) from about 350% to below 250%. The blends have
eg of about 40 % smaller and yield strength (sy) about 40% higher than that of pure block
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copolymer. The stress level achieved by the blend ST2/PS190 is substantially higher than that of
ST2/PS015 and ST2/PS033 blends.
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Figure 5.8: Stress-strain behaviour of star block copolymer/hPS blends as a function of hPS molecular weight; hPS
content 20 wt % in each case, solution cast samples strained at a cross head speed of 50 mm/min.

The increase in strength arises from increasing overall PS content while a strong decrease in
elongation at break eg is associated with the difference in deformability. Vaue of eg for the
ST2/PS015 is till lower in spite of the absence of hPS particles. It may be attributed to the
weakening of entanglements or plasticizing effect by the low molecular hPS (M,, = 11,800
g/mole and My/M,, = 1.29). During tensile testing, no pronounced macroscopic stress whitening
was observed in this blend while it was pronounced in the others.

Mechanical properties of polymers are dependent on their molecular weights. To achieve a
desirable level of strength, the polymers must exceed two times of a critical molecular weight
(called entanglement molecular weight Me; for PS it is about 19,100 g/mole) which is essentia
for the formation of stable ‘molecular knots' or entanglements [1]. The strength of ST2/hPS
blends clearly shows molecular weight dependence of the added polystyrene (Mnps): the lower
the molecular weight the higher is the chance that the mechanical properties worsen. The lower
level of strength of blends containing PS015 and PS033 (and even much lower elongation at
break for ST2/PS015) results from the fact that their molecular weight is below (or nearly equal
to) the entanglement molecular weight Me of PS. The low molecular weight PS act as defect
points and may lead to premature fracture. Conversely, enhanced strength of the blend
ST2/PS190 may be explained by its molecular weight which is several times higher than Me.
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b. Tensile properties of injection moulded samples
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Figure 5.9: Stress-strain behaviour of injection moulded star block copolymer/GPPS blends as a function of PS190

concentration, tensile testing 50 mm/min at room temperature; a) s- e curves, b) elongation at break, c) yield stress
and d) Y oung's modulus

Mechanical properties of solution cast samples are non-realistic in practical applications. Hence,
tensile properties of injection moulded ST2/hPS blends over a wide composition range are
studied. For this purpose, PS190 has been chosen for blending with ST2 since ST2/PS190
showed desirable mechanical properties even in solution cast films (fig 5.8). The stress-strain
curves of these blends, given in fig 5.9a, differ from that of solution cast ones due to presence of
dissmilar morphologies. Most significant differences are observed in the values of sy and eg.
Injection moulded blends (e.g., one with 20 wt % PS190 in fig 5.98) show higher yield strength
(sy) and lower elongation at bresk (eg) than the solution cast films (fig 5.8). Higher yield
strength of injection moulded samples results from higher thickness of PS lamellae (fig 5.4) and
the orientation of microdomains. Elongation at break eg, yield stress sy and Young's modulus E
of the blends are plotted as a function of blend composition in fig 5.9 (b-d). Yield strength and

Young's modulus increase with increasing polystyrene content. The magnitude of eg falls
-94-



drastically at F ps190 = 20 wt % suggesting a transition in deformation mechanism which shall be
discussed in section 5.3.

A well-defined yield point appears during tensile deformation of pure ST2. After this point, the
stress fals rapidly (strain softening), reaches a minimum and again rises dowly (strain
hardening). This sample undergoes fracture at a strain and stress of 257% and 20 MPa,
respectively. Macroscopically, the deformation occurs via necking and drawing of tensile
specimen.

Yield point appear in injection moulded ST2-S74/PS190 blends as well. However, they show
only strain softening. With increasing PS190 content, the extent to which the neck can elongate
(drawing of the tensile bar) decreases and the tendency of brittle failure increases. Additionally,
the blends exhibit a macroscopic stress whitening that indicate the formation of local
deformation zones. The stress whitening becomes pronounced until a PS190 content of 40 wt %,

and it becomes less pronounced at higher PS content.

Table 5.3: Mechanical properties of injection moulded ST2/PS190 blends, tensile testing 50 mm/min at room
temperature; the errors are less than 5% in each case.

PS190 content  Young’'smod. yieldstress stressatbreak — strain at

(Mpa) (MPa) (MPa break (%)
O (pure ST2) 1205 24 20 257
20wt % 1296 30 19 34
40 wt % 2072 37 26 27
60 wt % 2522 45 33 18
80wt % 2926 51 47
Pure PS190 3300 55 54

5.2.2 Fracture Mechanics

Fracture toughness of pure block copolymers was discussed in section 4.4. Lower toughness of
lamellar block copolymers (which showed ductile behaviour in tensile test) was interpreted in
terms of notch sensitivity of these materials and strain rate dependence of thin layer yielding
mechanism. It is, therefore, plausible to assume that the notch sensitivity will strengthen with
increasing PS190 content in the blends. Under impact loading conditions, injection moulded
ST2/PS190 blends show similar behaviour as pure ST2: nearly linear elastic behaviour and
predominantly unstable crack propagation combined with small scale yielding.

Fracture mechanics parameters determined as resistance against unstable crack propagation (J
and dgk) are plotted as a function of blend composition F psi90 (Wt %) in fig 5.10 which show a

decreasing tendency of toughness with increasing PS190 content. Young's modulus (Eq4) and
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yield stress (syqg) increase with PS190 content. A sharp transition in fracture mechanics
parameters aswell as Eqand syq occurs at a PS190 content of about 50 wt %. (Alternatively, an
increase in toughness takes place at an ST2 content of about 50 wt %). It is quite interesting to
note that this change takes place when the morphology changes from alternating lamellae to the
presence of PS matrix. Decreasing tendency of toughness with increasing PS190 content in these

blends may be attributed to increasing notch sengitivity.
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Figure 5.10: a) Jintegral values (J) and CTOD values (dy) plotted as a function of composition in injection
moulded ST2/PS190 blends loaded perpendicular to the moulding direction; b) Young's modulus (Eg) and yield
stress (syq) in dependence of blend composition.

In contrast to the results of Yamaoka [144-146] who reported an increase in toughness of
lamellar block copolymer by an addition of 20 wt % styrene-co-methacrylate copolymer (MS),
the toughness level in injection moulded ST2/PS190 blends doesn’t increase. This inconsistency
arises from different morphology of the blends. In the blends containing tiff particles, the
toughness may be enhanced by void formation at the poles of the particles and large plastic
deformation of the surrounding matrix. This process is absent in injection moulded ST2/PS190
blends due to predominantly microphase separated morphology (fig 5.4 and 5.6).

One reason of the enhanced notch sensitivity and resulting lower toughness could be the
orientation of molecules in injection moulded samples normal to the lamellar orientation
direction, i.e., the chains assume édliptical coil conformation perpendicular to the lamellar
orientation direction. [11,132] On loading the samples normal to the lamellar orientation
direction (or injection direction), hence, the molecules are stressed parallel to the chain direction.
So, the loading mode is most favourable for lowest toughness. Fracture toughness might be
increased by isotropisation of morphology where the domains and the copolymer chains are

randomly oriented.
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5.3 Micromechanical Deformation Behaviour

5.3.1 Solution Cast Blends

In solution cast ST2/hPS blends, three different types of morphologies were observed depending
on hPS molecular weight and blend composition: microphase separated blends (e.g., ST2/20 wt
% PS015); macrophase separated blends having ST2 matrix (e.g., ST2/20 wt % PS190) and
macrophase separated blends having PS190 matrix (e.g., ST2/80 wt % PS190). Accordingly, the

micromechanical mechanisms may be discussed under three headings.

a. Microphase separated blends (e.g., ST2/20 wt % PS015)

In microphase separated blend where thickness of PS lamellae lies in the same range as the pure
block copolymer ST2, similar deformation mechanism may be expected, i.e., the homogeneous
plastic flow of PS and PB lamellae via thin layer yielding mechanism. Indeed, the deformation
structures observed in this blend (fig 5.11) are very similar to that of pure block copolymer
(compare to fig 4.13). The lamellae have been partly turned to strain direction and partly
stretched strongly along the deformation direction. Chevron folds-like morphology, typically
formed by folding of lamellae situated initially perpendicular to the strain direction, are observed
too. An aternating array of thicker and thinner regions forming ‘bead-like’ structures along a
deformed PS lamellae may further suggest the fluctuation of PS chain density in PS lamellae.

Figure 5.11: @) Lower and b) higher magnification of TEM micrographs revealing strain induced structural changes
in microphase separated ST2/20 wt % PS015 blend; strain direction vertical (morphology of undeformed samplein
fig 5.2a).

In spite of analogous morphology and similar deformation structures, the elongation at break for

this blend is much smaller than the pure ST2 (ref. fig 5.8) which may be explained by the

plasticisation of PS lamellae by PS015 whose molecular weight lies below the entanglement
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molecular Me weight of polystyrene (Mpsp1s ~ 12,000 g/mole; and M. for PS 19,100 [1]). But
these may partly be mixed to the butadiene phase and act as precursor of microvoid formation
leading to premature fracture.

Furthermore, the PB lamellae in this blend are dightly thinner (about 12 nm) than in pure star
block copolymer (about 14 nm). In section 4.3.2, it has been shown that maximum elongation of
PS lamellae may also depend on the thickness of adjacent PS lamellae. Therefore, the maximum
elongation that may be achieved in this sample is restricted by smaller thickness of PB lamellae
leading to decreased macroscopic elongation at break. As a result, more pronounced *bead-like
structure is observed in microphase separated ST2/hPS blend than in pure ST2.

b) Macrophase separated blends having ST2 matrix (e.g., ST2/20 wt % PS190)

Fig 5.12 shows details of deformation structures observed in macrophase separated ST2/20 wt %
PS190 blend which possesses PS particles in ST2 matrix. Especialy, morphological changes
around the PS particles during deformation are very helpful to understand the micromechanical
processes.

Growth of microvoids at the poles (i.e., in the direction of stress) of the particles is well known
from particle filled polymers [1, 146]. In the present case, the PS190 inclusions act as tiff
particles embedded in the soft ST2 matrix. At the pole regions of the PS particles microvoids

appear due to stress concentration.

Figure 5.12: TEM images showing deformation of macrophase separated blend ST2/20 wt % PS190, strain direction
shown by an arrow; (morphology of undeformed samplein fig 5.2c).

If the elastic modulus of the inclusions is much larger than that of continuous matrix, the stress is
reduced at the equator, and a compressive stress component acts at the equators of these

spherical PS190 particles yielding a good contact with the matrix. The maximum stress
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concentration exists at the poles of the particles which is the reason for void formation as shown
in fig 5.12. The PB lamellae can cavitate due to their lower cavitation stress compared to PS
lamellae followed by the formation of voids [113]. However, the cavitation of PB lamellae
should occur at a higher stress compared to SB diblock copolymers due to the presence of
additional PS domains inside the PB lamellae.

Formation of microvoids is followed by a large homogeneous plastic deformation of PS as well
as the PB lamellae. The contour length of lamellae around a microvoid is about twice of original
length at PS particle surface, indicating a local deformation with an extension ratio of about | =
2 (i.e, strain, e = 100%). Lamellae along and between the PS particles are also plastically
deformed which results in a transverse stress component in the sample. This transverse stress is
responsible for the initiation of fibrillated crazes within these particles (fig 5.12 |eft).

Microvoids are heavily stained by OsO, in different regions as shown in fig. 5.12 (right). In
addition to the staining effect, OsO,4 has an affinity to be deposited at regions with a larger free
volume (microvoids). Dark spots formed by heavy deposition of staining agent can be observed
in PB lamellae which lie perpendicular to the stress direction. This indicates that the PB lamellae
are preferentialy deformed followed by void formation which was aso reported by Yamaoka
[35].

Although this sample shows principally a homogeneous deformation revealed by the large
deformation of lamellae, the degree of this deformation is mainly determined by the orientation
of lamellae relative to the tensile direction. Since the lamellae are oriented randomly, an
anisotropic deformation behaviour on the microscopic scale is observed (This is also true for
microphase separated blend mentioned in 5.3.1a and pure block copolymer cast from solution).
This type of anisotropy in deformation behaviour resulting from different orientation of lamellae
iswell known in semicrystalline polymers.

Deformation mechanism revealed by TEM investigations can be correlated with results of tensile
tests. After the yield point, where plastic deformation of PS lamellae onsets (fig 5.8), cavitation
a the poles of PS particles takes place as a consequence of disentanglement of polystyrene
chains between the PS190 phase and the lamellar matrix. This is manifested as stress whitening
during tensile testing. Cavitation at the poles of these PS particles acts as precursor for further
plastic deformation of lamellar matrix. Large plastic deformation of lamellae surrounding the
PS190 particles and existing microvoids leads to further growth of these voids. The ultimate

fracture of the specimen occurs via growth of microvoids into cracks and crack propagation.
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c) Macrophase separated blends having PS190 matrix (e.g., ST2/80 wt % PS190.)

The morphology of ST2/80 wt % PS190 blend is be similar to that of rubber toughened
thermoplastics (fig 5.7). By andogy, the deformation mechanisms observed in ST2/80 wt %
PS190 blend (fig 5.13) can be compared to the deformation of rubber modified thermoplastics
where the soft inclusions are dispersed in the thermoplast matrix. The effectiveness of rubber
toughening depends on the size, distribution and microstructures of the rubber particles
[1,103,105,106]. Toughening glassy thermoplastics by block copolymers have been studied by
Aggarwal and shown that block copolymer particles can act as good toughening agents if these
are able to undergo plastic deformation [62]. The toughening mechanism involves the initiation
and/or termination of fibrillated crazes in the thermoplast matrix by the soft block copolymer
particles.

Craze-like deformation zones are observed perpendicular to the principa stress direction. The
craze fibrils in the deformation zones are highly stretched, and have a thickness of 10-30 nm.
Since the block copolymer particles are softer than the polystyrene matrix, the stress
concentration occurs at equator of the particles [1,106]. The Y oung’'s modulus of PS matrix and
star block copolymer is 3300 MPa and 1205 MPa, respectively (table 5.3). This mismatch in
Young's modulus is large enough for the nucleation of crazes. The stress concentration may lead
to disentanglement of polystyrene chains between the PS matrix and the PS lamellae of the

copolymer particle resulting in the formation of voids at their equator. The formation of voids

takes place at the yield point, which is manifested as the stress whitening during tensile testing
[171].

Figure 5.13: HVEM images showing deformation of macrophase separated blend ST2/80 wt % PS190; strained
semi-thin sections ( ~ 500 nm thick), OsO, stained, deformation direction indicated by an arrow; (morphology of
undeformed samplein fig 5.7).

The effectiveness of block copolymer particles as toughening agent depends on the internal
morphology and size of the particles. The molecular parameters (like molecular weight and

architecture, i.e, AB or ABA type copolymer, with A as matrix component) may play an
-100-



important role in the toughening mechanism. It is desirable that the molecular weight of the end

blocks is greater than Me, so that a strong matrix/particle coupling is possible.
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Figure 5.14 Scheme showing deformation mechanisms observed in block copolymer/hPS blends.

The longest PS block of the copolymer has the molecular weight greater than Me which should
make it a good toughening agent. However, a debonding between the particles and the matrix is
observed which would be expected only for the polymers having a poor interfacial adhesion.

Due to stress concentration microvoids formation begins at the equatorial regions. In HIPS, the
whole particle morphology takes part in the deformation processes allowing a large plastic
deformation of particles as well as thermoplastic matrix. However, in ST2/80 wt % PS190 blend,

the particles consist of concentric arrangement of alternating glassy and rubbery layers.
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On application of externa stress, the stress field is built up in @l the directions such that yield
stress of soft particles is increased (e.g, up to crazing stress of PS or even more) which opposes
the plastic deformation. This favours, on the other hand, the fracture of glassy layers leading to
micro-crack formation and crack propagation. As a result, the stress level at the vicinity of the
equator of copolymer particles is drastically reduced and the lamellae undergo plastic drawing
(fig 5.13b).

Taking solubility parameter of used solvent toluene and the components of the block copolymer
(polystyrene and polybutadiene) into account® , one can easily predict that PS phase is slightly
more soluble in toluene than PB phase. Hence, allowing the solvent to evaporate from the
solution of the blend, PB phase would first shrink. Because the PS phase is till in the solution
phase when PB phase is already dried, the PS chains are more perturbed after complete solvent
evaporation. Especially, the boundary between the matrix and copolymer particles experiences
the largest stress because of presence of pure polystyrene matrix in the solution even after the
lamellae in the particles are partly solidified. This excess internal stress inside the copolymer
particles and between the matrix and particles would favour the propagation of microcrack along

the boundary of copolymer particles (fig 5.13a) or along a PS lamella.

5.3.2 Injection Moulded Blends

In contrast to homogeneous deformation of pure ST2, highly localised deformation zones are
noticed in injection moulded ST2/PS190 blends. Characteristic deformation structures observed
in these blends are shown in fig 5.15. At lower PS190 content (F psigo £ 40 wt %), craze-like
zones prevail while ‘kink bands'-like morphology is observed at higher PS190 content (F psi90
3 60 Wt %).

The deformation zones at lower PS content (e.g., 20 wt % PS190, fig 5.15a) are formed normal
to the strain direction which contain highly stretched lamellae and microvoids, and these
resemble the crazes frequently observed in thermoplastics and their rubber modified grades
[1,105,106]. Quantitative analysis shows that the lamellae in these deformation zones are
stretched up to few hundred percents (I > 3). Macroscopic strain of about 34% is contributed
alone by this deformation.

These crazes are, however, fundamentaly different from those observed in homopolymers and
rubber modified thermoplastics. The most striking difference is that the fibrils are often
separated by highly stretched rubbery domains in addition to the microvoids.

8 Since, tbs = 9.10 (cal/cm®), dbg = 8.40 (cal/cm®) and drjuene = 8.90 (cal/cm?), it follows that (ths -Org )* < (Cbg -
dro )? indicating that solubility of PSin tolueneis slightly is higher than that of PB (data from p. 68 of ref. [7]).
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The transition in deformation mechanism from h